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Foreword 

I am sometimes asked, when presenting a paper on “Recent advances in steel 
processing”, whether, after a century and a half of research on steels, there is any-
thing left to discover. “Hasn’t everything there is to know been determined by 
now?” they say. My usual answer is to quote Albert Einstein’s reply on such occa-
sions. This great scientist would simply say: “When the radius of knowledge ex-
pands, so does the circumference of ignorance”. In fact, because of the linear rela-
tionship between radius and circumference, he was actually understating the extent 
to which the boundary between the ‘known’ and the ‘unknown’ expands with the 
progress of science. Perhaps he should have used the radius of a sphere to typify 
what is known or even that of a 4- or 5-dimensional sphere! Then the area of the 
interface would have increased much more rapidly. 

This is made clearly evident when we turn to the papers presented at the Jam-
shedpur International Conference on Microstructure and Texture in Steels 2008 
(MATS2008).  

In this case, the twenty three invited papers and eleven contributory papers, 
which are collected in these proceedings, display an impressive depth and novelty 
that would have intrigued old Albert, if he could be with us. Although swords 
have been made for centuries, with age-old lore about effective quenching meth-
ods, we are still learning fascinating things about martensite, its properties, and 
how to produce it. When it comes to deformation, we have now entered into the 
realm of “severe plastic deformation”, and are uncovering hitherto unimagined 
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properties and characteristics of our strained samples. I wonder whether asymmet-
ric rolling will become a process that can be employed in industry. Similarly, are 
we likely to be able to develop practical and useful methods for making ultrafine 
grain steels?  

There is so much going on in the field of textures. Some of the remarkable ad-
vances in 3D x-ray diffraction have been described here. With the progress that 
continues to be made in the power and speed of computers, the simulations carried 
out using the methods of crystal plasticity are leading to greater and greater in-
sights into the behaviour of metals. The widespread availability of electron back-
scattered diffraction (EBSD) attachments in electron microscopes has taken 
metallography to previously unattainable new heights! We can now obtain simul-
taneous, detailed topological and crystallographic information and even perform in 
situ tests (both mechanical and thermal) in such equipment! Details of some of 
these approaches have been presented at this conference and are included in the 
proceedings. 

Part of the fascination of steel research lies in the complexities of the micro-
structures involved. In addition to austenite, ferrite and martensite, we must also 
be able to take into account effects arising from the presence of pearlite, bainite, 
various precipitates, inclusions, grain boundary segregants, and more recently, 
even twins! And then there are the nanocrystalline structures, which have distinct 
properties of their own. There is almost no limit to the number of microstructures 
we can study. 

Examination of the papers in this volume will convince even the sceptic that 
the radius of our sphere of knowledge has been considerably extended during the 
recent past and that, as a result, the interface with the unknown has been stretched 
even further. 

McGill University John J. Jonas
August 14, 2008 
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Preface 

This volume is a collection of papers presented at the International Conference in 
“Microstructure and Texture in Steels” held in Jamshedpur between 5–7th of Feb-
ruary 2008. 

Texture and microstructure, besides chemistry, are key factors that control 
properties of engineering materials. The design of any engineering product needs 
proper knowledge of these two parameters. Texture and Microstructure evolve 
during thermo-mechanical processing of materials. These processes constitute the 
most important steps in product fabrication schedule, especially for steels for 
automotive application. It is, therefore, quite natural that they should be the sub-
ject of intensive research. Hence the theme selected for this international confer-
ence was microstructure and texture in steels. This conference was organized 
jointly by R&D, Tata Steel and the Indian Institute of Metals, Jamashedpur Chap-
ter, on the occasion of centenary celebration of Tata Steel and 70 years of the 
company’s Research & Development Division. 

In recent times, the science of processing of steels has acquired new dimen-
sions. The quest for stronger and more formable steels has led to new approaches 
towards optimal design of material and components. Effect of steel processing on 
evolution of texture and microstructure are being studied with renewed interest. In 
particular, the advent of new techniques such as orientation imaging microscopy, 
local texture determination by synchrotron radiation and new approaches in mod-
elling and simulation of microstructure and texture have led to deeper understand-
ing of this subject. In this conference, each of these aspects was covered at length 
by experts in these fields. 

This conference also covered new developments such as production of ultra-
fine grains or nanostructured materials. Also covered was research on materials 
other than steels, as they highlighted the mechanisms and use of modern charac-
terisation tools.  

The contents of this volume have been structured to suit the convenience of the 
readers. Papers in the introductory section are on fundamentals of texture and 
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microstructure of steels. These also include emerging fields such as grain bound-
ary engineering. 

The second section deals with topics on applied research on microstructure and 
texture control in steels. This section includes bulk as well as surface characteris-
tics, such as coating and design of new steels for specialised applications and new 
concepts of microstructure design. 

The third section is dedicated to modelling of texture and microstructure. This 
is followed by a section on specialized characterisation techniques for microstruc-
ture and texture examination. 

The next section contains papers on special processes and materials. Some pa-
pers on the exotic materials like iron aluminium have also been included. 

In addition to the invited papers, this volume also includes papers contributed 
by research scholars from various countries. 

Since materials covered in the book are non-steel as well, the book has been 
named as ‘Texture and Microstructure of steels and other materials’. 

We hope that the reader will find in this collection an up-to-date account of cur-
rent issues, concepts, techniques and thoughts related to the science of texture and 
microstructure.  

We are indebted to all the speakers who had accepted our invitation and have 
taken the pain of traveling from different parts of the globe to attend and share 
their knowledge with us. We are thankful to the delegates as well as their spon-
soring organisations for showing their interest and to the sponsors of this con-
ference for encouraging the efforts. We are indeed grateful to the Indian Institute 
of Metals, for jointly organising this conference and to the publishers, Springer 
Link Pvt. Ltd., for kindly agreeing to publish the proceedings. Last but not the 
least, thanks to all those who worked in the background to make the conference a 
great success.  

The editors wish to thank the Management of Tata Steel for their encourage-
ment and support. 
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Chapter 1  
Transformation Textures Associated 
with Steel Processing 

John J. Jonas 

Abstract. The effects on texture formation of rolling above and below the Tnr 
(no-recrystallization temperature) are considered. Rolling above the Tnr leads to 
the appearance of the ‘cube’ component, while the absence of recrystallization 
accompanied by strain accumulation is responsible for the appearance of the fcc 
‘rolling fibre’. The latter consists of the Cu (copper), S, Br (brass) and Goss (as 
well as intermediate) components. On transformation, the cube is converted into 
the rotated cube, Goss, and rotated Goss. After lower temperature finishing, the 
Cu and Br are converted into the ‘transformed Cu’ and ‘transformed Br’, respec-
tively. Some attention is paid to the Kurdjumov-Sachs and Nishiyama-
Wassermann correspondence relations and the importance of variant selection 
(departure from these relations) is discussed. Finally, the effect of operating pa-
rameters such as cooling rate, grain size and solute level are also considered.  

1.1 Introduction 

The processing of steel involves five distinct sets of texture development mecha-
nisms: 

i) austenite (face-centered cubic, or fcc) deformation (during hot rolling); 
ii) austenite recrystallization (during and after hot rolling); 
iii) the gamma-to-alpha transformation (on cooling after rolling); 
iv) ferrite (body-centered cubic, or bcc) deformation (during warm or cold rolling); 

and 
v) static recrystallization during annealing after cold rolling. 

__________________________________ 

J.J. Jonas 
Materials Engineering, McGill University, 3610 University Street, Montreal, H3A 2B2, QC, Canada 
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This article focuses on items i), ii), and iii), i.e. on the factors that determine the 
hot band texture. 

The results obtained by various workers are presented here in the form of cross-
sections of Euler space, using the notation developed by Bunge [1]. Pole figures are 
only employed where they facilitate the understanding of the basic mechanisms 
involved. A three-dimensional view of the Euler space applicable to cubic materials 
subjected to plane strain (and which therefore possess orthorhombic symmetry) is 
displayed in Fig. 1.1, where the origins of the axes for the variables φ1, Ф, and φ2 
can be seen. This cube has dimensions of 90° by 90° by 90°. Of particular interest is 
the cross-section of this figure located at φ2 = 45° (containing an “H” with a vertical 
crossbar delineated in bold). Because of the importance of this cross-section in the 
interpretation of bcc (ferrite/bainite/martensite) textures, this section is presented in 
greater detail in Fig. 1.2 (a), where the most important ideal orientations associated 
with the plane-strain processing of such materials are identified. As discussed in 
greater detail below, both the deformation as well as the recrystallization compo-

 

Fig. 1.1 Three-dimensional view of Euler space (Bunge notation). The “horizontal H” lying in 
the φ2 = 45° cross section and which is of particular importance in the processing of steel is 
shown in bold. 
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nents are shown here. A similar diagram is reproduced in Fig. 1.2 (b) for the case of 
fcc processing, where once again both the deformation as well as the recrystalliza-
tion components are identified.  

The textures developed during rod and bar (long product) rolling, and during 
subsequent transformation, are not covered here; nevertheless, the principles and 
basic phenomena involved are similar. Returning to the plane strain deformation of 
steel, it should be pointed out that, despite the difference in temperature, the pre-
ferred orientations produced during hot rolling do not differ (except in minor de-
tails) from those observed after cold deformation. Similarly, the textures developed 
during the hot rolling of steel are similar to those observed after the plane strain 
rolling of fcc metals such as Al, Cu, Ni, Ag, Au, Pt, etc. The two hot rolling fcc 
“fibers” are illustrated in Fig. 1.3, where the “α” fiber can be seen to consist of all 
orientations lying between the Goss {110} < 001 > (φ1 = 0°, Ф = 45°, φ2 = 90°) and 
the brass or Br {110} < 112 > (φ1 = 35.3°, Ф = 45°, φ2 = 90°) and defined by < 110 > 
being parallel to the sheet plane normal.1  

                                                
1 Note that, because of the multiplicities inherent in Euler space, individual orientations appear 
two or three times in the 90° by 90° by 90° cube presented in Figs. 1.1 and 1.3. Thus the Goss 
component is shown as being located at (φ1 = 90°, Ф = 90°, φ2 = 45°) in Fig. 1.1, whereas it is 
illustrated as situated at (φ1 = 0°, Ф = 45°, φ2 = 90°) in Fig. 1.3. Similar remarks apply to the Cu, 
Br, and other components. These features of the geometry of Euler space are beyond the scope of 
the present brief survey. 

 

Fig. 1.2 Plan views of the φ2 = 45° section of Fig. 1.1 (a) The principal ideal orientations 
playing significant roles in the processing of bcc steel are shown. Rolling reinforces the rolling-
direction (RD) fiber (and to a lesser extent, the normal-direction, or ND fiber), while recrystalli-
zation reinforces the ND fiber. (b) Plan view of the φ2 = 45° section of Fig. 1.1. The principal 
ideal orientations that play significant roles during the processing of austenite (face-centered 
cubic, or fcc, steel) are shown. Rolling introduces the copper (Cu), brass (Br), and Goss, to-
gether with the S (not shown); recrystallization converts these into the cube. 
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Fig. 1.3 Three-dimensional 
view of the face-centered 
cubic (fcc) (austenite) rolling 
fiber, illustrating the main 
texture components. 
 

The second fiber, known as the β, consists of the copper or Cu {112} < 111 > 
(φ1 = 90°, Ф = 35.3°, φ2 = 45°), S {123} < 634 > (φ1 = 59.0°, Ф = 36.7°, φ2 = 63.4°), 
and brass or Br orientations, as well as all the intermediate components located on 
the fiber. During rolling, orientations that are initially distributed nearly randomly 
within the cube are gradually drawn into the “tube” that is shown. The extent to 
which grain orientations are concentrated within as opposed to outside the tube 
(and therefore the texture “intensity”) increases with the amount of rolling reduc-
tion. Following each rolling pass, the material may either recrystallize or the work 
hardening may be retained, leading to “strain” (stored-energy) accumulation. The 
former and latter events lead to the formation of the recrystallization and deforma-
tion textures, respectively, which are considered in more detail below. 

1.2 Hot Band Textures 

1.2.1 General Features 

The microstructural processes that control the five texture formation mecha-
nisms listed above are illustrated schematically in Fig. 1.4. Here it can be seen 
that, at temperatures above the Tnr (the “no-recrystallization temperature” identi-
fied as 950°C in the diagram), the deformed grains (containing fcc deformation 
textures) are regularly converted into equiaxed grains (containing the “cube” or 
fcc recrystallization texture, together with some of the retained rolling compo-
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nent). The intensity of the cube component generally increases (and that of the 
retained rolling component decreases) with the accumulated strain prior to re-
crystallization. The γ-to-α phase transformation takes place in the temperature 
range between the Ar3 (the “upper critical”) and Ar1 (the “lower critical”). Its 
effect on the texture is considered in detail below. The Tnr in Fig. 1.4 refers to 
a microalloyed steel containing niobium and can be as high as 1000°C, depend-
ing on the alloy composition. The retardation of recrystallization between roll-
ing passes can also be caused by solute elements such as chromium, nickel, 
molybdenum, and even manganese, but to a lesser degree, and depends on the 
length of the interpass interval. When it comes to plain carbon steels, the Tnr 
drops down to about 900°C. As a result, in the latter materials, the austenite  
is generally recrystallized prior to transformation. Nevertheless, even plain car-
bon steels can contain some of the retained rolling fiber prior to transformation 
and therefore the transformed copper and transformed Br components after 
transformation, particularly when finish rolling is completed at sufficiently low 
temperatures. 

 

 

Fig. 1.4 The three stages of controlled rolling and of the associated changes in microstructure. 
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1.2.2 Effects of Austenite Rolling and Recrystallization 
on the Texture 

The austenite hot-rolling texture has already been illustrated in Fig. 1.3, and  
three of the main components (the Cu, Br, and Goss) have been identified in 
Fig. 1.2 (b). (Note that the S component is located outside this plane of section, as 
are all the intermediate orientations belonging to the β fiber, such as the Cu/S and 
S/Br that lie between the Cu and Br.) Once recrystallization takes place, the rolling 
components are largely replaced by the recrystallization or cube component, 
which is identified as the {001} < 010 > in Fig. 1.2 (b). The physical mechanisms 
involved in the formation of the cube texture are discussed in Ref. 2 and are also 
reviewed briefly below. If a pole figure or Euler diagram contains both the cube as 
well as the rolling components (i.e., the Cu, S, Br, and Goss), this either indicates 
that only partial recrystallization took place or that only moderate reductions were 
applied to the material between cycles of recrystallization.  

1.3 The Bain, Kurdjumov-Sachs, and Nishiyama-Wassermann 
Correspondence Relationships 

Before considering the details of the transformation of recrystallized or alterna-
tively unrecrystallized (i.e., deformed) austenite, it is useful to review the so-called 
“correspondence relationships” briefly. The three most commonly considered are 
the Bain, Kurdjumov-Sachs (K-S), and Nishiyama-Wassermann (N-W). These are 
illustrated in Fig. 1.5 [3]. For further information regarding this topic, the reader is 
referred to Ref. 4 and 5. From Fig. 1.5, it can be seen that an austenite grain obey-
ing the Bain transformation relationship will be ‘rotated’ by 45° around each of 
the three < 100 > axes in turn, leading to the three alternate bcc “variants”. That is, 
99 γ grains can be expected to transform into 33 of each of the three variants with 
equal probability. Here the correspondence relations state that {001}γ║{001}α and 
that < 100 >γ║< 110 >α.  

This “transformation” is essentially never observed and is only useful as an ap-
proximation and a point of reference. The K-S relations (Fig. 1.5 (a)) correspond 
to “rotations” of 90° about each of the 24 < 112 > axes in turn, leading to 24 vari-
ants in this case (instead of 3). (The reader should note that no physical rotations 
are involved here; it is the unit cells of the two phases that are related in this way 
as a result of very minor atomic movements.) Similar remarks apply to the Bain 
and N-W “rotations”. Here the correspondence relations are the following: 
{111}γ║{110}α and < 011 >γ ║ < 111 >α (Fig. 1.5 (b)). By inspection of Fig. 1.5, it 
can be seen that each Bain variant is surrounded by eight K-S variants as well as 
by four N-W variants. In this way, given the dispersions about ideal orientations in 
actual samples, a Bain “variant” is a reasonable approximation of the physical 
effects taking place within materials obeying the K-S relationship. 
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Similar remarks apply to the N-W correspondence relations. In this case, the 
plane correspondence condition is the same: {111}γ║{110}α and only the direc-
tion condition is different:< 112 >γ║ < 110 >α: When the N-W relations are 
obeyed, there are only 12 variants, each of which is located exactly midway be-
tween two particular K-S variants. Again, the three Bain orientations provide 
good “averages” or approximate representations of the effects of the N-W trans-
formation and are useful for this purpose, even if they do not represent actual 
physical events. Further information concerning this description of the transfor-
mation is provided in [6].  

Recent work [7–9] indicates that both the K-S and the N-W relations are fol-
lowed in industrial as well as model materials. Moreover, there is a continuous 
spread of orientations running from the exact K-S to the exact N-W position. 
These observations have been obtained from detailed orientation imaging micros-
copy (OIM) (electron backscattering diffraction, or EBSD) studies [7, 9], as well 
as by using other techniques, such as synchrotron radiation [8]. What they indicate 
is that the plane relation {111}γ║{110}α is universally respected, while there is 
considerable flexibility regarding the direction condition. One explanation of this 
observation has been proposed by Nagano and Enomoto [10], who used a molecu-
lar dynamics model to show that the energy of the γ/α boundary depends critically 
on the plane of the interface. In most cases, the K-S relation provides the lowest 
energy, while for other orientations of this plane, it is the N-W. Still another ex-
planation relies on the presence and influence of both perfect and partial disloca-
tions [11]. This interpretation is described in more detail below. 

 

Fig. 1.5 Schematic (002) pole figures of all variants of bcc α phase formed from (001) [100] 
oriented fcc γ crystal following, respectively, the Bain and K-S relationships and the Bain and 
N-W relationships. 
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So far, it has been assumed that all 24 K-S or all 12 N-W variants have an equal 
probability of being observed. While this is generally valid when recrystallized 
materials are being transformed, it does not apply to deformed (i.e., unrecrystal-
lized) steels. The effects and importance of variant selection are considered below 
after an examination of the behavior of recrystallized austenite. 

1.4 Transformation Behavior of Recrystallized Austenite 

As indicated in Fig. 1.2 (b), the principal component present in recrystallized fcc 
materials, such as austenite, is the cube or {001} < 010 > orientation. During trans-
formation, although in fact 24 K-S (or 12 N-W) products are expected to be 
formed, their locations can be readily represented by their “averages”, that is, by 
the three Bain products of the cube parent. Given that 45°< 100 > rotations are 
involved, inspection of Fig. 1.5 indicates that these are the Goss {110} < 001 >, the 
rotated Goss {110} < 110 > and the rotated cube {001} < 110 >. Thus, the presence 
of the first two of these orientations in transformed steels (i.e., in ferrite or bainite) 
is a sign that the austenite was recrystallized prior to transformation. As the ro-
tated cube can also be formed from the Br (i.e., from deformed austenite), see 
below, its presence is not an infallible sign of prior austenite recrystallization. 
A schematic illustration of this pattern of events is provided in Fig. 1.6, in which 
the cube can be seen at the center-top of the diagram. After transformation, it is 
replaced by the Goss (lower right-hand or RH corner), rotated Goss (lower left-
hand or LH corner) and the rotated cube (upper LH and RH corners). Note that 

 

Fig. 1.6 φ2 = 45° section of Euler space showing the bcc texture components formed from the 
fcc cube component. 
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because of the multiplicities inherent in Euler space referred to previously, the 
rotated cube appear twice in this diagram. Because the cube is replaced by three 
components, the intensity of each is about one-third that of the original cube. This 
is a general feature of transformation textures, in that product textures are usually 
much less intense than parent textures. 

1.5 Transformation Behavior of Deformed Austenite 

The transformation behavior of deformed austenite is considerably more complex 
for two reasons. One is that many more parent orientations (all those of Fig. 1.3) 
are present than the single cube considered previously. Each of these can be ex-
pected to be responsible for a number of products. The other is the occurrence of 
variant selection, which is discussed below. Because of these complications, it has 
been a considerable challenge to unravel the physical events occurring during the 
transformation and therefore to predict the texture of such materials in a reliable 
way. The principal features of the texture changes taking place during transforma-
tion are summarized in Fig. 1.7. Here, the dominant Cu, Br, and Goss components 
of the parent rolling texture can be readily identified in the φ2 = 45° cross-section. 
The components between Cu and Br, including the S, cannot be seen in this sec-
tion as they are out of the plane of the diagram. The figure shows how the Cu is 
replaced by what is known as the “transformed Cu” or {113} < 110 > to 
{112} < 110 > on the LH side of the diagram. The Br transforms into the following 
components, which are also identified in the illustration: the “transformed Br” or 
{554} < 255 > to {332} < 113 > on the RH side, the rotated cube or {001} < 110 > 

 

Fig. 1.7 φ2 = 45° section of Euler space showing (a) two of the face-centered cubic (fcc) rolling 
texture components (copper, or Cu, and brass, or Br) and (b) the body-centered cubic (bcc) 
components formed from the Cu and Br. 
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at the top LH and RH corners, and a further variant, located approximately at 
{112} < 131 >. The numerous products resulting from the transformation of the 
Goss and S components are not shown here for simplicity; however, these lie 
between the Cu and Br products, as discussed below in more detail. 

The transformed Cu and transformed Br orientations are shown again in Fig. 1.8, 
where they are compared with an industrial transformation texture pertaining to 
a niobium-titanium microalloyed interstitial-free (IF) steel. The experimental “trans-
formation fiber” can be seen to run from the ideal transformed Cu position on the LH 
side to the ideal transformed Br location  on the RH side. The intermediate positions 
along this fiber consist of the transformed Goss and transformed S product compo-
nents referred to previously. Worthy of note in this diagram is the absence of any 
significant intensity near the cube {001} < 010 > and rotated Goss {110} < 110 > 
positions. These would normally be expected to be present according to the K-S and 
N-W relationships, if all 24 and all 12 products, respectively, were being formed. 
Their absence introduces the topic of variant selection, described next. 

1.6 Variant Selection  

If all 24 K-S (and all 12 N-W) variants were to appear after transformation then 
the product orientations would be fairly widely distributed in Euler space and the 
texture that forms would be relatively homogeneous; that is, no sharp intensities 
would be observed. However, such is not the case, and numerous workers have 

 

Fig. 1.8 Transformation texture (φ2 = 45° section) of a 0.02%Nb-0.02%Ti interstitial-free steel 
hot rolled to 90% reduction and finish rolled at 820°C (1510°F); maximum intensity = 7.6. 
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studied the features and causes of variant selection (Ref. 4). For the present pur-
pose, it is sufficient to recognize that only about one-third to one-half of the “ex-
pected” products are actually observed, so that the transformation produces less 
“randomization” of the texture (and therefore less of an intensity decrease) than 
predicted from a strict application of the K-S and N-W correspondence relations. 

This effect has been attributed to the presence of dislocations in the deformed 
material, which assist in producing the shear that must accompany the transforma-
tion [12]. Each type of slip dislocation (i.e., each Burgers vector produced by the 
prior deformation) is responsible for a particular variant. In addition, there is evi-
dence for the occurrence of reactions between coplanar glide dislocations [13]. 
These “product” dislocations can also be responsible for the appearance of vari-
ants. It has been shown that the rotation axis linking the parent and product crys-
tals in the K-S relation is given by the cross product of the respective Burgers 
vector and the {111} slip plane normal [12, 13]. The above description linking the 
appearance of individual K-S variants to the presence of particular perfect disloca-
tions has its counterpart in the link between individual N-W variants and the pres-
ence of particular partial dislocations [11]. The K-S correspondence relations (see 
above) are based on terms of the following general form: {111} < 110 >γ ║ to …, 
where the indices not only refer to particular fcc planes and close-packed direc-
tions, but to specific Burgers vectors lying on specific slip planes. In the N-W case 
(see above), the general form is: {111} < 112 >γ ║ to …, where the various < 112 > 
indices refer to the Burgers vectors of specific partial dislocations. 

An attractive feature of this model is that it can account for differences in the 
volume fractions of the K-S and N-W components in materials of different stack-
ing-fault energies. It has also been shown to provide a physical explanation for the 
presence of some hitherto unexpected transformation variants [11]. When the cool-
ing rate and hardenability are high enough to permit bainite and/or martensite to 
form, variant selection generally takes place and is even accentuated. Nevertheless, 
the general features of transformation textures are similar, as shown in Fig. 1.9, in 

 

Fig. 1.9 φ2 = 45° sections of controlled-rolled steels containing the following transformation 
products. (a) Polygonal ferrite-pearlite, (b) Acicular ferrite, (c) Martensite. 
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which the textures associated with polygonal ferrite, acicular ferrite (bainite), and 
martensite are displayed [14]. Here it is readily evident that the highest intensities 
in each case are situated at the “transformed Cu” and “transformed Br” locations 
and that the “transformation fiber” links these two ideal orientations. Furthermore, 
the rotated Goss and cube orientations that are expected in the absence of variant 
selection are absent. It is also of interest that the K-S and N-W relations are of 
much less importance with respect to ferrite formation than transformation into 
bainite or martensite. 

1.7 Overall Summary of the Rolling 
and Transformation Behavior 

The various observations summarized above and presented in more detail in the 
literature are collected for easy reference in Fig. 1.10. In this diagram, it can be 
seen that the Br component (No. 1) is converted into the {332} < 113 > and then 
progressively into the {554} < 225 > as the finishing temperature is decreased. It is 
also sharpened by the addition of substitutional solutes to the steel [15], see 
Fig. 1.11, which may be a stacking fault energy effect. Similar trends can be at-
tributed to decreasing the grain size [16] (decreasing the reheat temperature), see 
Fig. 1.12, and to increasing the cooling rate [14]. With regard to the Cu (No. 2, 
Fig. 1.10), it transforms into the {113} < 110 >, a product that moves toward the 
{112} < 110 > and then the {223} < 110 > as the finishing temperature is decreased 
[4, 5]. For reasons that are not yet known, the intensity of the transformed Cu 
component is relatively insensitive to the grain size, cooling rate, and presence of 
substitutional solutes. 

 

Fig. 1.10 The effect of compositional and processing variables on the two major components of 
the transformation texture in steel. 
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Fig. 1.11 φ2 = 45° sections representing transformation textures in steels of basic composition 
0.1%C-0.4% Si-0.05% Nb as a function of manganese content. (a) 1.28% Mn, (b) 1.78% Mn,  
(c) 2.06% Mn, (d) 2.48% Mn. 
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Fig. 1.12 φ2 = 45° sections of a niobium-vanadium microalloyed steel that was quenched after 
controlled rolling from soaking temperatures of (a) 1250°C (2280°F) and (b) 1050°C (1920°F).
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Chapter 2  
Mathematics of Crystallographic Texture 
in Martensitic and Related Transformations 

H.K.D.H. Bhadeshia, S. Kundu, and H. Abreu 

Abstract. This paper is an introduction to the mathematical estimation of the crys-
tallographic texture and microstructure resulting from the displacive transformation 
of austenite in steels, under the influence of an externally applied system of stresses. 
It begins with an introduction to the problem, a description of the phenomenological 
theory of martensite crystallography, and the application of this theory along with a 
variant selection criterion to determine the texture due to solid-state, displacive 
transformation. It is demonstrated that there remain difficulties which make a com-
plete closure between theory and experiment unlikely. Progress is needed in relating 
the chemical and mechanical driving forces for phase transformation to the evolution 
of overall volume fractions of different crystallographic variants. 

2.1 Introduction 

In general usage the term texture refers to the feel of a material or object, due to 
some sort of a pattern within the material. Crystallographic texture is said to exist 
in a polycrystalline material when the distribution of crystal orientations is not 
random relative to some frame of reference. An understanding of texture can help 
relate single-crystal properties to those of aggregates of crystals [1, 2]. The texture 
can also be used to engineer the properties of grain boundaries to optimise them 
for corrosion resistance, magnetic anisotropy etc. 
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In a displacive transformation, the crystal structure of the parent is deformed into 
that of the product without the need for any diffusion. Since this involves the co-
ordinated motion of atoms, the product phase is confined within the boundaries of the 
original austenite grain in which it nucleated; there is always therefore a fixed orien-
tation relationship between the parent and the product phases. In this simplified sce-
nario, it becomes possible in principle to rigorously calculate the transformation 
texture. To do this requires an understanding of the classical theory of martensite 
crystallography [3, 4]. We begin therefore with an introduction to this theory. 

2.2 Crystallographic Theory of Martensite 

2.2.1 Structure of the Interface 

Any process which contributes to the formation of martensite cannot rely on assistan-
ce from thermal activation. There must therefore exist a high level of continuity 
across the interface, which must either be coherent or semi-coherent. A stress-free 
fully coherent interface is impossible for the austenite (γ) to martensite (α’) transfor-
mation since the lattice deformation BR is an invariant-line strain. The semi-coherent 
interface must be such that the interfacial dislocations can glide as the interface moves 
(climb is not permitted). It follows that the Burgers vectors of the interface disloca-
tions must not lie in the interface plane unless the dislocations are screw in character. 

There is an additional condition for a semi-coherent interface to be glissile. The 
line vectors of the interfacial dislocations must lie along an invariant-line, i.e.,  
a line which joins the parent and product crystals without any rotation or distor-
tion. Why is that? If there is any distortion along the dislocation line, then other 
dislocations are needed to accommodate that misfit. It will then be necessary to 
have more than one set of non-parallel dislocations in the interface. These non-
parallel dislocations can intersect to form jogs which render the interface sessile. 

It follows that for martensitic transformation to be possible, the deformation 
which changes the parent into the product must leave one or more lines invariant 
(unrotated, undistorted). A deformation which leaves one line invariant is called 
an invariant-line strain. 

2.2.2 The Shape Deformation 

The passage of a slip dislocation through a crystal causes the formation of a step 
where the glide plane intersects the free surface (Fig. 2.1 (a),(b)). The passage of 
many such dislocations on parallel slip planes causes macroscopic shear 
(Fig. 2.1 (c), (d)). Slip causes a change in shape but not a change in the crystal 
structure, because the Burgers vectors of the dislocations are also lattice vectors. 
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During martensitic transformation, the pattern in which the atoms in the par-
ent crystal are arranged is deformed into that appropriate for martensite, there 
must be a corresponding change in the macroscopic shape of the crystal undergo-
ing transformation. The dislocations responsible for the deformation are in the 
α’/γ interface, with Burgers vectors such that in addition to deformation they 
also cause the change in crystal structure. The deformation is such that an ini-
tially flat surface becomes uniformly tilted about the line formed by the intersec-
tion of the interface plane with the free surface. Any scratch traversing the trans-
formed region is similarly deflected though the scratch remains connected at the 
α’/γ interface. These observations, and others, confirm that the measured shape 
deformation is an invariant-plane strain (Fig. 2.1 (e)–(g)) with a large shear com-
ponent (≈ 0.22) and a small dilatational strain (≈ 0.03) directed normal to the 
habit plane. 

2.2.3 The Bain Strain 

Consider the displacive transformation of austenite (cubic-close packed crystal struc-
ture) to martensite (body-centred cubic or body-centred tetragonal). The change in 

 

Fig. 2.1 (a, b) Step caused by the passage of a slip dislocation. (c, d) Many slip dislocations, 
causing a macroscopic shear. (e) An invariant-plane strain with a uniaxial dilatation. (f) An 
invariant-plane strain which is a simple shear. (g) An invariant-plane strain which is the com-
bined effect of a uniaxial dilatation and a simple shear. 
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crystal structure is achieved by a homogeneous deformation known as the Bain strain 
B, which although proposed in 1924 [5] has stood the test of time as the pure deforma-
tion which achieves the desired change with the smallest strains [6]. The diagonal 
terms of the 3 × 3 matrix B are given by aα’/aγ, √2aα’/aγ and √2aα’/aγ, whereas the re-
maining terms are zero when B is defined relative to the principal axes. aα’ and aγ are 
the lattice parameters of martensite and austenite, respectively. The Bain correspon-
dence is illustrated in Fig. 2.2 and implies the orientation relationship: 

 [0 0 1]γ ⏐⏐ [0 0 1]α’ 

 [1–1 0]γ ⏐⏐ 1 0 0]α’ 

 [1 1 0]γ ⏐⏐ 0 1 0]α’ 

This orientation is not observed experimentally because the strain energy asso-
ciated with B would be too large, several kJ mol–1 [7], which is far in excess of the 
chemical driving force for transformation [8]. 

Furthermore, the Bain strain does not satisfy the minimum requirement of 
martensitic transformation, that the deformation must leave one line invariant in 
order to ensure sufficient coherency in the γ/α’ interface to enable it to move with-
out diffusion [3, 4, 9–11]. This can be seen in Figs. 2.3 (a), (b); the austenite is 
represented as a sphere which, as a result of the Bain strain B, is deformed into an 
ellipsoid of revolution which represents the martensite. There are no lines which 
are left undistorted or unrotated by B. There are no lines in the (0 0 1)γ plane 
which are undistorted. The lines ab and cd are undistorted but are rotated to the 
new positions a'b' and c'd'. Such rotated lines are not invariant. However, the 
combined effect of the Bain strain B and the rigid body rotation R is indeed an 
invariant-line strain (ILS) because it brings cd and c'd' into coincidence 
(Fig. 2.3 (c)). This is the reason why the observed irrational orientation relation-
ship differs from that implied by the Bain strain. Indeed, the rotation required to 
convert B into an invariant line strain precisely corrects the Bain orientation into 
that which is observed experimentally.  

It is now possible to reach some conclusions regarding orientation relationships 
in relation to transformation textures, whether these are for displacive or recon-
structive phase change [12, 13]. 

Fig. 2.2 Two face-centred cubic unit cells  
of austenite, together with a body-centred 
tetragonal cell of austenite. The Bain strain 
(not illustrated here) involves a compression 
of the body-centred tetragonal cell of austenite 
along z and a uniform expansion on the 
x-y plane. 
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• The Bain orientation relationship does not exist. It is not appropriate to use this 
in calculating transformation texture. Any favourable conclusions reached based 
on the Bain orientation [14, 15] must be regarded as fortuitous (Hutchinson 
2005). 

• The Bain deformation is an incomplete description of the transformation strain 
and hence should not form the basis for variant selection [16]. 

As stated above, the combination BR predicts the exact orientation relationship 
which is irrational. However, it is often assumed in texture analysis that the orien-
tation relationship between the austenite and martensite is that due to Kurdjumov-
Sachs (KS) or Nishiyama-Wasserman (NW) [13, 17–19], but it has been known 
for some time that the true relation must be irrational [3, 4, 9, 11]. Although the 
difference between this irrational and assumed orientation may seem less than a 
few degrees, it is vital because the assumed orientations do not in general lead to 
an invariant-line between the parent and product lattices. The existence of an in-
variant line is an essential requirement for martensitic transformation to occur. It is 
not surprising therefore, that Nolze [20] in his experimental study of several hun-
dred thousand γ/α’ orientation relations, found detailed deviations from assumed 
Kurdjumov-Sachs etc. orientations.  

Much is often made of the fact that there are 24 variants of KS and only 12 of 
NW. However, if the actual irrational orientation is used then there will always be 
24 variants.  

2.2.4 Phenomenological Solution 

We have seen that there is no rotation which can make B into an invariant-plane 
strain since this would require two non-parallel invariant-lines. It follows that 
austenite cannot be transformed into martensite by a homogeneous strain which is 

 

Fig. 2.3 (a) and (b) show the effect of the Bain strain on austenite, which when undeformed is 
represented as a sphere in three-dimensions. The strain transforms it to an ellipsoid of revolution. 
(c) shows the ILS obtained by combining the Bain strain with a rigid body rotation through an 
angle θ. 
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an IPS. And yet, the observed shape deformation leaves the habit plane undis-
torted and unrotated, i.e., it is an invariant-plane strain.  

The phenomenological theory of martensite crystallography solves this remain-
ing problem (Fig. 2.4). The Bain strain converts the structure of the parent phase 
into that of the product phase. When combined with an appropriate rigid body 
rotation, the net homogeneous lattice deformation RB is an invariant-line strain 
(step a to c in Fig. 2.4). However, the observed shape deformation is an invariant-
plane strain P1 (step a to b in Fig. 2.4), but this gives the wrong crystal structure. If 
a second homogeneous shear P2 is combined with P1 (step b to c), then the correct 
structure is obtained but the wrong shape since  

 P1 P2 = RB 

These discrepancies are all resolved if the shape changing effect of P2 is can-
celled macroscopically by an inhomogeneous lattice-invariant deformation, which 
may be slip or twinning as illustrated in Fig. 2.4.  

The theory explains all the observed features of the martensite crystallography. 
The orientation relationship is predicted by deducing the rotation needed to change 
the Bain strain into an invariant-line strain. The habit plane does not have rational 
indices because the amount of lattice-invariant deformation needed to recover the 
correct the macroscopic shape is not usually rational. The theory predicts a sub-

 

Fig. 2.4 The phenomenological theory of martensite crystallography. 
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structure in plates of martensite (either twins or slip steps) as is observed experi-
mentally. The transformation goes to all the trouble of ensuring that the shape 
deformation is macroscopically an invariant-plane strain because this reduces the 
strain energy when compared with the case where the shape deformation might be 
an invariant-line strain.  

2.2.5 The Crystallographic Set 

In order to understand how to used the crystallographic theory of martensite in 
estimating texture, it is important to realise that the transformation is dominated by 
strain energy due to the shape deformation and hence many of the crystallographic 
variables cannot be varied independently. Figure 2.5 illustrates two crystals sepa-
rated by an interface. The relative orientation of the two crystals can be described 
in terms of an axis-angle pair so that there are three degrees of freedom associated 
with the orientation relationship. One of these is the right-handed angle of rotation 
and the other two are independent direction cosines of the rotation axis. The inter-
face plane, which is identified by its normal, itself can be varied whilst keeping 
the orientation relationship fixed. This adds another two degrees of freedom, mak-
ing a total of five independent ways in which the properties of the bicrystal can be 
varied.  

This conventional description of the degrees of freedom is severely constrained 
in the case of displacive transformations where the orientation relationship, inter-
face plane (habit plane), lattice-invariant deformation and shape deformation are 
mathematically connected by the single equation of the crystallographic theory. 
Changing any one of these necessarily alters all the others in this crystallographic 
set, an example of which is given in Fig. 2.6. It is not rigourous to assign an orien-
tation and then use independent data for the shape deformation, as is sometimes 
done [12, 19, 21]. Similarly, the use of shears which are consistent with an assumed 
orientation relationship but not with the habit plane [22] contradicts the need for 
a self-consistent mathematical set. In recent work it has been incorrectly proposed 

Fig. 2.5 The conventional degrees of freedom 
associated with a bicrystal containing an inter-
face. Translations in the plane of the interface 
are neglected here. 
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that the amount of lattice-invariant shear (in the form of twin fraction) can be in-
dependently varied while keeping all the other characteristics constant [23]. 

2.3 Variant Selection 

Displacive transformations are best regarded as deformation mechanisms which at 
the same time alter the crystal structure. The variant selection problem then re-
duces to issues similar to the selection of slip systems out of all the possibilities 
available during single-crystal deformation [1]. A slip system consists of a slip 
plane and slip direction, for example, (1 1 1)[1 0 –1] is one of 12 crystallographi-
cally equivalent systems in austenite. An applied stress is resolved on to each of 
the slip systems, and that which has the highest resolved shear stress is said to be 
activated.  

By analogy, the deformation due to martensitic transformation occurs on the 
habit plane (unit normal p) in a displacement direction (unit vector d). The latter 
will not lie precisely in the habit plane because the dilatational strain due to the 
volume change of transformation is directed normal to the habit plane. The domi-

 

Fig. 2.6 An example of a complete crystallographic set describing a single plate of martensite, 
including the habit plane, the shape deformation and the orientation relationship (and implicitly 
the lattice-invariant deformation). All of these quantities are mathematically connected and 
cannot in general be varied independently. 
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nating strain is the shear parallel to the habit plane at about 0.26. The total defor-
mation is expressed as a 3 × 3 matrix P: 
 (γ P γ) = I + m[γ;d](p;γ*) 
where m is the magnitude of the shape deformation and γ and γ* represent the real 
and reciprocal bases of the austenite. P thus completely defines the deformation 
system, and there will in general be 24 different variants. 

The shape deformation P is an invariant-plane strain and is the experimentally 
observed permanent shape change caused when martensite forms.  

When calculating the favoured system during slip deformation, it is the macro-
scopic shear on the slip plane and slip direction which determines selection 
through interaction with the applied stress. The detailed atomic motions (e.g. in 
surmounting Peierls barriers) or microscopic heterogeneities (due to the discrete 
nature of atoms) are irrelevant in the selection of the system. In a similar way, it is 
the interaction of the applied stress with P which determines variant selection.  
B and R or other factorisations of the shape deformation are incomplete descrip-
tions of the relevant strain. The interaction energy which provides the mechanical 
driving force for transformation [24]: 
 U = σN δ + τ s 
where σN is the stress component normal to the habit plane, τ is the shear stress 
resolved on the habit plane in the direction of shear. δ and s are the respective 
normal and shear strains associated with transformation. The energy U can be used 
as a rigourous variant selection criterion when the stresses applied are less than 
those required to cause plasticity in the austenite prior to its transformation or 
when the plastic strain is not the dominant effect in variant selection [25]. 

The conclusions that can be reached from the discussion in this section are: 
• In calculating transformation texture is is necessary to use a a self-consistent 

crystallographic set, rather than make independent assumptions about the orien-
tation relationship and shape deformation as is sometimes done. The set must 
be such that the lattice deformation BR is an invariant-line strain; the analysis 
in [21] does not satisfy this criterion.  

• The deformation due to martensitic transformation is an invariant-plane strain 
P. It is this which should be used to calculate the interaction energy (variant se-
lection) rather than, for example, the Bain strain [26].  
The Patel and Cohen derivation of the interaction energy U can be generalised to 

an arbitrary stress tensor as follows [27]. Assuming that the summation convention 
applies, 
 σN = (σij pi pj) p 

 τ  = (σt – σN). e = σij pj ei 

 U = [δσij pi pj + sσij ei pj] = σij pj [δpi + sei] 

 = σij pj mdi 

 ≡ σij εij  
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where σt is the traction on the plane defined by the unit habit plane normal p 
(components p1, p2, p3), and e (components e1, e2, e3), is the unit direction on the 
habit plane along which the shear component of the shape deformation is directed; 
εij is 

 
Ρ + Ρε = − Ιij

'( ) ( )
2

γ γ γ γ
 

As with Patel and Cohen, these equation recognise the fact that the transforma-
tion strain is plastic. 

2.4 Transformation Plasticity 

Consider an arbitrary vector u traversing a grain of austenite prior to transforma-
tion. This vector makes an intercept Δu with a domain of austenite that eventually 
ends up as a plate of the displacive transformation product. It follows that the new 
vector v is given by: 

 v = P Δu + (u – Δu) 

This is generalised for a large number of plates in many austenite grains as fol-
lows: 

 
= = = =

= Δ + − Δ∑ ∑ ∑ ∑
n n

k k k
j j j

k j k j

24 24

1 1 1 1

( )v P u u u  

where j = 1 … 24 represents the 24 crystallographic variants possible in each 
austenite grain, and k = 1 … n represents the n austenite grains traversed by the 

 

Fig. 2.7 (a) Transformation strain along the sample axes when a polycrystalline sample is 
subjected to pure shear; (b) much small strains when subjected to hydrostatic compression. After 
Kundu et al. [25]. 



2 Mathematics of Crystallographic Texture in Martensitic and Related Transformations 29 

vector u. In this scenario of a large number of plates, the various intercepts can be 
approximated by fj

ku where fj
k is the fraction of sample transformed by variant j in 

austenite grain k. 
The deformation caused by a particular plate j in austenite grain k, i.e., 

(γk Pj γk) ≡ Pj
k. The remaining 23 such matrices for grain 1 of austenite can be 

deduced using symmetry operations and expressed in the reference frame of the 
sample using a similarity transformation. 

Some calculations illustrating the anisotropy of strains as a function of the 
number of crystallographic variants of martensite allowed are illustrated in 
Fig. 2.7 for uniaxial tension and compression. That displacive transformations 
produce highly anisotropic strains when variant selection is significant has been 
demonstrated experimentally [28–30]. 

An important outcome of the fact that transformation strains can be calculated 
using the crystallographic set of martensite is that such strains can be exploited as 
an alternative or supplemental method of assessing texture.  

2.5 The Intensity of the Texture 

The analysis of texture as described above and in the published literature, leaves 
open the question of the degree of variant selection as a function of the magnitude 
of the applied stress.  

The total free energy available for transformation is the sum of chemical and 
mechanical components, the latter being zero in the absence of an applied stress 
during transformation [28]: 

 ΔG = ΔGCHEM + ΔGMECH 

where ΔGMECH ≡ U.  
It would be reasonable to assume that there is strong variant selection when the 

ratio of ΔGMECH/ΔG is large [29]. This turns out to be the case as illustrated in 
Fig. 2.8. There is a strong, albeit empirical, linear correlation between the ratio 
ΔGMECH/ΔG and the number of most favoured variants allowed to form in each of 
the austenite grains [25]. This is an important observation in that it allows the 
extent of variant selection, and hence the transformation strains to be calculated  
as a function of stress for any steel as long as the thermodynamic quantities can be 
estimated. Nevertheless, this clearly is an area where progress is needed from  
a fundamental point of view.  

An additional point to emerge from this analysis is the way in which the energy 
U is calculated. Most publications treat the problem using elasticity but the strain 
due to transformation is plastic so the elastic calculations underestimate U by  
a factor of 2. This is important when calculating the ratio of mechanical to total 
driving force [27]. 
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Fig. 2.8 The ratio of the mechanical to total driving force for transformation as a function of 
the number of active variants for a variety of steels [25]. 

2.6 Summary 

We have seen that there are significant advantages in dealing with the crystallo-
graphic texture due to displacive transformations using the crystallographic theory 
of martensite along with a variant selection criterion based on the classical interac-
tion of stress with the shape deformation. The calculation of texture at the same 
time leads to the estimation of the net transformation strain in any direction. This 
strain may be highly anisotropic depending both on the strength of the texture of 
the parent austenite and of the extent of variant selection. The latter in turn de-
pends on the ratio of the mechanical driving force to the total driving force for 
transformation. Variant selection is minimised when the chemical driving force 
dominates the total. Further work is needed to develop a quantitative understand-
ing of the intensity of the transformation texture as a function of the variant selec-
tion criterion. 
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Chapter 3  
Structure and Strength of IF Steel 
After Large Strain Deformation 

Niels Hansen, Xiaoxu Huang, and Naoya Kamikawa 

Abstract. Interstitial free (IF) steel with an ultrafine microstructure has been 
produced by three different routes: (i) cold rolling, (ii) accumulative roll-bonding 
(ARB) and (iii) martensitic transformation followed by cold rolling. The micro-
structure refines with increasing strain without saturation to a value of about 
100 nm at an equivalent strain (εVM) of 8, which is the maximum strain investi-
gated. At all strains a microscopic analysis by transmission electron microscopy 
(TEM) and electron backscatter diffraction (EBSD) shows that the microstructure 
is subdivided by dislocation boundaries and high-angle boundaries. For both cold 
rolled samples and ARB samples the flow stress increases as the boundary spacing 
decreases. For the finest structures this leads to a flow stress at room temperature 
in the range 900–1000 MPa. Finally structure-property relationships are discussed 
especially the effect of post-processing treatments by annealing and by low strain 
deformation.  

3.1 Introduction 

The finer the structure the stronger the metal is a guiding principle for material 
scientists and technologists. This principle is the basis for the current interest in 
new and advanced materials with fine scale structures down to the nanometer 
dimension. This has led to the development of new processes and to characteriza-
tion and modelling of relationships between processing, structure and properties of 
materials with extremely fine microstructures of the order of tens to hundreds of 
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nanometers. This research and development has covered a wide range of metallic 
materials where the structural refinement has been obtained by thermomechanical 
processing.  

In the following the structural refinement by plastic deformation will be dis-
cussed in general and exemplified by the structural evolution during rolling of 
interstitial free (IF) steel. In order to cover a large strain range three different 
processes have been investigated: (i) traditional rolling, (ii) accumulative roll-
bonding (ARB) and (iii) martensitic transformation followed by rolling. For the 
chemical composition of the IF steels see Table 3.1. An increase in strain is fol-
lowed by a decrease in the scale of the structure down to approximately 100 nm 
without saturation. The reduction in the structural scale is followed by an increase 
in strength which is determined in tension and related to characteristic strengthen-
ing parameters determined by electron microscopy. The research and development 
has been successful as samples with a high strength have been produced. How-
ever, the ductility is low and optimization of properties has been sought through 
post-process treatments which are described and discussed.  

The present paper is an overview based mainly on research carried out at Risoe 
in collaboration with scientists abroad.  

3.2 Universal Pattern of Structural Evolution 

3.2.1 Cold Rolling 

Plastic deformation of a metals requires mechanical energy where a large part is 
transformed into heat during processing. Only a small amount of energy of the 
order of few percent or less is stored in the metal mainly as dislocations. These 
dislocations arrange in different configurations, dependent on material and process 
parameters. It has however been found that the pattering follows general principles 
and the evolution of many different structures and their characteristics can there-
fore be described within a common framework [1, 2]. Such principles are for ex-
ample that the structures minimize their energy per unit length of dislocation line 

Table 3.1 Chemical composition of IF steels (wt%). 

Condition C N Si Mn S P Ti Al Cu B 

Cold rolled  
(CR) 

0.0031 0.0018 < 0.01 0.15 0.005 < 0.01 0.049 0.054 – < 0.0001 

ARB 0.002 0.003 < 0.01 0.17 – < 0.012 0.072 – 0.01 – 
Quenched  
+ CR 

          

steel A 0.0026 0.0024 < 0.01 1.48 0.005 < 0.008 0.046 0.015 – < 0.0026 
steel B 0.0049 0.0011 < 0.14 3.14 0.001 < 0.001 0.021 0.009 – < 0.0025 
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[3] and that the grain orientation through the slip pattern significantly affects the 
evolution of the deformation microstructure [4, 5].  

The microstructural evolution during cold rolling has been studied extensively 
in fcc metals as Al [6], Ni [7] and Cu [8] and to a lesser extent in bcc metals as 
iron and steel [9, 10]. However, the structural evolution with increasing strain has 
been found to be alike and will therefore be illustrated in the following for IF 
steel cold-rolled from 10 to 90% reduction in thickness [10]. At small strains 
a cell block structure forms where cell blocks are delineated by extended planar 
dislocation boundaries (geometrically necessary boundaries, GNBs). The cell 
blocks are further subdivided into cells by cell boundaries (incidental dislocation 
boundaries, IDBs) [1, 2]. A typical structure is shown in Fig. 3.1. As the strain is 
increased the spacing between the cell block boundaries and the cell boundaries 
decreases and the angle of misorientation across the boundaries increases. At 
large rolling reduction the structure is a typical lamellar structure, with nearly 
planar boundaries and short interconnecting boundaries forming a bamboo struc-
ture (see Fig. 3.2). The lamellar boundaries are high-angle boundaries (θ ≥ 15°) 
or dislocation boundaries (θ ≤ 15°) whereas the interconnecting boundaries are 
typically low-angle boundaries. Between the boundaries dislocation tangles can 
be observed. The microstructural evolution during warm rolling (800°C) has also 
been followed microscopically [11, 12]. As shown in Fig. 3.3, the microstructural 
evolution follows the general pattern of a structural subdivision by extended 
boundaries and short interconnecting boundaries forming a cell block structure 
[12]. Note however that the structural scale is much larger in Fig. 3.3 than in 
Fig. 3.1.  

Fig. 3.1 Deformation micro-
structure after 10% cold rolling of 
IF steel (TEM image). The micro-
structure is subdivided by ex-
tended planar dislocation bounda-
ries (GNBs), parallel to the slip 
plane trace (101) and forming an 
angle of 40° with the rolling 
direction. Between the extended 
boundaries short interconnecting 
dislocation boundaries (IDBs) are 
seen. The sketch below the mi-
crograph illustrates the grain 
subdivision into a cell block 
structure composed of GNBs and 
IDBs. Longitudinal (ND-RD) 
section [10]. 
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A qualitative description of the microstructural evolution must be followed by 
a quantification of microstructural parameters, where emphasis in the following 
will be put in the spacing between boundaries, the angle across boundaries and the 
dislocation density. The specific parameters are:  
• Spacing between boundaries: (i) perpendicular to the rolling plane (dt), (ii) 

parallel to the rolling direction (dl) and (iii) random intercept spacing (dR) 
• Misorientation angle across the boundaries: (i) average angle for all boundaries, 

(ii) distribution of angles and (iii) frequency of high-angle boundaries (θ ≥ 15°) 
and low-angle boundaries (θ ≤ 15°).  

• Density of dislocations present in low-angle boundaries and in the volumes 
between the different types of boundaries. For low-angle boundaries the dislo-
cation density is proportional to the misorientation angle and to the area per 
unit volume of boundaries.  
During cold rolling the microstructure subdivides on a finer and finer scale as 

the rolling strain is increased. At a rolling reduction of 90% (εVM = 2.7) the spac-

Fig. 3.3 Deformation micro-
structure after 10% warm rolling 
of IF steel (TEM image). The 
microstructure is subdivided by 
extended planar dislocation 
boundaries (GNBs), parallel to the 
slip plane trace (101) and forming 
an angle of 46° with the rolling 
direction. Between the extended 
boundaries short interconnecting 
dislocation boundaries (IDBs) are 
seen. Longitudinal (ND-RD) 
section [12]. 

Fig. 3.2 Deformation micro-
structure after 90% cold roll-
ing of IF steel (TEM image). 
The microstructure is sub-
divided by (a) lamellar 
boundaries nearly parallel to 
the rolling direction and  
(b) a lamellar structure with 
microshear bands. Longitudi-
nal (ND-RD) section [10]. 



3 Structure and Strength of IF Steel After Large Strain Deformation 37 

ing in the ND has decreased to about 0.22 μm [10], and no saturation in boundary 
spacing has been observed. This has given an incentive to explore the structural 
evolution as the strain is further increased, to be discussed in the following.  

3.2.2 Accumulative Roll-Bonding (ARB) 

In order to introduce a high plastic strain in a sample without a reduction in sam-
ple thickness, the ARB process has been applied. This process differs from cold 
rolling as it consists of sheet rolling, cutting, surface degreasing, wire-brushing 
and finally roll bonding in one pass (one cycle) [13, 14]. The reduction in thick-
ness per cycle is 50% corresponding to εVM = 0.8. The ARB process has been 
carried out with lubrication at room temperature and without lubrication at 500°C. 
For samples rolled without lubrication an additional shear strain is introduced 
together with the conventional rolling strain. Figure 3.4 shows that a typical lamel-
lar structure evolves at large strain similar to the structure formed by rolling as 
shown in Fig. 3.2 [15]. Spacing data for ARB samples of IF steel is shown in 
Table 3.2 and Fig. 3.5 [10, 15–18]. This figure includes samples deformed under 
different conditions, and it illustrates that a fairly similar structural refinement 

Table 3.2 Average spacing between boundaries along the normal direction (dt) and along the 
rolling direction (dl). 

Treatment εVM dt (μm) dl (μm) Reference 

Cold rolled 80% 1.9 0.29 0.76 10 
Cold rolled 90% 2.7 0.22 0.72 10 
ARB (7 cycles)∗ 5.6 0.21 0.93 16 
ARB (10 cycles)∗∗ 8.0 0.09 not measured 17 
Quenched + rolled 80% 1.9 0.22 0.36 18 

∗ at 500°C  
∗∗ at room temperature with lubrication 

Fig. 3.4 Deformation microstructure of 
6-cycle ARB processed IF steel (TEM image). 
The microstructure is subdivided by lamellar 
boundaries nearly parallel to the rolling  
direction [15]. 
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from low to medium strains can be obtained by cold rolling and by ARB. It is seen 
that the structure continues to refine with increasing strain without saturation. At 
the largest strain (εVM = 8) the spacing between the lamellar boundaries has de-
creased to about 100 nm. The misorientation angle across the boundaries in the 
sample increases with increasing strain and the frequency of high-angle bounda-
ries increases to about 70% at very large strain [19]. 

3.2.3 Rolling of Lath Martensite 

By austenitizing and quenching of a low alloyed IF steel, a lath martensite structure 
can be formed. This structure is subdivided by dislocation boundaries and high-
angle boundaries on a relatively fine scale [18,  20], i.e. it resembles the structure 
obtained by plastic deformation of a recrystallized structure. By cold-rolling the 
martensite structure transforms into a typical lamellar structure as illustrated in 
Fig. 3.6 for a sample cold rolled to a reduction of 80% (εVM = 1.9) [18]. The scale 
of this structure is finer than the structure which can be obtained by cold rolling of 
recrystallized IF steel to the same reduction (see Table 3.2). The austenitizing and 
quenching may therefore be considered as a predeformation step rasing the total 
strain significantly above the strain introduced during the subsequent rolling step. 

3.2.4 Summary: Structural Observations 

Independent of the deformation mode and the initial structure, the lamellar struc-
ture characterizes the samples deformed to a large rolling strain. The scale of the 
lamellar structure decreases as the strain is increased without saturation. At the 
largest strain examined (εVM = 8), the lamellar spacing is about 100 nm. The de-
formed structure is subdivided into dislocation boundaries and high-angle bounda-
ries where the frequency of the latter increases with increasing strain.  

Fig. 3.5 Boundary spacing measured along 
the normal direction (ND) as a function of 
the rolling strain (εVM) for IF steel deformed 
by cold rolling [10] and by ARB under two 
different conditions (see text) [15–17]. 
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Fig. 3.6 Deformation microstructure of lath martensite in IF steel after 80% cold rolling.  
(a) TEM image. (b) Sketch with texture components in the area marked by white broken lines in 
the TEM image (steel A) [18]. 

3.3 Microstructural Parameters and Flow Stress 

It is a general observation that the flow stress of the deformed IF samples increases 
with increasing strain without saturation. The dominating structural feature is the 
subdividing boundaries which are dislocation boundaries and high angle boundaries. 
However, some dislocations are also present in the volume between the boundaries. 
In general the contribution to the flow stress of dislocations is proportional to the 
square root of the dislocation density and the contribution from high-angle bounda-
ries is inverse proportional to the square root of their spacing. On the assumption  
of linear additively of strength contributions, good agreement between calculation 
and experiment has been found for the flow stress of IF steel [10], nickel [7] and alu-
minum [6] and for the flow stress anisotropy in IF steel, aluminum and copper [21]. 
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For the IF steel materials examined in the present work the yield stress (0.2% 
offset) and the ultimate tensile strength are given in Table 3.3. Both for the cold 
rolled samples and for the ARB samples an increase in strength follows a reduc-
tion in the structural scale. This behavior agrees with the general principle that 
the finer the structure the stronger the metal. However, when comparing the cold 
rolled and the ARB samples, the latter shows much higher strength for almost 
identical boundary spacings, see Table 3.2. This has led to more detailed investi-
gations of various strengthening mechanisms for example interaction between 
glide dislocations and low- and high-angle boundaries, respectively. This research 
is inspired by an unexpected result of an annealing treatment at low temperature 
which was introduced to raise the low ductility characterizing samples in the 
deformed state. An increase in ductility and a decrease in strength was expected 
but the opposite was found [22]. This atypical behavior has been related to 
a removal of glide dislocation during annealing caused by the presence of closely 
spaced high-angle boundaries which  can act as sinks for dislocations [22]. This 
assumption has been tested by giving a recovered sample a small reduction by 
cold rolling, which restored the properties of the unannealed sample, see Fig. 3.7 
[23]. Qualitatively the assumption of dislocation recovery by annealing and rein-
troduction by deformation agrees with TEM observations of the microstructure in 
the different stages, see Fig. 3.8 [19]. The effect of easy dislocation annihilation 
due to a large fraction of high-angle boundaries may also significantly reduce the 

Fig. 3.7 Engineering stress-strain 
curves at room temperature for 
6-cycle ARB processed IF steel. 
Strain rate: 8.3 × 10–4 s–1.  
Sample 1: As ARB processed, 
sample 2: sample 1 and annealed 
at 400°C for 0.5 h and sample 3: 
sample 2 plus cold rolling  
to 15% reduction [23]. 

Table 3.3 Mechanical properties. 

Treatment σ0.2 (MPa) UTS (MPa) 

Cold rolled 80% 435 ∼ 530 
Cold rolled 90% 470 ∼ 554 
ARB (7 cycles)∗ 711 ∼ 913 
ARB (10 cycles)∗∗ 874  1032 
Quenched + rolled 80% – ∼ 800∗∗∗ 

∗ at 500°C  
∗∗ at room temperature with lubrication  
∗∗∗ 3 × Vickers dardness 
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thermal stability of deformation induced nanostructures by increasing the recov-
ery rate of samples deformed to large strains [24, 25].  

3.3.1 Summary: Structure-Property Relationships 

Independent of the deformation mode the flow stress of IF steel increases as the 
structural scale decreases. Strengthening mechanism are boundary strengthening 
and dislocation strengthening, which are superimposed. Strengthening parameters 
have been quantified by electron microscopy and good agreement between model 
predictions and experiments has been found [26].  

3.4 Concluding Remarks 

The high strength of nanostructured metals produced by plastic deformation is 
caused by dislocation strengthening and boundary strengthening. Experimental 
and theoretical investigations of these mechanisms are therefore important steps in 
both process and property optimization of nanometals. An important part of this 
effort will be the development of advanced, automated characterization techniques 
on different length scales down to the nanometer dimension. It follows that future 
work must combine “blue sky” research and focused research with application of 
nanometals as a common goal.  

Acknowledgement The authors gratefully acknowledge the Danish National Research Founda-
tion for supporting the Center for Fundamental Research: Metal Structures in Four Dimension, 
within which this work was performed.  

 

Fig. 3.8 TEM images of IF steel processed under different conditions [19]. 
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Chapter 4  
The Coming of Grain Boundary Engineering 
in the 21st Century 

Tadao Watanabe, Sadahiro Tsurekawa, Xiang Zhao, and Liang Zuo 

Abstract. This paper will discuss the background and the basic concept of the 
grain boundary engineering (GBE) proposed by one of the present authors in the 
early 1980s. It is shown that the grain boundary microstructure which can be 
quantitatively described by newly introduced microstructural parameters, i.e. the 
grain boundary character distribution (GBCD) and the grain boundary connec-
tivity, can bridge the gap between structure-dependent properties of individual 
grain boundaries and bulk properties of polycrystalline materials. In order to 
prove the importance of GBCD and its applicability to GBE, we overview basic 
studies of GBE performed in the last two decades, showing the GBCD-controlled 
bulk properties and possible factors affecting GBCD, such as the grain size, tex-
ture, material purity/composition, for various kinds of materials including ferrous 
and non-ferrous materials. Recent achievements of GBE for structural materials 
are discussed paying a particular attention to the control of intrinsic and extrinsic 
brittleness caused by structure-dependent intergranular fracture. As the most re-
cent successful achievements, GBE by high magnetic field applications is intro-
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duced. Finally an example of GBE for functional materials is given taking the 
most recent study on polysilicon for high performance solar cells. 

Keywords: Grain boundary engineering (GBE), Grain boundary microstructure, 
Texture control, Brittle fracture control, Grain boundary Character Distribution, 
Grain boundary structure 

4.1 Introduction 

4.1.1 Material-Assisted Civilization and Development 

In the history of our human society, the advent of a new age of civilization and 
its rapid progress were always brought about by obtaining a new material and its 
extensive usage. We see this from “the Stone age, Bronze age, Iron age” which 
could meet man’s requirements for ever increasing performance, particularly the 
strength and toughness for structural materials. In the 20th century, the advent  
of semiconductor and its application to development of many kinds electronic  
devices have drastically changed our ways of daily life and activities, by starting  
a new age of computer-assisted systems based on Information Technology (IT) 
and global “Internet” communication. The advent of a new material and its ex-
tensive use can give our human society many opportunities to realize desirable 
and expected development and progress in our civilization on the bright side, but 
sometimes undesirable change with unexpected tragedy to the society, on the 
dark side. 

Up to now, the most popular metal iron, its alloys and steels have been serv-
ing as important engineering structural and functional materials, since the iron 
age back to BC1500. Enormous efforts have been made in the last century by 
devoted pioneers, materials scientists and engineers in order to develop a new 
material, based on iron, steel and other non-ferrous materials, to meet ever in-
creasing demand for higher performance materials to be used for high technology 
[1, 2].  

4.1.2 Requirements for High Performance Materials 

Any type of engineering materials should meet general requirements associated 
with the stability and reliability of material performance to be used for their ser-
vices as components of large scale structures, ordinary scale machines, and small 
scale devices in various environments. Conventionally we classify engineering 
materials into two groups: structural materials and functional materials. To the 
former, excellent mechanical properties for machining and subsequent service are 
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always required, when used to construct large scale structure and ordinary scale 
machines. Functional materials must meet some special requirements to serve as 
component part providing a special and unique function with higher performance, 
for instance as magnetic, electric, optical material. Of course, a certain level of 
good mechanical performance is also required for even functional materials for 
keeping the original shape and size of a machine or device to stand their long 
service life. Another important requirement comes from a large variety of service 
environments and conditions where structural and functional materials are used, 
a wide range of temperature from cryo- to high-temperature, and from vacuum to 
detrimental gas atmosphere ranging from low to high pressure, under stress condi-
tion from static to dynamic and cyclic, under external fields such as electric or 
magnetic field or irradiation. However, we can specify several minimum require-
ments for structural and functional materials. Firstly for structural materials, the 
following requirements are usually made. (1) high strength and high fracture 
toughness, (2) good workability and machinability, (3) high corrosion and stress-
corrosion resistance, (4) high oxidation resistance, (5) high creep resistance, (6) 
high damping capacity. 

The discipline of the modern “Materials Science and Engineering” which 
emerged some time in the early 1950s [3], has been serving as a powerful tool for 
materials design and development for many years. However, we should recognize 
an important change of the situation in which structural and functional materials 
have been used. That is the size of machine parts composed of structural materials. 
Nowadays the size of parts spreads in a extremely wide range from meter (m) to 
micron meter (μm) scale covering at least 6 orders in magnitude, as can be easily 
imagined from nuclear reactor and space shuttle on one side and micromachines 
on the other side. Now we are discussing the design and development of even 
nanomachines for various purposes in our human society. There is a simple ques-
tion, “Can we use the same material for structures and machines with such a large 
difference of part size?”. It is not difficult to recognize that we cannot use the 
same material from the view point of safety and reliability, if we carefully con-
sider the heterogeneity of microstructure in existing engineering materials. As the 
size of machine parts decreases, the effect of the heterogeneity of microstructure 
in a material may become more significant and seriously affect the performance, 
reliability and safety of it. So called “size effect” is one of important issues to be 
solved for future materials design and development, in connection with micro-
structure control for high performance materials. The stability and reliability of 
material properties and performance are known to be closely related to the stabil-
ity and homogeneity of microstructure in materials [4]. It is well known that the 
original microstructure existing changes during service, particularly at high tem-
perature and under stress condition, or irradiation. As a result of this, microstruc-
ture-controlled properties and performance often degrade, sometimes unexpect-
edly resulting in a serious accident and disaster in activities of our society. So we 
materials scientists and engineers must solve these problems which remain un-
solved so far. 
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4.1.3 Importance of Grain Boundaries in Engineering Materials  

From our basic knowledge of Materials Science and Engineering, it is a general 
recognition that most of engineering materials (metallic, ceramic and semiconduc-
tor materials) are polycrystalline so that existing grain boundaries can affect their 
bulk mechanical/physical/chemical properties of polycrystalline materials, differ-
ent from those of single crystal and amorphous state of even the same material. 
Until recently the effect of grain boundaries has been studied only through the 
effect of the average grain size, i.e. the density of grain boundaries, tacitly assum-
ing that all existing grain boundaries have the same character and structure. The 
flow stress and the fracture stress are formulated as a function of the average grain 
size by the Hall-Petch relationship, having served for many years as an important 
characteristic feature of mechanical properties [5]. Now we should have a new 
insight based on important findings from recent studies of grain boundary struc-
tures and properties [6–11]. It has been well established that grain boundary struc-
ture can differently affect almost all properties of individual grain boundaries 
depending on their atomistic structures so that we need to know what kinds of 
grain boundary structure exist and to what extent grain boundary structure can 
affect boundary properties, and how these existing grain boundaries can affect 
metallurgical phenomena in real polycrystalline materials. As for mechanical 
properties of polycrystalline materials, there remains a long pending unsolved 
problem that polycrystalline materials have a general tendency to become more 
brittle when their strength is increased. This has been the dilemma which material 
scientists and engineers have experienced in development of high performance 
structural materials [12–14]. The origin of a loss of the ductility and fracture 
toughness of polycrystalline materials was found to be primarily due to grain 
boundary (intergranular) fracture. When intergranular fracture occurs predomi-
nantly, polycrystalline materials show a severe brittleness and poor ductility, irre-
spective of being metallic, intermetallic or ceramic. 

4.2 Grain Boundary Microstructures 
in Polycrystalline Materials 

4.2.1 Versatility of Grain Boundary Microstructure 

Grain boundaries and interphase boundaries are important defects and microstruc-
tural components which can generally exist in almost all type of polycrystalline 
materials whether being metallic or non-metallic and irrespective of crystal struc-
ture (cubic or non-cubic). The grain boundaries (hereafter including interphase 
boundary) are two-dimensional (2D) lattice defect or interface where two 
neighboring grains are contacting and joining on atomistic scale. In a polycrystal-
line material, the orientation of individual grains can vary from grain to grain, 
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showing a specific distribution depending on material processing and condition. 
The character of grain boundary is geometrically defined by the relative orienta-
tion relationship between two adjoining grains, as has been discussed in detail [7, 8].  
Let us look at some examples of the characterization of grain boundary in real 
material. Figures 4.1 (a) and 4.1 (b) show, respectively SEM and SEM-ECP mi-
crographs for a < 100 >tilt-type boundary, and Fig. 4.1 (c) for < 100 >twist-type 
boundary observed in iron-6.5mass%Si ribbon [15, 16]. We can intuitively under-
stand the type of the observed grain boundaries from the orientation of component 
crystals and common rotation axis lying along or normal to the trace of the grain 
boundary in SEM or ECP image. The common rotation axis is parallel to the grain 
boundary plane trace for the tilt-type boundary and normal for the twist-type 
boundary. In real polycrystalline materials, more general mixed-type grain bounda-
ries with tilt and twist components occur more frequently. In a study of grain 
boundary structure and properties, conventionally we simply classify all existing 
grain boundaries into the following three groups [16]; low-angle boundaries (L) 
with the misorientation angle smaller than 15°, high-angle special boundaries with 
some ordered and periodic structure such as coincidence-site lattice (CSL/Σ ) 
boundaries with low-Σ (< 29), and high-angle general random (R) boundaries 
without any ordered and periodic structure. The first two groups are considered to 
be of low-energy type and the third group of high-energy. Thus the character of 
individual grain boundaries existing in a polycrystal can be defined rather pre-
cisely. Moreover, the detail of geometrical configuration, shape and dimension and 
connectivity of grain boundaries in the two-dimensional (2D) and three-
dimensional (3D) network should be described quantitatively. The structural and 
geometrical versatility and flexibility of the grain boundary microstructures can 
exert a large variety of their influence on bulk properties of polycrystalline materi-

 

Fig. 4.1 SEM-ECP micrographs taken at a tilt boundary and a twist boundary in Fe-
6.5mass%Si alloy ribbon rapidly solidified and annealed at 1363 K for 3.6 ks. (a) SEM and  
(b) ECP micrographs taken from the same < 100 >tilt boundary and (c) ECP micrograph from  
a < 100 >twist boundary [15, 16].
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als. In order to fully understand possible effects of grain boundaries we need to 
clarify, firstly, the relationship between grain boundary structures and properties, 
and secondly, the relationship between the grain boundary microstructure, bulk 
properties and processing method/conditions, as our basic knowledge of the grain 
boundary engineering. Fortunately the former relationship has been extensively 
studied and established since 1980s, and the literature has become available [6–11]. 
On the other hand, it is only recently that the importance of the latter relation was 
pointed out by Aust and Palumbo’s group and the present authors’, starting serious 
consideration into bulk properties based on structure-dependent boundary proper-
ties from the viewpoint of the grain boundary engineering [16–21]. 

4.2.2 Structure-Dependent Boundary Properties 

It is well known that grain boundaries can be preferential sites for metallurgical phe-
nomena such as segregation, precipitation, corrosion, deformation and fracture. Let 
us begin with an interesting finding on grain boundary corrosion behavior observed 
on a specimen with < 100 > columnar grain structure cut out from a large cast ingot of 
Fe-15mass %Cr -0.55%Sn alloy [23]. Figure 4.2 clearly shows that the extent of 
intergranular corrosion evaluated from the width of corroded region is quite different 
among the three observed boundaries denoted by the number 1, 2, and 3. Namely 
GB.1 was most heavily corroded, GB.2 to lesser extent and GB.3 not at all. It is 
not difficult to understand that the propensity to intergranular corrosion is related to 
the grain boundary structure or the grain boundary energy which is expected to de-
crease in the order of GB.1, GB.2 and GB.3 corresponding to the dihedral angle of 
100°, 110°, and 150° respectively. Probably GB.3 has the lowest boundary energy 
and the highest resistance to intergranular corrosion. One more example of structure-

Fig. 4.2 Observation on structure-dependent 
grain boundary corrosion occurring at the three 
grain boundaries meeting at a triple junction in 
a < 001 > textured columnar grained specimen 
of Fe-17mass%Cr-0.55Sn alloy cast from the 
melt [23]. 
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dependent grain boundary property is taken from the early work by the authors [17] 
and shown in Fig. 4.3 (a)–(b). A set of two SEM micrographs were taken during in 
situ observation of fracture process of Bi-doped copper polycrystal specimen at 
a SEM tensile stage. It is evident that normally very ductile high purity copper poly-
crystal showed predominant intergranular fracture, probably due to segregation of 
embrittling element Bi. Moreover, the propagation of intergranular fracture was 
completely restricted at the positions A and B where the long weak grain boundaries 
interacted with annealing twins. Intergranular fracture could not propagate beyond 
the twin portion along the original boundary, probably because of a change of the 
grain boundary character and structure into that of a strong boundary. Thus it is evi-
dent that intergranular fracture occurs very heterogeneously in a polycrystal, as ob-
served in extrinsically embrittled polycrystalline copper specimen. Now we can get 
an insight into structure-dependent intergranular fracture, i.e. how strongly grain 
boundary properties can be affected by the boundary character and structure. That is 
our basis of the grain boundary engineering by controlling the grain boundary micro-
structure so efficiently to be optimum for maximum desirable bulk properties and/or 
for minimizing detrimental effect as more as possible.  

4.2.3 Structure-Dependent Grain Boundary Fracture 

Since intergranular fracture and brittleness is a key issue of structural materials, let 
us discuss the origin of structure-dependent intergranular fracture, focusing on 
some possible change of the fracture energy. Structure-dependent fracture stress 
can be explained in terms of the energy change associated with intergranular frac-

 

Fig. 4.3 Successive observations (a), (b) of intergranular fracture in a polycrystal of copper-
bismuth alloy at an SEM tensile stage [17]. Fracture would not occur at the portions of intersec-
tion of the boundaries with twins A and B. 
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ture as observed for metal bicrystals [21, 28, 29]. When intergranular fracture 
ideally occurs in the absence of plastic deformation or near the grain boundary, the 
fracture energy γ∗is given by the following equation: 

 γ∗ = 2 γs – γb  (4.1) 

where γs is the surface energy of the exposed grain boundary and γb the pre-
existing grain boundary energy. Since the grain boundary energy, γb has been well 
established to strongly depend on the boundary structure [6–9], we can expect 
some dependence of the intergranular fracture energy, γ∗on the grain boundary 
structure, assuming that the surface energy, γs does not depend on crystallographic 
orientation as much as γb. Lawn and Wilshaw have exactly pointed out the possi-
bility of structure-dependent intergranular fracture [25]. For low-energy bounda-
ries, γ∗will be large and intergranular fracture will be more difficult than at high-
energy boundaries. If plastic deformation is involved in intergranular fracture, the 
fracture energy, γ∗, is written as follows: 

 γ∗ = 2 γs – γb + γp  (4.2) 

where γp is plastic work associated with the propagation of the microcrack. It is 
known that roughly speaking, γs = 3 γb for metals and alloys [26]. McMahon and 
Vitek [27] have shown that γp can have a large portion of γ∗ ( γp = 15 γs). By simply 
comparing Eq. 4.1 with Eq. 4.2, we may consider that the fracture energy, γ∗, in the 
case of ideal intergranular fracture without plastic deformation, is generally smaller 
than that in the case where plastic deformation is involved in intergranular fracture. 
Namely we expect a stronger dependence of intergranular fracture on the grain 
boundary structure when γp makes a smaller contribution to the fracture energy, γ∗. 
In fact, it has been proved by experiments that the intergranular fracture stress 
strongly depends on the grain boundary type and the misorientation angle, as re-
vealed by experimental studies on metal bicrystals containing the boundaries whose 
character and misorientation angle were systematically controlled [21, 24, 28]. 
Low-energy special boundaries (low-angle or low-Σ coincidence boundaries) show-
ed higher fracture stress, while high-energy random boundaries showed much lower 
fracture stress, smaller than 1/2 or 1/3 of the fracture stress of low-energy special 
boundaries. Hence, as intergranular fracture occurs more predominantly and ide-
ally, the effect of grain boundary structure would be increasingly important to the 
fracture process of polycrystals. Namely, brittle intergranular fracture has intrinsi-
cally strong sensitivity to grain boundary structure in all situations. 

4.2.4 Observations of Grain Boundary-Related Fracture 
of Polycrystalline Materials 

In order to confirm structure-dependent intergranular fracture actually occurring in 
a polycrystal, let us visit some early experimental work [29]. Figure 4.4 shows 
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a SEM micrograph which evidences structure-dependent intergranular creep frac-
ture observed on the specimen of Fe-0.8 at.% Sn alloy crept at 973 K. The character 
of observed grain boundaries was determined by SEM-ECP technique before creep 
fracture testing. We see clearly that random boundaries (R) preferentially fractured 
due to easy grain boundary sliding during high temperature creep, while coinci-
dence boundaries (Σ) would not break at all, particularly at the Σ3 boundary which 
was aligned even perpendicular to the tensile axis (in the horizontal direction) and 
subjected the maximum normal stress to the boundary plane in the specimen. In situ 
observations on fracture processes in polycrystalline specimens of metals and alloys 
embrittled by doping or liquid metal, were also made with a SEM-tensile stage [17].  
It was found that intergranular cracks formed initially at random boundaries 
propagated to the connecting random boundaries which fractured more easily due 
to sliding under favorable geometrical arrangement and stress condition. A sum-
mary of in situ observations on brittle fracture processes controlled by structure-
dependent intergranular fracture is schematically shown in Fig. 4.5. When weak 
random boundaries are connecting with other random boundaries passing triple 
junctions, a polycrystal fractures in a typical brittle intergranular fracture mode as 
indicated by the fracture Path B. On the other hand, when low-energy strong 
boundaries and high-energy weak random boundaries are connecting to each 
other, a mixture of intergranular and transgranular fracture occurs, as indicated by 
the fracture Path A. Thus it is self-evident that the connectivity of grain bounda-
ries with different characters and structures is also another key factor controlling 
the overall fracture processes, as well as the grain boundary character distribution 
(GBCD). Finally, let us keep in mind that much stronger structure-dependent 
intergranular fracture can be expected in high temperature deformation, because 
more grain boundary phenomena, (such as sliding, migration, segregation, pre-
cipitation and oxidation) can be involved in fracture processes at higher tempera-

Fig. 4.4 Structure-dependent inter-
granular creep fracture observed in  
Fe-0.8 at.%Sn alloy specimen crept at 
T = 973 k and σ =29.4 MPa [29]. Note 
that high-angle random (R) boundaries 
are preferential sites for crack nuclea-
tion and propagation,, but Σ3 bound-
ary is extremely resistant to fracture. 
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tures, so that this may result in the amplification of their possible structure-
dependent effects and contributions [29, 30]. 

4.3 Grain Boundary Engineering (GBE) 
for High Performance Materials 

Now the time has come when we can more efficiently utilize our basic knowledge of 
structure-dependent grain boundary properties in designing and developing a new 
structural or functional material. This is a historical background behind our recent 
work on GBE overviewed in this paper. It seems timely that we overview the coming 
of “Grain Boundary Engineering (GBE)”, first proposed by one of the present authors 
in the early 1980s [17], has been increasingly accepted world-wide and being applied 
as a new approach to materials design and development of high performance materi-
als [31–33]. In this paper, many recent successful achievements of GBE are intro-
duced for ferrous and non ferrous materials, including even semiconductor for solar 
cells. Furthermore, some new attempts of GBE by high magnetic field application are 
introduced which the present authors and coworkers have recently made. 

4.3.1 Basic Concept of Grain Boundary Engineering 

The effects of grain boundaries on bulk properties of polycrystalline materials are 
simply classified into two categories. One is such that the presence of grain 
boundaries exerts a “beneficial effect” on bulk properties, leading to some im-
provement or enhancement of performance of the materials, even to the generation 

 

Fig. 4.5 Schematic representation of grain boundary structure-dependent fracture processes in 
polycrystal [17]. Path A: combined process of intergranular and transgranular fractures occuring 
at different types of boundaries, Path B: typical intergranular fracture occurring continuously at 
connecting random boundaries. 
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of a new function. The other is such that the presence of grain boundaries affects 
a “detrimental effect” on bulk properties, causing some degradation of material 
performance. Thus grain boundaries can exert both “beneficial effect” and “detri-
mental effect” on bulk properties. If it was possible to suppress the “detrimental 
effect” and conversely to increase the “beneficial effect” as much as possible in the 
course of material fabrication, we could endow polycrystalline materials of ordi-
nary composition with much better material performance than original materials. 
Since, as we have already discussed, individual grain boundaries have their own 
boundary structural, geometrical and topological versatilities, in addition to their 
generality and applicability for all kinds of polycrystalline materials with any crys-
tal structure. There is a huge potential of the control of grain boundaries on macro-, 
micro-and atomistic levels, so called the grain boundary microstructure in the two-
dimensional (2D) and three-dimensional (3D) grain boundary networks. If it would 
be possible to maximize “beneficial effect” and minimize “detrimental effects” of 
grain boundaries, by designing and producing their optimum structure, morphol-
ogy, geometry and arrangement of grain boundaries on the basis of the concept of 
grain boundary engineering, we could provide Materials Science and Engineering 
with a new breakthrough for its future progress. This is the basic concept of so 
called “Grain Boundary Engineering (GBE)”, originally “Grain Boundary Design 
and Control” [17, 34]. Aust and Palumbo’s group [18, 20, 35, 36], has eagerly ap-
plied the concept and successfully achieved GBE for high performance structural 
and functional materials, together with our group [17, 21, 32, 37] and other active 
colleagues [38–40] approaching this highly potential goal, up to now. 

4.3.2 Possible Processing Methods 
for Grain Boundary Engineering 

There are several key issues that should be clarified one by one, to establish the 
discipline of grain boundary engineering (GBE) for advanced materials and to 
develop a actual processing method for GBE well designed and programmed; 
(1) basic knowledge about the relation between grain boundary structure and 
properties, (2) experimental techniques for quantitative characterization and 
evaluation of the grain boundary atomistic, chemical, electronic-structures in real 
polycrystalline materials, (3) the relationship of the grain boundary microstructure 
with bulk properties in real polycrystalline materials, (4) modeling and prediction 
of boundary-controlled desirable bulk properties in connection with well-defined 
grain boundary microstructures, (5) development of possible processing methods 
of manipulating desirable and optimum grain boundary microstructures in a given 
material, and (6) to establish some theoretical basis of the prediction and evalua-
tion of bulk properties of specific polycrystalline materials with a well designed 
and precisely controlled grain boundary microstructure. Some previous and recent 
works based on percolation approach may be useful and very promising [41–44]. 
The issue (6) is the subject related to the Chap. 6. 
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In order to discuss possible processing methods for manipulation of the grain 
boundary microstructures in polycrystalline materials, we should confirm what 
microstructural parameters associated with the grain boundary microstructure can 
be used for actual processing. The following are considered as possible parameters 
quantitatively determined by experiment. 

(1) Grain geometry and structures: Grain shape, size and aspect ratio, Grain ori-
entation distribution, Grain size distribution, Texture type and sharpness, 
Mixing of different textures, Heterogeneity or homogeneity of grain structure, 
in 2D and 3D polycrystals. 

(2) Grain boundary (GB) geometry, morphology and topology: GB density, GB 
plane/inclination, GB inclination distribution, Triple junctions charac-
ter/distribution. 

(3) Grain boundary structure: Atomic structure, GB character, Triple junction 
character. 

(4) Boundary chemistry: GB composition, Segregation level and local variation, 
Binding energy, GB energy, Electronic structure of GB. 

(5) Grain boundary properties: Intrinsic and extrinsic properties, structure-
dependence, collective properties, beneficial or detrimental effect on a given 
bulk property.  

(6) Micro and Macrostructure relationship: Grain boundary character distribution 
(GBCD), GB connectivity, Relationship between GBCD and texture, Hetero-
geneity or homogeneity of GB microstructure, Grain boundary network 
(2D, 3D). 

First, thermomechanical processing which is based on deformation and subse-
quent annealing, has been extensively and widely used for microstructural control 
until presently. So this processing method will be still used in future. Here it is 
worth thinking that the application of some external fields are also very useful and 
powerful for precise control of microstructures [45, 46]. Unidirectional solidifica-
tion and unidirectional annealing under temperature gradient, magnetic field ap-
plication, electric field application, static or cyclic stress application have been 
attempted up to now and succesfully achieved GBE. In particular, the magnetic 
field application is a very promising, as recently introduced by the present authors 
[37] and will be discussed later in some detail. 

4.4 The Characterization of Grain Boundary Microstructures 
by OIM 

4.4.1 Quantitative Analysis of Grain Boundary Microstructures 

Until 1982 before a new microstructural parameter termed “the grain boundary 
character distribution (GBCD)” was proposed [47], we could not characterize the 
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microstructure associated with grain boundaries, except the grain size, i.e. the 
density of grain boundaries in unit volume of a polycrystalline specimen. Strictly 
speaking, the term “grain size” provides no information about the character and 
structure of individual grain boundaries existing in a real polycrystal. As already 
mentioned, since the character of a grain boundary is defined by the relative orien-
tation relationship between adjoining two grains on the basis of crystallographic 
geometry, we can characterize the grain boundary microstructure by modern 
methods of crystallographic diffraction analysis such as TEM, SEM-ECP and 
more recently SEM-EBSD/Orientation Imaging Microscopy (OIM) technique. 
The recent advent of computer-assisted SEM-EBSD/OIM technique developed by 
Brandt et al. [48], has drastically changed the situation and the capability of mi-
crostructure and texture analyses of polycrystalline materials. Nowadays, the char-
acterization of the grain boundary microstructure and the determination of grain 
orientation distribution are not tedious and time consuming anymore as before. 
SEM-EBSD/OIM is now being increasingly used as a standard technique for 
quantitative analysis of the microstructure in polycrystalline materials, serving as 
a powerful tool for the grain boundary engineering. Let us look at an example of 
actual characterization of grain boundary microstructure and the determination of 
the grain boundary character distribution (GBCD). 

Figure 4.6 (a) and 4.6 (b) show SEM image and OIM map redrawn from obser-
vation of the grain boundary microstructure of a polycrystalline molybdenum 
produced by annealing deformed single crystal [49]. Here it should be mentioned 
how much OIM technique is precise in analyzing the grain boundary microstruc-
ture, when we observe grain or grain boundary structure by optical microscopy or 

 

Fig. 4.6 The characterization of grain boundary microstructure by SEM-EBSD/OIM system for 
molybdenum polycrystal produced by thermomechanical processing of single crystal [21].  
(a) Optical micrograph, (b) grain boundary character distribution (GBCD) by OIM. 
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SEM-ECC contrast which can produce different contrasts dependent on the orien-
tation of grains appearing at specimen surface. Since the contrast changes across 
a grain boundary, we can recognize the presence of a grain boundary and also the 
shape and size of individual grains in a polycrystal. However, when the surface 
orientation normal to grain surface is similar between adjoining grains, irrespec-
tive of large difference of orientation in surface plane, it is difficult to recognize 
the presence of a grain boundary, as clearly demonstrated in Fig. 4.6 (b). Thus, the 
computer-assisted SEM-EBSD/OIM technique brought about a new age of our 
quantitative evaluation of grain boundary microstructure. This technique has en-
abled us to make both microstructural and crystallographic analyses on microscale 
(even some tens of nanometer-scale grain size by using a FE-SEM) on a bulky 
specimen without much difficulty of specimen preparation. Now there will be no 
problem to bridge between local- and micro-scale grain boundary microstructure 
and macroscale ordinary microstructure of optical microscopic image level. We 
can efficiently use this powerful technique for GBE. 

4.4.2 Grain Boundary Character Distribution (GBCD) 

The grain boundary character distribution (GBCD) was introduced by Watanabe 
[17] and it is now ordinarily used as a new microstructural parameter to describe 
the grain boundary microstructure. Indeed, this parameter can bridge the gap be-
tween structure-dependent properties of individual grain boundaries and bulk 
properties of polycrystalline materials, and also provides a statistical information 
of the overall grain boundary microstructure quantitatively characterized by OIM. 
As mentioned above, GBCD provides such important information as the type of 
observed boundaries and the frequency of occurrence of specific types of grain 
boundaries in a real polycrystalline material. It has been reported that GBCD can 
shows a large variety with systematical change depending on processing condition 
and metallurgical factors affecting the grain boundary microstructure [16, 49]. The 
magnitude of such an effect that GBCD can affect bulk properties, may be simply 
the summation of all grain boundaries included in statistical analysis, or more 
complicatedly some collective behavior of structure-dependent grain boundary 
properties of individual grain boundaries existing in a polycrystal. In fact, it is 
very likely that most of boundary-related metallurgical phenomena may occur and 
show collective behavior, as a result of strong structure-dependent grain boundary 
properties in a polycrystal. However, unfortunately at present, basic knowledge of 
collective behavior of grain boundary-related phenomena is very scarce [41–44]. 
Anyway, GBCD-controlled bulk properties can be modelled by using some theo-
retical basis to predict possible effects of microstructural and experimental pa-
rameters. Quite recently increasing numbers of experimental evidence for GBCD-
controlled bulk properties have been reported in connection with the grain bound-
ary engineering, as shown later. Thus the importance and usefulness of GBCD 
have been proved through challenging attempts at grain boundary engineering for 
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enhancement of performance or control of degradation of performance. Although 
effects of grain boundary microstructure on bulk properties and performance of 
polycrystalline materials, have not been fully understood yet, but structural and 
geometrical versatilities of grain boundaries must be a key for the generation of 
high performance and even a new function, as demonstrated by Positive Tempera-
ture Coefficient Resistor, (PTCR) electroceramics [50]. 

4.4.3 Grain Boundary Connectivity 

When grain boundary-related phenomena occur as collective behavior of many 
boundaries, the connectivity of grain boundaries with different characters and 
structures becomes important. Simply speaking, if the character and structure of 
all grain boundaries are similar, the situation will become much simpler. However, 
boundary-related bulk properties of real materials is not such case. For instance, 
structure-dependent intergranular fracture processes in a polycrystal must be dis-
cussed in consideration of the fact that the path of crack propagation must be al-
ways kept in random grain boundaries, namely, weak random boundaries should 
be connected to each other more frequently as already shown in Fig. 4.5. We need 
to know how inactive/low-energy and active/high energy boundaries are con-
nected to form 2D or 3D grain boundary network in a polycrystal. The grain 
boundary connectivity is defined by the type of triple junction. It is not difficult to 
imagine that the important of triple junction may depend on the number of weak 
or strong boundaries meeting at the junction. So we can define the type of triple 
junction, by simply counting how many random boundaries are joining at a given 
triple junction [43, 51]; one random and other two low-energy/strong boundaries, 
one strong and two weak random boundaries, or three weak random boundaries. 
This is the reason why structure-dependent boundary-related metallurgical phe-
nomena should be considered as the percolation process and collective behavior in 
a polycrystal. 

4.5 Metallurgical Factors Affecting GBCD 

4.5.1 Relation Between GBCD and Grain Size 

Here, we discuss important features associated with the grain boundary character 
distribution (GBCD) which can play a key role in Grain Boundary Engineering. 
Unfortunately we have not yet fully understood what metallurgical factors can 
affect GBCD. Accordingly, it is interesting to reveal whether or how GBCD can 
be related to the grain size. Until recently the grain size was the only grain bound-
ary-related parameter generally used in discussions of the effect of microstructure 
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on bulk properties of polycrystalline materials in the last half century. It is well 
known that the Hall-Petch relationship can well describe the relation between bulk 
mechanical properties and the grain size [52]. However, in the authors’ opinion, 
the time of reconsideration of the Hall-Petch relationship has come, in connection 
with recent findings of structure-dependent boundary related bulk properties.  

Since the early 1980s, several workers including us have studied the relation 
between the grain size and GBCD in several pure metals and alloys, by using 
TEM and SEM-ECP, SEM-EBSD/OIM techniques. One of the results obtained by 
summarizing the experimental data on GBCD is shown in Fig. 4.7 for various 
polycrystalline metallic materials produced mostly by thermomechanical process-
ing which has been most widely and extensively applied to the production of me-
tallic engineering materials. The frequency of occurrence of special grain bounda-
ries, typically low-Σ coincidence boundaries (Σ < 29) is plotted as a function of the 
grain size for some pure metals (Al, Fe, Mo, W) and iron alloys. We can recognize 
several interesting features of the plot in this figure: Firstly we can recognize the 
tendency that the frequency of low-Σ coincidence boundaries (including low-angle 
(Σ1) boundary) decreases with increasing the grain size, although there is a large 
scatter of data points for different materials within the band. The second interest-
ing feature is that the frequency of low-Σ coincidence boundaries for very fine 

 

Fig. 4.7 The frequency of low-Σ coincidence boundaries ( Σ = 1 ∼ 29) as a function of the mean 
grain size for thermomechanically processed bulk polycrystalline specimens of metals and alloys 
[16]. The data on rapidly solidified and annealed Fe-6.5mass%Si are also plotted in the figure, 
but showing the inverse relationship. 
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grained specimens, is higher than 50%, particularly for materials with the grain 
size smaller than 10 μm. This may suggest the origin of unique or excellent prop-
erties which are often observed for ultrafine-grained materials. In fact, the above 
mentioned features have been more clearly evidenced by recent experimental 
studies on nanocrystalline materials like ECAP processed nickel [53], not in the 
case of electrodeposited nickel [54]. Finally the third interesting feature is that the 
data plot for the rapidly solidified and subsequently annealed Fe-6.5mass%Si alloy 
ribbons, indicated by a dotted line, shows the quite opposite relationship between 
the frequency of low-Σ coincidence boundaries and the grain size in comparison 
with those for bulky specimens indicated by the band. In fact, this is due to the 
difference in the origin of the driving force for grain growth during annealing. 
Abnormal grain growth in the thin ribbons of the alloy can be driven by the sur-
face energy which strongly depends on surface orientation of growing grain and 
annealing temperature [15]. Thus it has been revealed that the relationship be-
tween GBCD and the grain size can be quite different, depending on the mecha-
nism of grain growth during annealing and original microstructures produced by 
different processing methods. This gives us an insight that GBCD can be largely 
controlled by some means in order to produce desirable bulk properties in poly-
crystalline materials, focusing the grain size, crystal structure (bcc, fcc, hcp, etc.), 
processing method and condition.  

4.5.2 Relation Between GBCD and Texture 

Next let us look at the relation between GBCD and texture studied on rapidly 
solidified and subsequently annealed ribbon specimens of Fe-6.5mass%Si alloy 
[15, 55]. Figure 4.8 (a) shows the grain orientation distributions for the specimens 
differently annealed at different temperature for different times. The grain orienta-
tion distribution on as-solidified and slightly annealed ribbons A and B had “ran-
dom texture”, while the specimens C and D, fully annealed at 1363 K and 1473 K 
for 3.6 ks, had sharp < 100 > and < 110 > texture, respectively. As a result of the 
evolution of such specific type of sharp texture, GBCD for < 100 > and < 110 > 
textured ribbons, shows quite different features as indicated in Fig. 4.8 (b). It was 
found that a higher frequency of low-Σ coincidence boundaries can occur in the 
descending order of Σ value. Of particular interest and importance is the values of 
Σ of coincidence boundaries which actually occurred in the studied specimens; 
they are Σ1, 5, 3, 25 for < 100 >textured specimen, and Σ1, 3, 9, 11, 17, 19 for 
< 110 >textured specimen, as almost exactly predicted as possible coincidence 
orientations for < 100 > and < 110 > rotation axis respectively, by the coincidence-
site lattice (CSL) theory of grain boundary structure [56]. It is reasonable to con-
sider that the more ordered atomistic structure of grain boundary can occur for the 
lower-Σ coincidence boundary, even if the boundary inclination can be another 
parameter affecting the grain boundary atomic structure and the grain boundary 
energy. In fact, it was experimentally evidenced that several lower−Σ coincidence 
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boundaries such as Σ3 and Σ9 have lower values of the grain boundary energy in 
comparison with random/general boundaries without any special relative orienta-
tion for the same sharply < 110 > textured Fe-6.5mass%Si alloy ribbon with bcc 
structure [57]. Some slight difference (< 10%) of the relative boundary energy 
observed for the Σ3 and Σ9 boundaries with different misorientation angles, may 
be due to the difference of the boundary inclination. Several groups have predicted 
[58–62] the close relationship between GBCD and the type and sharpness of tex-
ture by modelling textured polycrystals and the results were in good agreement 
with the observations on the Fe-6.5mass%Si alloy ribbons mentioned above. 
When the sharpness of a specific < hkl > type of texture is increased, the level of 
the frequency of low-Σ (including low-angle Σ1) systematically increases and it 
goes down in the descending order of Σ values given by the CSL orientation rela-
tionship for the < hkl > rotation axis. 

Here it is worth-while noting whether the relationship between GBCD and the 
type and sharpness of texture in polycrystals can be affected by crystal structure, 
for instance between bcc and fcc. It is well known that there is a large difference 
of microstructure and grain structure in polycrystals, in connection with the stack-
ing fault energy. In particular fcc metals and alloys with low stacking fault ener-
gies like copper-base alloys, and austenitic stainless steels, have a high density of 
twins introduced during fabrication processing and subsequent annealing after 
deformation, but not in bcc metals and alloys with high stacking fault energies. As 

 

Fig. 4.8 (a) Grain orientation distribution in {100}- and {110}-textured Fe-6.5mass%Si ribbons 
produced by rapid solidification and subsequent annealing for 3.6 ks at 1363 K and 1473K, 
respectively [55]. (b) and (c) The frequency of low-Σ coincidence boundaries as a function of Σ 
for {100}- and {110}-textured Fe-6.5mass%Si ribbons, respectively. 
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a result of this, multiple twinning can occur during annealing and thermomechani-
cal processing, resulting in the evolution of “random texture” due to grain division 
and the occurrence of a higher frequency of Σ3-related coincidence boundaries 
with Σ3n (n is the order of twinning, taking 1, 2, 3 for the first, second, third order 
twinning). This characteristic feature has been effectively utilized in grain bound-
ary engineering for fcc materials with low-stacking fault energies, for example in 
order to improve the resistance to corrosion and stress-corrosion cracking in 
nickel-base-alloys [19, 35] and austenitic stainless steels [38, 39] and high tem-
perature creep strength of nickel base-alloys [35, 40]. As discussed later, this is 
currently prevailing basis of GBE for fcc materials with low stacking fault ener-
gies, not applicable to bcc materials with high stacking fault energy. On the other 
hand, it is also known that unidirectional solidification or unidirectional annealing 
under a steep thermal gradient can introduce a sharp texture associated with co-
lumnar grain structure and a high frequency of low-Σ/low-energy boundaries into 
polycrystalline materials, particularly in bcc materials without twin formation 
even during rapid solidification. In such case, the anisotropy of crystal structure 
and physical properties (e.g. thermal conductivity, orientation-dependent surface 
energy) can be the origin of the evolution of a sharp texture; < 100 > textured co-
lumnar grain structure is often formed by solidification of cubic materials, al-
though the sharpness of texture depends on the temperature gradient and solidifi-
cation rate. 

4.5.3 Relation Between GBCD and Material Purity/Composition 

Grain boundaries inevitably play important roles in the evolution of a microstruc-
ture through their formation and migration occurring in a polycrystal, during solidi-
fication, recrystallization, phase transformation associated with actual materials 
fabrication processing. It is not difficult to consider that the formation and migra-
tion of grain boundaries are structure-dependent phenomena based on the interfa-
cial dynamics so that these processes must be affected by the grain boundary en-
ergy. From current basic knowledge of grain boundary structure and migration 
[63], the material purity and composition are well known to greatly affect the mi-
gration of grain boundaries and resultant grain growth through segregation of im-
purity or solvent elements to moving boundaries, leading the evolution of a large 
variety of the microstructure even in the same condition of processing. Possible 
effect of the material purity and composition on GBCD was first studied systemati-
cally by Belluz and Aust [64] using zone refined aluminium polycrystals with sys-
tematically controlled amount of tin, copper and titanium. As seen in Fig. 4.9, by 
10 ppm addition of tin was found to drastically increase the frequency of low-Σ 
coincidence boundaries from 20% to 50%, while no change of the frequency was 
observed by addition of titanium and slight increase by copper addition. In fact, the 
GBCD is a measure of the grain boundary microstructure which was finally 
formed, as a result of the involvement of a number of boundary-related phenom-
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ena. Understanding of observed effects of material purity/composition on GBCD 
needs systematic investigation and careful consideration into each of related phe-
nomena involved in the evolution of studied grain boundary microstructures. Un-
fortunately, only a little is known about this kind of important issue of microstruc-
ture control, although extensive work has been performed by try and error, called 
“Microalloying” so far. Much remains to be studied in order to establish basic 
knowledge associated with GBCD and related factors, even for engineering metal-
lic materials based on popular metals like iron, copper, aluminium, and nickel, 
although some basic studies were performed early by Aust’s group [18, 20] and 
Watanabe’s group [15, 16, 65]. In the present authors’ opinion, it is strongly re-
quired to perform such a basic experimental study of the effect of the material 
composition/purity on grain boundary properties and GBCD, because structure-
dependent grain boundary migration can be drastically affected by the level of the 
purity, sometimes showing quite opposite feature caused by impurity effects [63]. 

4.6 Prediction of GBCD-Controlled Brittle-Ductile Transition 
and Fracture Toughness 

It is important to study how and to what extent the fraction of strong or weak 
boundaries, GBCD and the grain boundary connectivity can affect the fracture 
processes and fracture characteristics in polycrystalline materials. Lim and Wata-
nabe performed a modelling of GBCD-controlled fracture processes and predicted 
the fracture toughness as a function of strong low-energy boundaries, for the two-
dimensional (2D) polycrystals with hexagonal grain structure [66] and for the 
three-dimensional (3D) polycrystals composed of tetrakaidecahedron-shaped 
grains [67]. They assumed that the longitudinal grain boundaries to the stress axis 

Fig. 4.9 Effects of micro-
alloying of Sn, Cu and Ti  
on the frequency of low-Σ 
coincidence boundaries in 
recrystallized zone-refined 
aluminium polycrystals  
(after Belluz and Aust, [64]). 
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would not experience a large normal stress and hence less liable to intergranular 
fracture irrespective of their character. Two common types of fracture paths are 
considered as already schematically shown in Fig. 4.5, the “zigzag path” formed 
by interlinkage of intergranular fracture and the “planar path” formed mainly  
by transgranular fracture producing relatively smooth fracture surface over the 
grain size.  

Figure 4.10 shows one of the results from the modelling of the fracture tough-
ness as a function of the overall fraction of strong special boundaries (f) for the 3D 
polycrystals having a random GBCD and different GT/GI, where GT and GI are the 
toughness of a typical transgranular fracture path and an intergranular fracture 
path, respectively. It is evident that the fracture toughness of 3D polycrystals in-
creases monotonically with increasing the fraction, f, of strong special boundaries. 
Of particular interest is that the fracture toughness can be more effectively en-
hanced by increasing the fraction (f) of strong low-energy boundaries in “brittle 
materials with a higher value of GT/GI”. It was also found that a brittle-ductile 
transition could occur in connection with a change in fracture mode from inter-
granular fracture with low-toughness to transgranular fracture with high toughness 
when the overall fraction of strong low-energy boundaries reaches a critical value 
dependent on the value of GT/GI, being a measure of the brittleness of a material. 
The brittle to ductile transition occurs at a higher level of the overall fraction of 
strong boundaries, f, when GT/GI becomes greater, namely, a polycrystal becomes 

 

Fig. 4.10 Effect of the overall fraction of low-energy boundaries, f , and GT/GI on the toughness 
of a 3D polycrystal having a random GBCD [67]. 
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more intergranularly brittle. This suggests that an increase of the overall fraction f 
works more effectively to toughnening brittle material in which intergranular 
fracture occurs predominantly causing more severe brittleness. In the modelling, 
the effects of the boundary inclination and the grain aspect ratio on the fracture 
toughness were also be predicted on the basis of GBCD-controlled fracture in the 
2D and 3D polycrystals [66, 67]. 

4.7 The Control of Intergranular Brittleness 
by Grain Boundary Engineering 

Severe brittleness is the most serious among many problems associated with 
engineering materials, whether the material may be classified into structural or 
functional one, because it decisively hinders the material from its fabrication 
processing, machining and service performance. Until presently, the control of 
intergranular brittleness of engineering materials has been extensively studied 
and repeatedly discussed [12, 13, 68, 69] but has not been fully solved yet. More-
over the demand for controlling intergranular fracture and brittleness has been 
increasing because the size of machine parts has been decreasing, as in the case 
of microelectronic devices or mechanoelectric machine system (MEMS). The 
heterogeneity of microstructure may degrade the reliability and stability of mate-
rials performance for micromachines. Accordingly the control of severe brittle-
ness of intrinsically and extrinsically brittle polycrystalline materials is urgent. In 
this chapter we overview recent achievements of the grain boundary engineering 
for the control of intergranular brittleness and enhancement of ductility in intrin-
sically and extrinsically brittle materials. We briefly introduce how a break-
through of the long pending problem has been brought about by the grain bound-
ary engineering. 

4.7.1 The Control of Intrinsic Intergranular Brittleness  

Let us begin with the control of intergranular brittleness of intrinsically brittle 
materials such as refractory metals as molybdenum, intermetallics and ceramics. 
From the prediction of GBCD-controlled fracture characteristics mentioned above, 
we can expect that as increase of the fraction of strong special boundaries such as 
low-Σ boundaries, conversely a decrease of the fraction of weak random bounda-
ries will control intergranular fracture, resulting in an enhancement of ductility  
of brittle materials. We need to prove the prediction by experimental evidence.  
So our first evidence for the control of intergranular brittleness by the grain 
boundary engineering is taken from the early work on “intrinsically brittle” B-free 
Ni3Al polycrystalline intermetallics. It is well known that polycrystalline B-free 



4 The Coming of Grain Boundary Engineering in the 21st Century 65 

Ni3Al is very brittle, and the addition of a very minute amount (10 ppm) of boron 
(B) can drastically improve the ductility. However, unfortunately B-addition was 
found to cause severe brittleness again when the materials is heated at high tem-
perature because of abnormal grain growth due to grain boundary segregation of 
B. This is a fatal problem to polycrystalline Ni3Al which is expected its service as 
high temperature material. Fortunately the control of severe intergranular brittle-
ness of B-free polycrystalline Ni3Al was successfully achieved by the grain 
boundary engineering through unidirectional solidification by zone-melting  
[70–72]. 

Figure 4.11 shows the stress-strain curves observed for B-free Ni3Al polycrys-
talline specimens with different fractions of weak random (R) boundaries, tested at 
room temperature. It is evident that as-grown (zone-melted) specimen, which had 
a sharp texture and a lower fraction of random boundaries of 29% or a high frac-
tion (~ 70%) of low-Σ (1, 3, 9) coincidence boundaries, showed excellent elonga-
tion greater than 50% at room temperature. However once rolled (25%) and sub-
sequently annealed at temperatures ranging from 600°C to 1300°C, the fraction of 
random boundaries (R) drastically increased (more than twice of that of as-grown 
specimen) and excellent ductility of the as-grown specimen disappeared and 
would never come back, even if the specimens were annealed at very high tem-
peratures of 1300°C (=  0.95 Tm). Thus it was revealed that the introduction of 
a high fraction of strong special boundaries, or the reduction of the frequency of 
random boundaries can definitely improve the ductility of the material. Surpris-
ingly “thermomechanical processing” ordinarily and extensively applied to metal-
lic materials does not work for ductility improvement in B-free Ni3Al. This find-
ing gives some warning to the approach to thermomechanical processing in the 
case of polycrystalline intermetallics. 

 

Fig. 4.11 Stress-strain curves observed on B-free polycrystalline Ni3Al specimens with differ-
ent fractions of random boundaries (R), produced by unidirectional solidification through zone-
melting [71]. 
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Next, let us look at the second case of controlling intrinsic brittleness in mo-
lybdenum polycrystals produced by thermomechanical processing from single 
crystal or sintered compact. We could change the grain boundary microstructure 
in the specimens having a wide range of GBCD and the grain size. The details 
of this work are known elsewhere [21, 73, 74]. Figure 4.12 shows the fracture 
stress plotted as a function of the grain size for those three groups of specimens 
which had different levels of the frequency of low-Σ coincidence boundaries 
(FΣ = 58%, 27%, 16%). It is clear that the fracture stress vs grain size plot well 
obeys the Hall-Petch type relationship for the three groups of specimens, but 
the slope was found to depend on the level of the frequency of low-Σ coinci-
dence boundaries, showing a smaller value for a higher FΣ. This finding has 
been tentatively explained by suggesting the situation whether crack nucleation 
or propagation can control the overall percolation and collective behavior of 
GBCD-controlled fracture processes and characteristics [74], the smaller Hall-
Petch slope which was observed on the specimens with higher FΣ  and higher 
level of fracture stress, may reflect the fracture mechanism of a polycrystal 
controlled by crack initiation, while the greater slope observed on the speci-
mens with lower FΣ  may reflect a fracture mechanism controlled by crack 
propagation. This situation can be imagined by considering brittle-ductile transi-
tion of fracture mode depending on FΣ, as previously shown in Fig. 4.5 and 
predicted by Fig. 4.10. We have demonstrated several experimental evidence for 
GBCD-controlled intergranular fracture and the applicability of GBE to control-
ling severe brittleness in intrinsically brittle materials. Next we discuss the case 
of GBE for extrinsically brittle materials. 

 

Fig. 4.12 The Hall-Petch type plot of the fracture stress vs the mean grain size, for three groups 
of polycrystalline molybdenum specimens with different levels of the fraction of low-Σ coinci-
dence boundaries FΣ [74]. 
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4.7.2 The Control of Oxidation-Induced 
Intergranular Brittleness 

Polycrystalline materials become brittle due to the origins extrinsically induced by 
environmental effects during their fabrication or service. One of examples of such 
cases is oxidation-induced brittleness occurring in normally ductile materials like 
copper, nickel and iron. In this section we discuss recent findings on structure-de-
pendent intergranular oxidation obtained from a systematic study and recent achieve-
ment of the grain boundary engineering for the control of “extrinsic brittleness” due 
to oxidation-induced intergranular fracture in Ni-30 at.%Fe alloy. Yamaura et al. are 
probably the first who have made a systematic investigation into structure-dependent 
intergranular oxidation [75] and applied the concept of GBE to the control of oxida-
tion-induced brittleness of polycrystalline materials, by using Ni-30 at%Fe alloy 
specimens with grain boundary microstructures systematically controlled [76, 77]. 
On the basis of observed results on structure-dependent intergranular oxidation, they 
attempted the control of oxidation-induced brittleness, by introduction of optimum 
grain boundary microstructures produced by unidirectional solidification and subse-
quent annealing and characterized by the SEM-EBSD/OIM technique.  

In order to reveal structure-dependent intergranular oxidation, a careful study 
of structure-dependent intergranular oxidation were made by measuring the extent 
of intergranular oxidation from the width of oxidized region at individual grain 
boundaries with different characters [75]. It was found that high-energy random 
(R) boundaries could be preferential sites for oxidation, while special low-
Σ coincidence boundaries were little or only slightly oxidized (see Fig. 4.13). 
Thus it is evident that high-energy random boundaries can be preferential sites for 

 

Fig. 4.13 An example of structure-dependent intergranular oxidation observed in Ni-40 at.%Fe 
alloy in dilute O2 atmosphere [75]. Note that random boundaries are preferential sites for oxidation. 
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oxidation. Another important finding is that the grain boundary structure differ-
ently affects intergranular oxidation, depending on the partial pressure of oxygen.   
In the argon and oxygen mixed gas atmosphere with low oxygen partial pres-
sure, the more significant structure-dependent intergranular oxidation was ob-
served. On the other hand, in pure oxygen gas atmosphere, weaker or less sensi-
tive structure-dependent intergranular oxidation was observed. Thus strong 
structure-dependent intergranular oxidation and the effect of oxygen partial pres-
sure were revealed in Ni-30 at.%Fe alloy [75, 76]. In order to prove the applica-
bility of the grain boundary engineering to the control of oxidation-induced brit-
tleness, creep-oxidation tests were carried out by using Ni-30%Fe alloy ribbon 
specimens with the grain boundary microstructures initially controlled by rapid 
solidification and subsequent annealing, before creep testing [77]. As seen from 
Fig. 4.14 (a), (b), when the grain size of specimen was small and the fraction of 
random boundaries is high, thicker oxidized region extended inside more deeply 
from the surface. On the other hand, when the specimens had a low fraction of 
random boundaries (a high fraction of low-Σ coincidence) showed excellent oxi-
dation resistance, as seen from Fig. 4.14 (c), (d). However it should be kept in 
mind that when the grain size is large and only a few random boundaries exist, 
those random boundaries act as preferential sites for oxidation and easy path of 
crack nucleation and propagation, resulting in the formation of a long intergranu-

 

Fig. 4.14 Optical micrographs showing different oxidation behavior observed on the sectioned 
planes for Ni-40mass%Fe alloy ribbon specimens differently processed for different grain 
boundary microstructures [76]. (a) as-solidified at 28.3 m/s, d = 2μm, (b) as-solidified at 
14.1 m/s,d = 3.7 mm, (c) solidified-annealed at 1073 K,1 h, d = 3.5 mm (d) solidified-annealed at 
1473 K,1 h, d = 50 μm. 
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lar crack running from the surface. These findings suggest a new approach to the 
grain boundary engineering, particularly for future development of high perfor-
mance nickel-base alloys for turbine blades and other parts of aircraft engine, 
which should be immune from oxidation-induced brittleness at high temperatures 
in low atmospheric or low oxygen pressure. One more beneficial effect found in 
this work [77] is that an increase of the fraction of special low-Σ coincidence 
boundaries enhanced high temperature creep strength of polycrystalline ribbon 
specimens of the alloy, as observed in creep deformation of zinc bicrystals [78], 
polycrystalline pure nickel [79] and nickel base-alloy [35, 40]. 

Now let us summarize our findings and discussions regarding structure-
dependent intergranular oxidation, oxidation-induced intergranular brittleness 
during creep deformation at high temperature and the application of GBE for the 
control of oxidation-induced intergranular brittleness and for enhancement of 
creep strength in the Ni-30 at.%Fe alloy. Figure 4.15 shows a schematic presenta-
tion of the approach to GBE for the control of oxidation-induced intergranular 
brittleness by manipulation of the grain boundary microstructure, focusing the 
grain size, GBCD and grain boundary connectivity, based on GBCD-controlled 
fracture in polycrystalline materials. The control of oxidation-induced intergranu-
lar brittleness is possible by introducing “optimum grain boundary microstruc-
ture”, i.e. by decreasing the grain size and the fraction of high-energy random 
boundaries or by increasing the fraction of low-Σ  boundaries, as indicated by the 
grain boundary microstructure given on the bottom-left of the figure. We suggest 
that the direction of GBE summarized above will be generally applicable to both 

 

Fig. 4.15 A schematic illustration of oxidation-induced intergranular fracture controlled by the 
grain boundary microstructure, i.e., grain size, GBCD and the grain boundary connectivity [76]. 
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“intrinsic” and “extrinsic” intergranular brittleness, irrespective of the origin of 
intergranular brittleness, as long as intergranular fracture occurs predominantly in 
polycrystalline materials. The application of GBE to the control of oxidation-
induced brittleness to non-oxide ceramics SiC has also been successfully achieved 
recently [80, 81]. 

4.8 Grain Boundary Engineering 
by Magnetic Field Application 

The application of external fields has been discussed as a powerful tool to incorpo-
rate desirable microstructures into polycrystalline materials during fabrication 
processing [45, 46]. It is reasonable to imagine that the evolution of microstructure 
can be affected by the interaction of any external field with lattice defects (includ-
ing grain and interphase boundaries) which are important components of micro-
structure [45]. Although there are not many early works on this subject [82–86], 
more recently the application of a high magnetic field has been drawing an in-
creasing interest of many researchers, in connection with the control of micro-
structure and texture during annealing, sintering, solidification, phase transforma-
tion in iron-base alloys, steels [87–93] and non-ferrous materials [94–97]. This is 
because a high magnetic field has become applicable at laboratory level without 
much difficulties, by using a helium-free superconducting magnet. We can pro-
duce a high magnetic field up about 10T. In the last decade we have been deeply 
involved in basic studies on the related subjects and, quite recently, several review 
papers on the grain boundary engineering by magnetic field application have been 
written by the present authors [46, 98, 99]. Hence we briefly introduce some inter-
esting findings obtained from recent our studies.  

4.8.1 The Control of Segregation-Induced Brittleness 

It is well known that the segregation of detrimental elements to grain boundaries 
make normally ductile metals brittle, as in the case of copper by bismuth, iron 
and steels by tin, sulfur, phosphor, nickel by sulfur. Those elements which have 
lower solid solubility in base metal and alloy, tend to segregate to grain bounda-
ries, as predicted by the Seah-Hondros diagram [100]. Moreover it has been 
found that the amount of grain boundary segregation again depends on the grain 
boundary structure and that high-energy random boundaries can preferentially 
accommodate segregents, while segregation is difficult at low-energy special 
boundaries, as can be understood from the grain boundary segregation diagram 
[101, 102]. We know that segregation-induced brittleness is often serious prob-
lems of ordinary structural materials like steels. Particularly the effect of grain 
boundary segregation can be increased by accumulation of detrimental impurity 
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elements by recycling used materials, as is the case of copper taken in steels. 
How can we solve this problem? 

Here we present a very important finding that the amount of segregents can be 
controlled by application of a high magnetic field [103]. We studied the effect of 
a magnetic field on grain boundary segregation at high-energy random boundaries 
and low-energy special boundaries using polycrystalline specimens of iron-
0.8 at.%tin alloy which were prepared from the sheet produced by hot-forged, hot-
rolled and finally magnetically annealed at 973 K for 6 h in a magnetic field of 3T 
and 6T in vacuum. As seen in Fig. 4.16 (a), when annealed ordinarily without 
a magnetic field, a marked segregation of tin to random boundary occurred which 
was almost 1.5 times higher than the concentration of tin in the grain interior. On 
the other hand, Fig. 4.16 (b) shows that in the magnetically annealed specimen, the 
segregation of tin did not occur even at random boundary which is known as pref-
erential site for segregation. The application of a magnetic field restricted the 
segregation of tin to iron grain boundaries. This finding is very important and has 
provided us with a new clue to the control of detrimental effects of segregation 
and segregation-induced intergranular brittleness. In order to confirm the possibil-
ity of the control of segregation-induced brittleness by magnetic field application, 
we have studied the fracture toughness of polycrystalline specimens of iron-
0.8 at.%tin alloy, which received magnetic annealing. As shown in Fig. 4.17, it 
was found that the fracture toughness increases with increasing magnetic field up 
to 6T, depending on the grain size. It is evident that the application of a high mag-
netic field is a powerful tool to control segregation-induced brittleness in iron-tin 

Fig. 4.16 Effect of magnetic annealing 
on the segregation of tin (Sn) to random 
boundaries in Fe-0.8 at.%Sn alloy annealed 
at 973 K: (a) ordinary annealing without 
a magnetic field, (b) magnetic annealing 
in DC magnetic field of 3T [103].
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alloy in which tin segregation is known to exert detrimental effects on mechanical 
and corrosion properties in iron-base alloy and steels. It is very promising that the 
control of segregation by magnetic field application can be applied to solve a un-
solved problem of the accumulation of detrimental impurity or solute elements by 
multi-recycling of used materials. The most recent findings on the effects of 
a magnetic field on carbon diffusion [104] and on surface diffusion in iron [105] 
may be very useful for understanding of the microstructure evolution by magnetic 
field application in iron-base alloys and steels. Furthermore, the beneficial effect 
of a magnetic field was found on rejuvenation of damaged iron-base alloy de-
formed at high temperature [106]. This has a great engineering importance to the 
application to the materials for turbine blades and nuclear reactors through rejuve-
nation of damages accumulated during their service. 

4.8.2 The Control of Abnormal Grain Growth 
and Heterogeneous Microstructure 

In a polycrystalline material, grain growth inevitably and generally occurs due to 
the migration of grain boundaries or interphase boundaries, during annealing of 
deformed state, crystallization from amorphous state, solidification from the melt, 
sintering of powder compact and vapour deposition. We can easily imagine the 
situation that grain boundaries play important roles in grain growth phenomenon 

Fig. 4.17 Fracture 
toughness as a function 
of the field strength for 
magnetic annealing for 
Fe-0.8 at.%Sn alloy 
specimens. For compari-
son, the fracture toughness 
values for pure iron with 
different grain sizes are 
indicated by the arrows 
along the ordinate on the 
right hand [103]. 
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and the evolution of grain structure in a polycrystal. Again we should keep in 
mind that the migration of grain boundary strongly depends on the grain boundary 
character and structure, material purity and composition, and other factors, as 
clearly shown by Gottstein and Shvindlerman in their recent book [63]. The appli-
cation of a magnetic field was attempted very early to control the microstructure 
for improvement in magnetic properties of softmagnetic silicon-steel [82]. How-
ever, until recently, only a little basic studies were performed to reveal the effect 
of a magnetic field on grain boundary migration and grain growth phenomena 
[84, 96].  

Figure 4.18 shows one of results observed on the distribution of grain sizes in 
iron-50 at.%cobalt iron ribbons produced by rapidly solidification and subsequent 
annealing without or with a magnetic field [46]. Without a magnetic field, the 
distribution of grain size spread very widely, indicating occurrence of heterogene-
ous grain structure due to abnormal grain growth, resulting in the occurrence of 
abnormally grown large grains. On the other hand, the distribution of grain sizes 
was much narrower in magnetic annealing than that of the former. More uniform 
grain structure was formed by the application of a magnetic field. In fact, recent 
basic studies of the effect of a magnetic field on grain growth have revealed that 
grain growth was enhanced by magnetic field application at very early stage of 
annealing and grain growth in nanocrystalline nickel and its alloys [107]. It is very 

Fig. 4.18 The grain size distribution 
for Fe-50%Co rapidly solidified rib-
bons annealed at 1073 K (a) without 
a magnetic field, (b) with a DC mag-
netic field of 1.5T [46]. 
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likely that once uniform grain structure is formed and stabilized, normal grain 
growth may proceed at later stage of annealing, resulting in the formation of ho-
mogeneous grain structure. However, at present, the effect of a magnetic field on 
grain growth, particularly the origin of enhancement of grain growth at early stage 
by magnetic field application has not been fully understood yet. It is very likely 
that the interaction of grain boundary with a magnetic field may affect structure-
dependent migration of grain boundaries. Unfortunately we know little about the 
relationship between electromagnetic structure and atomistic structure of grain 
boundaries in a magnetic field. There is much need for further work on this subject 
in order to establish the grain boundary engineering based on the control of grain 
boundary microstructure by magnetic field application. 

4.8.3 Microstructure Control by Magnetic Phase Transformation  

The phase transformation is always an important source of the microstructure 
evolution in polycrystalline materials, because the formation and migration of 
grain boundaries and interphase boundaries are elementary processes of phase 
transformation under chemical driving force. However, when another type of the 
driving forces plays a role, the nucleation and growth of the product phase may 
be affected during phase transformation, as discussed on magnetic aging associ-
ated with spinodal decomposition, discussed by J.W. Cahn early in 1960s [85]. 
There are several possible origins of the driving force. The following possibili-
ties associated with magnetic fields have been suggested [98]: (a) the difference 
in magnetic moment between the parent and the product, (b) crystalline magnetic 
anisotropy, (c) shape-dependent magnetic anisotropy, (d) field-induced magneti-
zation energy, (e) orientation-dependent magnetostriction, (f) the difference in 
electromagnetic state between the grain boundary and the grain interior, (g) Lor-
entz force under superposition of electrical and magnetic field. Since the phase 
transformation is always interface-related phenomenon, we can expect some 
useful influence of a magnetic field on different kinds of phase transformation to 
incorporate optimum microstructure into a material. Here we take an example of 
the microstructure control by magnetic field application based on the effect of 
a magnetic field on γ/α, or α/γ phase transformation in iron alloys and steels, 
having a large variety of research interests and engineering importance from the 
view point of the grain boundary engineering for iron alloys and steels. As well 
known, in these materials, the phase transformation associated with α, γ, δ phases 
together with the magnetic transformation can produce a much large variety of 
microstructures. This may endow a high performance to polycrystalline ferrous 
materials through rich combinations of heat treatments or thermomechanical 
processings dependent on temperature and magnetism. Quite recently, the appli-
cation of a magnetic field has been drawing a increasing interest of researchers 
after Choi et al. renewed our interest in the effect of a magnetic field on 
γ/α phase transformation that the transformation temperature can be decreased by 
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application of a magnetic field and the ferrite phase is formed being aligned in 
the direction of a magnetic field [91] More recently several groups have investi-
gated the effect of a magnetic field on microstructure evolution during γ/α, or 
α/γ phase transformation in steels of similar or different composition, as intro-
duced by recent review by Enomoto [108]. Zhang et al. have studied the effect of 
a magnetic field on the formation of two-phase lamellar structure composed of 
aligned ferrite and pearlite phases in plain-carbon steel [92], shown in 
Fig. 4.19 (a), and they proposed a model for the mechanism of magnetic phase 
transformation to explain the ferrite phase aligned in the field direction, as sche-
matically shown in Fig. 4.19 (b). Triple junctions are assumed to be preferential 
sites for nucleation of product ferrite phase and the formation of magnetic di-
poles between separating ferrite phases at triple junctions directs the growth of 
ferrite phase resulting aligned lamellar structure of ferrite and pearlite. From the 
view point of the grain boundary engineering, the possibility of the formation of 
elongated lamellar two-phase structure by magnetic field application is of great 
engineering importance, in connection with the control of interface inclination 
and the formation of anisotropic multi-phase microstructure which may bring 
about some anisotropic bulk property.  

4.9 Grain Boundary Engineering for Photovoltaic Polysilicon 

Up to now, we have discussed focusing on structural materials more than func-
tional materials. However we have already studied the grain boundary engineering 
for functional materials [31], such as ferromagnetic metallic materials, semicon-
ductor and electroceramics. So in this chapter, we introduce the most recent work 
on the grain boundary engineering by unidirectional and rotational solidification 
for photovoltaic polysilicon for solar cell. The detail of this work [109] and related 
basic studies of structure-dependent electric properties of grain boundaries in 

 

Fig. 4.19 (a) Microstructure observed after magnetic heating at 1153 K for 33 min and cooled at 
10°/min with a magnetic field of 14T, (b) schematic illustration of nucleation of ferrite phase 
at austenite grain boundary triple junctions along the magnetic field direction [92]. 
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polysilicon have been reported elsewhere [110, 111]. It has been found that elec-
trical activities observed by EBIC technique strongly depends on the grain bound-
ary character and structure, similarly as observed for mechanical, chemical and 
thermal properties of grain boundaries in metallic materials. In particular, elec-
trons and positive holes produced by solar beam irradiation tend to cause the re-
combination, resulting in discharging of electric current. This recombination phe-
nomenon determines the efficiency of solar cell composed of thin film polysilicon. 
We have revealed that the tendency to recombination is closely related to the char-
acter and structure of grain boundary and also temperature [110].  

Figure 4.20 shows the measurements of EBIC contrast observed for different 
types of silicon grain boundaries, plotted as a function of temperature. It is evident 
that random boundaries showed strong EBIC contrast associated with higher activ-
ity than other low-Σ coincidence boundaries like Σ3. Moreover it was found that 
the EBIC contrast can be affected by the boundary inclination, depending on 
whether the boundary position is a coherent or incoherent portion of Σ3 twin 
boundary. Electric activity of coherent Σ3 is extremely low and almost unmeasur-
able. This means the presence of this kind of special boundaries does not affect the 
efficiency of energy conversion of polysilicon solar cell. On the other hand EBIC 
contrast of low-angle boundaries, which are composed of lattice dislocations with 
large Burgers vector, is so strong as random boundary because lattice dislocations 
composing a low-angle boundary can effectively scatter electron or positive holes 
moving in polysilicon. In fact, the overall efficiency of polysilicon solar cell 
comes from collective and percolation movement of electrons and positive holes 
generated by sun beam irradiation. Modelling of collective motion of charge car-
rying particles in solar cells composed of polysilicon with different grain boundary 
microstructures has been performed in order to compare with the observed electri-
cal properties of polysilicon specimens. Figure 4.21 shows the effect of grain 
boundary microstructure on the resistivity studied on polysilicon specimens pro-
duced by unidirectional and rotational solidification [109]. As clearly seen in this 
figure, the level of the resistivity is much higher for the group of samples with 

Fig. 4.20 Changes in EBIC contrast 
as a function of temperature for silicon 
grain boundaries with different charac-
ters [110]. 
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higher fraction of random boundaries (> 30%) than the group with lower fraction 
of random boundaries (< 20%). The directional GB density means the density of 
specific types of boundaries (in this case random (R) boundaries) existing along 
the defined direction (the direction of electrodes). This kind of information shown 
by this figure can be used for designing a high performance polysilicon solar cell 
with a higher efficiency than presently existing one. 

4.10 Summary and Prospect 

We have overviewed a recent progress in the grain boundary engineering (GBE) 
which was proposed on the basis of structure-dependent grain boundary proper-
ties in the early 1980s. We have mainly focused on structural materials which 
should have a higher resistance to intergranular brittleness caused by intergranular 
fracture in polycrystalline materials. It has been shown that the grain boundary 
engineering is a powerful tool to develop high performance and fracture-resistant 
materials with desirable bulk properties through the introduction of optimum 
grain boundary microstructure. Until recently, the GBE has dealt mainly with 
simple materials composed of single phase materials. Now at the beginning of the 
21st century, we are facing to the GBE for multiphase materials containing grain 
and interphase boundaries often together with other type of interfaces like electric 
and magnetic domain interfaces. Figure 4.22 shows possible grain boundary mi-
crostructures that may be realized by future GBE. The most important driving 
force for GBE is a strong desire and perseverance of researchers who will be 
involved in this challenging and promising goal. 

Fig. 4.21 Relationship 
between electric resistivity 
and the directional grain 
boundary density (DGBD) 
for studied polysilicon 
specimens. The attached 
numbers indicate the frac-
tion of random boundaries 
for respective data points 
[109]. 
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Fig. 4.22 Schematic representation of possible grain boundary microstructures by the grain 
boundary engineering for single phase materials (a–d) and bi-phase polycrystalline materials 
(e–h) [19].  
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Chapter 5  
Texture Development in Low Carbon Sheet 
Steels for Automotive Application 

Jun-Yun Kang, Dong-Ik Kim, and Hu-Chul Lee 

Abstract. The development of recrystallization texture in three low carbon sheet 
steels, conventional IF steel, fine grained IF steel, and DP steel, for automo- 
tive application was investigated using EBSD technique. The recrystallization 
texture at the early stage of recrystallization was very similar to that at the final 
stage in all three steels. A strong α-fiber texture with {112}< 110 > peak and 
weaker γ-fiber texture with {111}< 110 > peak were developed during the defor-
mation of all three low carbon steels. After recrystallization, they changed to 
a strong γ-fiber texture with strong {111}< 112 > component. However, the inten-
sity of the texture components varied in the different steels. The grains of γ-fiber 
orientations developed from deformed grains of similar orientations and grew 
rapidly, consuming the neighboring grains to form a strong γ-fiber texture. In 
conventional IF steels, some recrystallized grains formed at grain boundaries 
showed weak correlation with {111} orientation, however, the growth rates of 
these random grains were too slow to affect the final recrystallization texture. In 
the fine grained IF steel, the intensity of the {001}< 110 > component after recrys-
tallization was higher than that in the conventional IF steel. Strain induced bound-
ary migration (SIBM) was observed in the fine grained IF steel. The intensity of 
the γ-fiber texture was much weaker in the DP steel than in the IF steels. Nuclea-
tion of the {110}< 001 > and {001}< 100 > recrystallized grains from the shear 
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bands in {111}< 112 > or {110}< 110 > grains was expected. The austenite trans-
formation during the intercritical annealing of the DP steel was found to have little 
effect on the formation of its final recrystallization texture. 
Keywords: Recrystallization, Texture, IF steel, DP steel, EBSD 

5.1 Introduction 

Because of its excellent formability and non-aging characteristics, interstitial free 
(IF) steel has become an indispensable material for automotive outer panel appli-
cations. However, because of the recent surge of fuel cost and stringent require-
ments for safety and emission control, the demand for higher strength sheet steels 
is on the increase. Steel manufacturers are investigating various types of advanced 
sheet steels for automotive applications. Figure 5.1 shows the combination of 
tensile strength and elongation for some examples of modern advanced sheet 
steels. More advanced high strength sheet steels are now under development. 
Some of these sheet steels show a good combination of strength and ductility, 
however, the deep drawability of many of these high strength advanced sheet 
steels is not yet satisfactory for automotive applications. Improvement in the sheet 
formability is needed for more general acceptance of these sheet steels for auto-
motive application. 

The formability of low carbon sheet steels is strongly dependent on the texture 
of the sheets. Accordingly, a vast amount of data from experiments and theoreti-
cal analyses has been accumulated on the development of texture in low carbon 
sheet steels. In this paper, we tried to summarize our investigations on the texture 
development in IF, fine grained IF and DP steels. A comparison was made to 
understand the differences in the development of texture in these low carbon 
steels. 

 

Fig. 5.1 Tensile properties of advanced sheet steels [1]. 
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5.2 Texture Development in Low Carbon Sheet Steels 

In low carbon steels, it is well accepted that they have a weak or near random 
texture in the hot band state, strong RD//< 110 > α-fiber texture and weaker 
ND//< 111 > γ-fiber texture in the cold rolled state, and strong ND//< 111 > 
γ-fiber texture in the recrystallized state. Figures 5.2–5.4 show the orientation 
distribution of the three low carbon steel sheets in their cold rolled and fully 
annealed states. In the cold rolled state, they show a strong RD//< 110 > fiber 
texture with a {112}< 110 > maximum peak position and ND//< 111 > fiber 
texture with a {111}< 110 > peak position. A strong ND//< 111 > fiber texture 
with a {111}< 112 > maximum peak was developed in the fully recrystallized 

 

Fig. 5.2 ODF calculated from EBSD data of conventional IF steel (a) cold rolled and (b) fully 
annealed state. 

 

Fig. 5.3 ODF calculated from EBSD data of fine grained IF steel. (a) cold rolled and (b) fully 
annealed state. 
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specimen of the two IF steels. This corresponds well with previous observations 
that the {112}< 110 > and {111}< 110 > texture components become strong in 
the greater than 70% cold rolled sheets, and that the {111}< 112 > texture com-
ponent becomes strong in the fully recrystallized sheets [2–7]. In the DP steel, 
the prevalence of the ND//< 111 > texture centered around {111}< 112 > was 
also observed even though the overall intensity of the texture was considerably 
weakened. 

5.2.1 Development of Cold Rolled Microstructure and Texture 

The textures developed after the cold rolling of low carbon steels were very simi-
lar to each other as shown in the Figs. 5.2–5.4, even though their relative intensi-
ties may vary with microstructural or processing parameters [8–11]. The intensi-
ties near the {112}< 110 > component and also the intensities of ND//< 111 > 
components were stronger in the IF steels than the DP steel. They were stronger in 
the fine grained IF steel than the conventional one. It was considered that more 
homogeneous deformation of the fine grained microstructure led to the stronger 
rolling texture. The grain size was larger in the DP steel than in the IF steels and 
the presence of pearlite may cause non-uniform deformation in the DP steel result-
ing in the development of weaker deformation texture in the DP steel. 

During rolling, the more or less random grains in the hot bands rotate toward 
a more stable orientation. For instance, Inagaki [11–14] reported such paths of 
crystal rotation as, 

(A) {001}< 100 >→{001}< 110 >→{112}< 110 >→(223)< 110 > 
(B) {110}< 00 1 >→{554}< 225 >→{111}< 112 >→{111}< 110 >→{223}< 110 > 

 

Fig. 5.4 ODF calculated from EBSD data of DP steel. (a) cold rolled and (b) fully annealed 
state. 
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Fig. 5.5 Map of orienta-
tion stability during cold 
rolling of ferrite. 

The {223}< 110 > orientation was identified as the stable end orientation of the 
cold rolling texture in the polycrystals. The path (A) goes through the α-fiber ori-
entations while the path (B) goes through the γ-fiber orientations. Both of them 
approach the same end orientation, {223}< 110 >. Figure 5.5 shows the map of the 
stability factor from which the rolling texture can be estimated for a given initial 

 

Fig. 5.6 Development of grain average misorientation (GAM) during cold rolling of IF steel 
(Each orientation group has a tolerance angle of 12.5° from the ideal orientation. Group A is the 
partial α-fiber excluding the D and RC orientation.) 
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texture (or hot band texture). It clearly shows that the α grains are more stable 
against rotation during rolling than the γ grains. Kang et al. [16] postulated that the 
stability of the grains can be related to the accumulation of the stored energy dur-
ing rolling. In their work, the instability, or the tendency of reorientation around 
the main components of the deformation texture is proportional to the accumula-
tion of the intra-granular misorientation. Figure 5.6 shows the grain average 
misorientation (GAM) for the selected orientation groups as a function of the 
deformation. The GAM increases with increasing equivalent strain in all of the 
selected groups. However, it is clear that the F and D groups which belong to 
γ-fiber showed larger misorientation values than the other two groups belong to 
α-fiber. 

5.2.2 Development of Recrystallization Texture 

Several theories have been proposed to explain the development of recrystalliza-
tion texture during the annealing process [17–21]. In the oriented nucleation the-
ory first proposed by Burgers [17], it is assumed that the final recrystallization 
texture is determined by the preferred nucleation of recrystallized grains of spe-
cific orientations. Transmission electron microscope (TEM) was frequently used 
to identify the nucleated grains and the < 111 >//ND recrystallized grains formed 
at the highly deformed regions such as the transition bands, shear bands, and kink 
band were suggested as the nuclei grains [22]. In 1940, Barrett suggested the ori-
ented growth theory [18]. In this theory, it is assumed that the recrystallized grains 
nucleate in a random orientation, however, the mobility of grain boundaries be-
tween some the recrystallized grains and deformed grains with a specific orienta-
tion relationship is higher than that of the other boundaries and determines the 
final recrystallization texture. For example, the growth rate of the {111}< 112 > 
recrystallized grains which have the < 110 > 27° orientation relationship with the 
{112}< 110 > deformed grains is the highest and governs the final recrystallization 
texture in steels [23]. Compromises between these two theories have also been 
proposed. The selective growth theory assumes that the recrystallization is initi-
ated by oriented nucleation, and then some recrystallized grains of the specific 
orientation relationship with the deformed neighboring grains grow faster than the 
other recrystallized grains and determine the final recrystallization texture [24]. 
The energy release maximization theory [19] assumes that the recrystallized grains 
nucleate and grow in such a way as to maximize the release of the stored energy 
produced by the dislocations during the deformation. These theories are supported 
by many experimental results obtained over the past several decades, however, 
none of them attained perfect superiority over the others. Even though the cold 
rolling textures vary with the microstructural and/or processing parameters of the 
materials, the range of the variety is not so wide. By contrast, the recrystallization 
textures are very sensitive to them as shown in Figs. 5.2–5.4. The intensities of the 
recrystallization texture are much weaker in the DP steel than in the two IF steels. 
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The development of the {001}< 100 > and {110}< 001 > components are notewor-
thy in DP steel, which were reported to originate from solute carbon in ferrite 
[25, 26]. Among the two IF steels, fine grained one has stronger intensities along 
the α-fiber, especially at {001}< 110 >, which could originate from the fine 
grained microstructure. 

Figure 5.7 (a) shows the variation of the volume fraction of the texture compo-
nents with the annealing time in the conventional IF steel. As shown in Fig. 5.2, 
representative α-fiber and γ-fiber texture components are strongly developed in the 
fully deformed state. The volume fraction of these texture components does not 
change up to the mid stage of recrystallization, and, thereafter the {112}< 110 > 
component starts to decrease and the {111}< 112 > component starts to increase. 
The strength of the {111}< 110 > component is maintained and slightly increases at 
the end of recrystallization process. The {001}< 110 > component remains for quite 
a long time and decreases rapidly at the late stage of recrystallization. This is why 
many previous researchers focused on the transformation of the {112}< 110 > 
texture to the {111}< 112 > texture and explained that this phenomena deter 
mines the final recrystallization texture. However, if we differentiate the recrystal 
lized grains from the deformed grains in partially recrystallized specimens, all  
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Fig. 5.7 Variations of the volume fraction of important texture components with annealing time 
at 650°C. 
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the texture components of the deformed grains decrease continuously from the 
first stage and the {111}< 110 > and {111}< 112 > recrystallized components 
develop from the first stage of recrystallization, as shown in Figure 5.7(b) and 
5.7(c). The {111}< 110 > and {111}< 112 > texture components develop from 
the first stage of recrystallization and determine the final recrystallization texture. 

 

Fig. 5.8 Orientation distributions at the early stage of recrystallization in conventional IF steel: 
(a) whole measured area, (b) recrystallized area (10.9% in volume fraction) and (c) full recrystal-
lization texture. 

 

Fig. 5.9 Orientation distributions at the early stage of recrystallization in fine grained IF steel: 
(a) whole measured area, (b) recrystallized area (11.9% in volume fraction) and (c) full recrystal-
lization texture. 

 

Fig. 5.10 Orientation distributions at the early stage of recrystallization in DP steel: (a) whole 
measured area, (b) recrystallized area (14.7% in volume fraction) and (c) full recrystallization 
texture. 
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The exchange of the {112}< 110 > component with the {111}< 112 > component 
could not properly explain this texture variation of this IF steel. 

In Figs. 5.8–5.10, the textures of the recrystallized grains at the early stage of 
annealing are compared to the final textures of the recrystallized low carbon steels. 
The textures of recrystallized grains are quite similar to the final textures of the 
recrystallized sheets. It could mean that the final recrystallization texture in these 
low carbon steels was determined at the stage of nucleation. However, it can be 
observed that as the recrystallization proceeds, there are some modifications in the 
recrystallization texture. The intensity of the {111}< 112 > component in the IF 
steels becomes much stronger after the final recrystallization as shown in Fig. 5.8 
and 5.9. The growth of the {111}< 112 > grains, previously reported by Lucke, 
was expected [27]. In the DP steel, no further increase of the ND//< 111 > compo-
nents was observed during growth, as was the case in IF steels, which can be 
found in Fig. 5.10. 

5.2.3 Mechanism of the Recrystallization Texture Formation 

To reveal the recrystallization behavior of low carbon steels, specimens at the 
initial stage of recrystallization were investigated by EBSD. As shown in 
Fig. 5.11, the nucleation of the < 111 >//ND grains from the < 111 >//ND deformed 
grains was the main governing mechanism throughout the whole recrystallization 
process of conventional IF steel. The nucleation of the < 111 >//ND grains was 
concentrated in the region where the {111}< 112 > and {111}< 110 > grains were 
mixed. This conforms to the oriented nucleation theory in which recrystallization 
nuclei forms at the highly deformed area of the similar orientations. The stored 
energy of deformed grains of the major texture components was estimated by 
EBSD [16] and TEM [28]. The {111}< 112 > grains have the largest stored en- 
ergy followed by the grains of the {111}< 110 >, {112}< 110 > and {001}< 110 > 
orientations [28]. Based on the stored energy estimation, areas of the {111}< 112 > 
orientation are the highest potential area for the nucleation followed by the 
{111}< 110 > grains. As shown in the Fig. 5.7(c), the recrystallized grains of 
{111}< 112 > orientation showed the largest intensity followed by the 
{111}< 110 > grains from the early stage of recrystallization to the final stage of 
recrystallization. In the area of high stored energy, fine polygonized subgrain 
structures were developed at the early stage of recovery. The subgrains coalesce 
during annealing, and they become the nuclei of the similar orientations to the 
deformed grains [29]. Figure 5.12 shows the formation of recrystallized grains at 
the grain boundary area of the conventional IF steel. The orientation of recrystal-
lized grains formed at the grain boundary showed a more or less random orienta-
tion, which lowered the strength of recrystallized grains at the initial stage of re-
crystallization. However, their contribution to the final annealing texture was 
limited during the following grain growth regime. 
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(a) Pattern quality micrograph (b) Color key

(c) ND map of total grains (d) RD map of total grains

(e) ND map of recrystallized grains (f) RD map of recrystallized grains

RD

TD

[111]

[101][001]

15 µm

 

Fig. 5.11 EBSD analysis of {111}//ND area in conventional IF steel annealed at 650°C for 
5 minute: (a) Pattern quality micrograph; (b) Color key; (c) ND map of total grains; (d) RD map 
of total grains; (e) ND map of recrystallized grains; (f) RD map of recrystallized grains. 
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(a) 

(b) 

(c)

[100] [011]

[111]

 

Fig. 5.12 EBSD analysis of grain boundary area in conventional IF steel annealed at 650°C for 
5 minutes: (a) pattern quality micrograph, (b) ND map of the total grains and (c) ND map of the 
recrystallized grains. 

Figure 5.13 shows the subgrain distribution in the deformed α- and γ-grains in 
the fine grained IF steel. Fine subgrains are well developed in the γ-fiber grains 
but not in the α-fiber grains. Thus, the γ-fiber grains possess higher stored energy 
than the α-fiber grains and these subgrains are the potential nuclei for recrystalli-
zation. When one of these subgrains grows into a recrystallized grain, the orienta-
tion of the grain will be close to γ-fiber orientations. The dislocation density in the 
α-grains might be too small to form subgrains or the misfit angles between the 
subgrains might be too small to be detected by EBSD. Nucleation can not occur 
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from α-grains which can be consumed by the growing ND< 111 > recrystallized 
grains. From these results, it could be concluded that the strong γ-fiber compo-
nents in the two IF steels was inherited from the prevailing strain accumulation in 
the γ-grains during the deformation. Active subgrain formation and growth in the 
deformed γ-grains are the main origin of the development of the γ-fiber prevalent 
recrystallization texture in the IF steels. 

Grains of low stored energy can also contribute to the formation of recrystal-
lization texture by another mechanism of nucleation, viz the strain induced 
boundary migration (SIBM) [30–32]. When the grains having low stored energy 
are in contact with grains having high stored energy, the grain boundary can 
migrate into the neighboring high stored energy grains. In this case, low stored 
energy RD< 110 > grains can grow by the consumption of high stored energy 
ND< 111 > grains. This mechanism may not be the major mechanism of the 
formation of recrystallization texture, however, the probability of SIBM will be 
greater in steels of larger grain boundary area. This could be the main reason of 
the higher intensity of the near {001}< 110 > components observed in the fine 
grained IF steel. 

(a) (b)

[100] [011]

[111]

 

Fig. 5.13 Subgrain development according to the grain orientation in fine grained IF steel: 
(a) band contrast micrograph and (b) ND orientation map. 
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Another active nucleation site for recrystallization is the shear band in de-
formed grains. The shear bands are the areas in which concentrated deformation 
occurred. In Fig. 5.14, the pole figure of shear bands observed in the DP steel is 
compared with that of the surrounding deformed grains. The grain orientation of 
Fig. 5.14 (c) is near {111}< 112 >, which is known to frequently develop shear 
bands [26, 33]. The texture of shear bands developed in this grain was close to 
{110}< 001 >, viz. the Goss orientation. The Goss components observed in the DP 
steel are believed to come from grains nucleated from these shear bands. Fig-
ure 5.14 (e) and (f) show another case of shear band formation. The grain orienta-
tion is close to {110}< 110 > (rotated Goss) and the orientation of the shear band 

 

Fig. 5.14 Orientation of shear bands in relation to the grain orientation: (a) band contrast map, 
(b) ND orientation map, {100} pole figures of the {111}< 112 > grain (c) and {110}< 110 > (e). 
{100} pole figures of the shear bands (d and f) in the marked region. 
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formed in this grain was close to the {001}< 100 > (cube) component. It could be 
reasoned that the weakening of the γ-recrystallization texture and the strengthen-
ing of the Goss and cube components in the DP steel originated from the frequent 
formation of shear bands in the γ-grains. In the IF steels, shear bands were less 
frequently observed except in the {111}< 112 > grains and the orientation of the 
shear bands was not very different from that of the {111}< 112 > grains. 

Present observation suggests that recrystallization is not a simple phenomenon 
but a complex one which several mechanisms competing with each other. The de-
velopment of recrystallization texture may not be explained by a single mechanism. 
The nucleation of the grains having the similar orientation from the {111}< 112 > 
and {111}< 110 > deformed grains was observed to be the governing mechanism. 
They grow into the neighboring deformed grains having different orientations and 
determine the final texture of the fully recrystallized sheets. In the fine grained IF 
steel, because of the larger grain boundary areas than in the other steels, some of the 
{001}< 110 > grains survived by the SIBM mechanism. In the DP steels, the overall 
texture strength was weakened and the {001}< 100 > and {110}< 001 > textures 
were evolved owing to the active nucleation at the shear bands. 

5.3 Effect of Austenite Transformation on the Recrystalization 
Texture of DP Steel 

During DP treatment of the low carbon steel, the sheets were heated to the ferrite 
+ austenite temperature and during holding, part of the recrystallized ferrite trans-
formed into austenite and part of this austenite transformed into ferrite again dur-
ing cooling. Ferrite to austenite and also austenite to ferrite transformation are 
known to occur satisfying the Kurdjumov-Sacks (K-S) orientation relationship. If 
we assume the random selection of 24 K-S variants during the transformation, we 
would expect a significant weakening of the recrystallization texture to be caused 
by the austenite transformation. Figure 5.15 (b) shows the calculated ferrite texture 
assuming the random selection of the K-S variants during the ferrite-austenite-
ferrite transformation of an IF steel which has the strong ND//< 111 > texture of 
Fig. 5.15 (a). The random selection of the K-S variants practically randomized the 
initial strong ND//< 111 > texture. 

Figure 5.16 shows the variation of the texture in the DP steel heated to the full 
austenite region after recrystallization. Figure 5.16 (a) shows the texture of the DP 
steel quenched after heating to 780˚C and Fig. 5.16 (b) shows the texture of the 
same steel continuously heated to 950˚C and then cooled to room temperature. 
The steel is completely recrystallized at 780˚C and the austenite transformation 
was finished at 910˚C. The transformation texture of Fig. 5.16 (b) is almost identi-
cal to the recrystallization texture of Fig. 5.16 (a). Inagaki also reported a similar 
result [34]. We can conclude that in textured materials, random selection is not 
a proper assumption for variant selection and the austenite transformation during 
DP annealing does not significantly affect the final texture of DP steel. 
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Fig. 5.15 Weakening of texture due to austenitization (computed assuming random selection of 
K-S variants): ODF (a) before and (b) after austenitization. 

 

Fig. 5.16 Texture variation after austenitization of recrystallized DP steel: ODF (a) before and 
(b) after austenitization. 

5.4 Summary 

The development of the recrystallization texture in conventional IF, fine grained 
IF, and DP steels was investigated using EBSD technique. During the deforma-
tion, a strong α-fiber texture with {112}< 110 > peak and weaker γ-fiber texture 
with {111}< 110 > peak were developed in all three steels. After recrystalliza-
tion, they were changed to a strong γ-fiber texture with strong {111}< 112 > 
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component. However, the intensity of the texture components varied in the 
different steels. Strain induced boundary migration (SIBM) was observed in the 
fine grained IF steel and that may result in the higher intensity of the 
{001}< 110 > component after recrystallization. Nucleation of the {110}< 001 > 
and {001}< 100 > recrystallized grains from the shear bands in {111}< 112 > or 
{110}< 110 > grains was expected. The austenite transformation during the 
intercritical annealing of the DP steel was found to have only a limited effect 
on the formation of its final recrystallization texture. 
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Chapter 6  
Texture and Microstructure Evolution 
at the Metal-Vapour Interface During 
Transformation Annealing in a Mn and Al 
Alloyed Ultra Low Carbon Steel 

Leo A.I. Kestens, Jai Gautam, and Roumen Petrov 

Abstract. This paper investigates the evolution of texture and microstructure at 
the metal-vapour interface during transformation annealing in vacuum. Interrupted 
annealing experiments were carried out on cold rolled Mn, Al and Si alloyed ultra 
low carbon steels. The textures were characterized by X-ray diffraction and SEM-
EBSD techniques. The results show the variation in the surface texture compo-
nents obtained after BCC recrystallisation and double α−γ−α transformation an-
nealing. The recrystallisation texture consists mainly of a < 111 >//ND fibre, while 
the transformation texture at the surface exhibits a < 100 >//ND fibre in combina-
tion with components of the < 110 >//ND fibre. It was revealed that the latter spe-
cific surface texture was present in a monolayer of outer surface grains which 
were in direct contact with the vapour atmosphere. This observed phenomenon 
could be explained by considering the role of surface energy anisotropy occurring 
during phase transformation annealing. 

Keywords: α−γ−α transformation, metal-vapour interface energy, surface tex-
ture, < 100 >//ND and < 110 >//ND texture 

6.1 Introduction 

It is well known that anisotropy of surface energy is the driving force for the ori-
entation selection at the metal-vapour interface during solidification. This affects 
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the microstructure and texture evolution of solidifying metals. Although the exact 
value of the interfacial energy between the atmosphere and the steel surface is 
largely unknown, it is widely accepted that the bcc {100} and {110} planes have 
a relatively low surface energy [1, 4, 5, 6, 7]. 

The austenite-to-ferrite phase transformation, which is an inherent feature of 
low-alloyed low-carbon steels, has scarcely been investigated to control surface 
texture evolution. Hashimoto et al. [2, 3] investigated the α−γ−α phase transfor-
mation texture at the surface of an ultra low carbon cold rolled steel sheet and 
reported that a < 100 >//ND texture was formed rather than the usual < 111 >//ND 
texture. They interpreted this experimental result by assuming that the elastic work 
in the ND direction associated with the transformation could be larger than that in 
any other direction. Aspeden et al. [4] reported that an annealing treatment in the 
austenite phase followed by slow cooling in ultra low carbon steel resulted in 
a stronger < 100 >//ND texture. They explained their observations by the texture 
dependence of the surface energy. The < 100 >//ND surface grains nucleate more 
rapidly because they have the lowest interfacial energy with the surrounding at-
mosphere. Tomida and Tanaka [5] revealed that an extremely sharp < 100 >//ND 
texture can be formed at the surface of a Mn alloyed low carbon steel by means of 
an inter-critical annealing or a heat treatment in the γ region.  

The surface textures reported in the literature do not include a systematic de-
scription of their evolution neither does the literature provide a detailed descrip-
tion of the grain morphology and grain structure at the surface. In the present 
study an attempt has been made to represent a clear view on the surface texture 
evolution in ultra low carbon steel alloyed with Mn and Al. The interrupted an-
nealing experiments have been conducted in the dilatometer to ensure a precise 
temperature and phase fraction control during each step of the annealing treat-
ment. The surface texture has been measured by XRD in a conventional texture 
goniometer whereas grain structure and morphology was characterised by orienta-
tion contrast microscopy (EBSD-OIM of EDAX-TSL® type). 

6.2 Experimental Procedure 

Two alloys, denominated as L2 and L3, with the chemical composition listed in 
Table 6.1, were hot rolled above the Ar3 temperature, air cooled and annealed at 
700°C in order to simulate the slow cooling trajectory of the industrial hot band 
coiling process. After pickling the hot rolled sheets were cold rolled to a 70% reduc-

Table 6.1 Chemical compositions 

(wt %) C Mn Si Al 

L2 0.002 1.28 0.22 0.29 
L3 0.003 0.75 0.23 0.12 
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tion. The cold rolled material was annealed according to the schematic illustration 
of Fig. 6.1. The dilatometer was employed for this annealing treatment. During 
annealing the furnace atmosphere was kept vacuum and quenched with helium gas. 

The microstructure of the cold rolled sheets was characterized by means of 
light optical microscopy after mechanical polishing. Orientation contrast imaging 
was also carried out on selected samples by the EBSD technique. The EBSD sys-
tem was attached to a FEI® Environmental Scanning Microscope (ESEM-XL30) 
with a LaB6 filament. Four incomplete pole figures ({110}, {200}, {211}, and 
{310}) were measured on a SIEMENS® D5000 X-ray texture goniometer with 
a molybdenum tube. The bulk of the diffraction data was received from the depth 
of approximately 8 microns underneath the sheet surface. The orientation distribu-
tion functions (ODFs) were calculated from these incomplete pole figures employ-
ing the software developed by Van Houtte [8]. 

6.3 Results 

6.3.1 Surface Texture and Through Thickness Microstructure 
Before Annealing 

The cold rolled sheets of both the alloys L2 and L3 were observed in the optical 
microscope and the through-thickness microstructures are shown in Fig. 6.2. The 
cold rolled microstructure is very homogeneous across the thickness. The cold 
rolled surface textures were examined in the X-ray texture goniometer and the 
phi2 = 45° sections are shown in Fig. 6.3. The cold rolled surface textures exhibit 
the typical L-shape morphology of the cold rolling texture as they are composed of 
the alpha and gamma fibre (< 110 >//RD and < 111 >//ND, respectively). 

 

Fig. 6.1 Interrupted annealing treatment. 
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Fig. 6.2 Through thickness microstructures (left) of the cold rolled sheet and X-ray texture 
(right) observed on the RD-TD surface of materials L2 and L3. 

 

Fig. 6.3 Phi2 = 45° sections of ODFs measured after interrupted annealing at different tempera-
tures. 

6.3.2 Surface Texture at Different Temperatures 
During Interrupted Annealing 

After interrupted annealing under vacuum conditions the sample surfaces were 
examined with the X-ray texture goniometer. ODFs have been analysed and 
phi2 = 45° sections for both alloy compositions at different temperatures are shown 
in Fig. 6.3. At 925°C the ferrite recrystallisation takes place and as a result of that 
the texture has evolved towards the rotated cube component and the gamma fibre. 
The ODFs observed after annealing at 950°C and 975°C represent textures devel-
oped during annealing in the mixed phase of ferrite and austenite. The overall in-
tensity of the texture has increased and consists of the rotated cube component, the 
alpha and the gamma fibre. The phi2 = 45° sections observed after annealing at 
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1000°C, 1025°C and 1050°C represent the textures after complete austenitization 
and subsequent transformation to ferrite. The surface texture after complete trans-
formation displays a strong cube fibre in combination with a Goss component 
which is significantly different from the textures observed at lower temperatures. 

6.3.3 Through Thickness Grain Morphology 

Orientation contrast microscopy (EBSD) was carried out on a number of selected 
samples of the alloy L3 annealed at 925°C (no transformation), at 975°C (partially 
transformed) and at 1050°C (complete transformation) with a holding time of two 
minutes. The intention was to reveal a microstructural and textural correlation 
across the thickness of the sheet at these three different temperatures. Figure 6.4 
shows the inverse pole figure maps (in grey scale) obtained at three successive 
stages during interrupted annealing. The first microstructure (Fig. 6.4 (a)) at 
925°C displays a recrsytallised grain morphology which consists of equi-axed 
grains with an average size of approximately 11.6 µm. The second microstructure 
(Fig. 6.4 (b)) observed after annealing at 975°C shows a partially transformed 
microstructure which is characterized both by smaller equi-axed grains and larger 
irregular grains. It is assumed that the former are recrystallized ferrite grains 
whereas the latter are transformed ferrite grains. The third microstructure 
(Fig. 6.4 (c)), recorded on a sample annealed in the fully austenite phase at 1050°C 
for 2 minutes, shows a very irregular grain structure with an average size of  
approximately 10 µm. It can also be observed that this microstructure exhibits 
a monolayer of elongated grains at the very edge which contacts the outer atmos-
phere. This single layer of surface grains represents a specific texture which is 
dominated by < 100 > and < 110 > fibre grains. 

 

Fig. 6.4 (a, b and c) Inverse pole figure maps in grey scale observed after recrystallisation, 
intercritical annealing and after α−γ−α  transformation in the RD-ND plane for L3. 

6.4 Discussion 

The α−γ−α transformation textures of the two alloys L2 and L3 have revealed 
a typical surface texture with {100} and {110} planes parallel to the solid/vapour 
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interface. It appears that a specific orientation selection mechanism has occurred 
during α−γ−α  transformation at the cold rolled surface. Such a surface texture 
component has already been reported by several authors (3–7). There are different 
explanations reported in the literature for the < 100 >//ND texture formation at the 
surface but the following two mechanisms are found to be more relevant in the 
present study: (i) an orientation selection mechanism controlled by surface energy 
or (ii) a variant selection mechanism resulting from the release of transformation 
stresses towards the normal direction. 

In an earlier investigation (10) both mechanisms have been discussed and it has 
been found that the first possibility of an orientation selection mechanism con-
trolled by surface energy anisotropy is probably the more convincing one. The 
detailed analysis (11) of the surface microstructure indicates that the surface tex-
ture is controlled to a large extent by the interface energy. This is not only true for 
the solid/vapour interface but also for the grain/grain interfaces in the surface 
monolayer. This monolayer shows a 40% area fraction of low-energy Σ3 bounda-
ries which significantly exceeds the fraction of 8% which is observed in the bulk 
of the metal. 

The present results indicate that by appropriate control of annealing conditions 
specific texture components can be introduced at the surface of the sheet. By fine-
tuning the annealing conditions it can be attempted to grow the surface grains 
towards the bulk of the sheet and hence to control the bulk texture as well (6 and 
12). Hence, the surface can be used as an additional degree of freedom for the 
control of textures in steel sheet manufacturing. In order to fully benefit from the 
potential of this degree of freedom a number of obstacles still needs to be over-
come. E.g. it is not yet known in detail how surface chemistry and annealing envi-
ronment will affect the surface energy anisotropy and the resulting surface texture 
during α−γ−α  phase transformation. 

6.5 Conclusions 

The selected alloy compositions L2 and L3 exhibit a specific surface texture after 
α−γ−α transformation annealing of a cold rolled sheet. The annealed sheet sur-
faces of the two alloys exhibit a monolayer of grains in direct contact with the 
metal/vapour interface and with predominant < 100 >//ND and < 110 >//ND fibre 
texture. Orientation selection on the basis of minimisation of the metal/vapour 
interface energy seems to be the most appropriate hypothesis to explain the pre-
sent results. 
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Chapter 7  
Precipitation Behavior and Textural Evolution 
in Interstitial Free High Strength (IFHS) Steels 

R.K. Ray and P. Ghosh 

Abstract. Cold rolled and annealed interstitial free high strength (IFHS) steels 
show various kinds of precipitates. Out of these, FeTiP is the most deleterious, 
since its formation leads to a loss of strength as well as degradation of the form-
ability of the steel. This effect is much more pronounced in batch annealed IFHS 
steels than in their continuous annealed counterparts. The harmful effects of FeTiP 
precipitation in batch annealed steels can be largely avoided by the use of appro-
priate coiling and annealing temperature, depending on the composition of the 
steel.  

7.1 Introduction 

Interstitial free high strength steels, commonly known as IFHS steels, have been 
developed to meet the requirement of higher strength coupled with adequate deep 
drawability. To achieve this, solid solution strengthening elements, like P and Mn 
are added to normal interstitial free (IF) steels to produce solid solution strength-
ening, without any loss of formability. This particular grade of steels has found 
wide acceptability by the automobile manufacturers for use in different critical 
shaped parts of car body where strength is also a major issue. As a whole, use of 
IFHS steels in car body applications should allow the down-gauging of steel 
sheets with an attendant reduction in weight. This in turn, will result in lowering 
of fuel consumption and less emission of harmful CO2. Unfortunately, very often, 
deterioration of formability has been noticed in this grade as compared to the nor-
mal IF steels. This has very often been attributed to the formation of FeTiP type of 
precipitates which are suspected to degrade the deep drawability of these steels. 

__________________________________ 
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Not only that, loss of strength has also been reported due to FeTiP formation. 
FeTiP has been reported to form in the temperature range of 600–900°C [1]. Be-
low 600°C, the kinetics of FeTiP formation is very sluggish and above 900°C, it 
appears to dissolve. The formation of FeTiP is more harmful in case of batch an-
nealing as the process itself allows sufficient time for the reaction to take place. 
On the contrary, in case of continuous annealing, many a time FeTiP formation 
does not take place due to less time for precipitation. Literature reveals that the 
solubility product plots for FeTiP and TiC are very close and formation of FeTiP 
may result in less Ti being available to tie up with the carbon, in case FeTiP forms 
prior to the formation of TiC. The larger amount of carbon left behind in the ma-
trix will be very harmful to {111} texture formation and the formability. Along 
with this, FeTiP particles have often been observed to be present on the grain 
boundaries, which may very well restrict the growth of beneficial {111} oriented 
grains. This also results in poor average r value. The precipitation and stability of 
FeTiP particles are very much dependent on the composition as well as processing 
history of the steels. In this context, a detailed understanding of FeTiP precipita-
tion is very much needed to get the maximum benefit of P addition without losing 
much of the formability. The present review deals with the effect of composition 
and processing parameters on precipitation behavior in IFHS steels, in general, 
with special emphasis on FeTiP formation. It will also take into account the im-
pact of precipitation on texture formation and deep drawability, with a view to 
suggesting possible ways and means to avoid the deleterious effects of precipitates 
such as FeTiP. 

7.2 Precipitation in Batch Annealed (BA) IFHS Steels 

IFHS steels are normally processed by the hot rolling, cold rolling and annealing 
route. Annealing can be done by either the batch or the continuous process. In 
case of batch annealed IFHS steels, a variety of precipitates with definite shapes 
can be observed. The most common among them are TiN particles which are 
mainly square or rectangular in cross-section. The average size of these particles 
is 1–2 µm. Very often these are observed to be present along with other particles, 
like Al-oxide or MnS. Al-oxide particles are seen to be surrounded by TiN pre-
cipitates, which suggests heterogeneous precipitation of TiN over Al-oxide parti-
cles. Some complex precipitates containing Ti, N, Mn and S are often observed 
in these steels. This may be due to a combination of two separate precipitates, 
such as TiN and MnS. Sometime these complex precipitates contain Al also. All 
these features are shown in Fig. 7.1. The size and frequency of TiN particles are 
perceptibly higher in Ti + Nb IFHS steels as compared to only Ti-added IFHS 
steels. This could be due to the presence of Nb which is known to increase the 
effective Ti solute concentration in the matrix and may thus trigger the formation 
of TiN in the earlier stages of steelmaking [2, 3]. This feature is shown in 
Fig. 7.2.  
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Fig. 7.1 SEM micrographs of batch annealed IFHS steels showing presence of different pre-
cipitates. 

Apart from these bigger sized precipitates, numerous fine precipitates are also 
observed (< 1 µm) in these steels. The sizes of these precipitates range between 
10 nm and 500 nm. The volume fractions of these precipitates vary with the steel 
composition. Most of these fine precipitates have been identified as 
FeTiP/Fe(Ti + Nb)P type with Fe:Ti:P ratio more or less close to 1:1:1. This pre-
cipitation occurs during batch annealing at 700°C. Higher amounts of P and Ti in 
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the steels results in the formation of more FeTiP type of precipitates, whereas 
lower amounts of these two elements results in a markedly reduced volume frac-
tion of FeTiP. In fact, depending on the amount of P present, steels may or may 
not show the presence of any carbide precipitates. The solubility product values of 
TiC and FeTiP are very close as shown in Fig. 7.3 [4, 5]. Thus, there is every pos-
sibility that FeTiP may form before TiC precipitation in such steels. As a result of 
this, most of the Ti will get exhausted and very little Ti may be left out to tie up 
with the C in the matrix. This may lead to the formation of rather unstable TiC 
precipitates with low volume fraction. The process will leave behind a substantial 
amount of C in solid solution in the matrix. 

In case of batch annealing of IFHS steels, the precipitation sequence can be as 
follows: 

TiN: forms during steel solidification 
TiS: forms during continuous casting and reheating 
MnS: forms during hot rolling 
Ti4C2S2: forms during coiling after hot rolling (?) [will be discussed in Sect. 4]  
Fe(Ti + Nb)P/FeTiP: forms during annealing 
TiC: forms during annealing 

 

Fig. 7.3 Solubility product curve as a function of temperature for TiC and FeTiP. 

1 µm 2 µm

(a) (b)  

Fig. 7.2 SEM micrographs showing presence of TiN precipitates in (a) Ti + Nb-IFHS and (b) 
Ti-IFHS steels processed through batch annealing route. 
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The formation of the last two precipitates is much more sensitive to steel com-
position and processing. 

7.3 Precipitation in Continuous Annealed (CA) IFHS Steels 

Continuous annealing after cold rolling is very popular with steel makers as the pro-
cess takes less time and therefore increases the productivity. In this process, after cold 
rolling the steel sheets are continuously passed through the annealing furnace which 
is generally kept at a temperature higher than that of normal batch annealing furnaces. 
However, the holding time is very short, less than 2 min, as compared to batch anneal-
ing which involves a holding time of 20–25 hrs. Due to the higher annealing tempera-
ture and very short annealing time, the precipitation behavior of continuously an-
nealed IFHS steels is quite different from their batch annealed counterparts. 

As in case of BA-IFHS steels, in CA-IFHS steels also the most common pre-
cipitates are TiN. These are cubic in shape with square or rectangular cross-section 
and having a size range from 1–2 µm. However, the frequency of observation as 
well as the size of the TiN particles is very much dependent on the composition of 
the steels. For example, if the steel does not contain any Nb but Ti only, the fre-
quency of observation of TiN is very rare and also the size is very small. On the 
contrary, presence of Nb not only increases the size but the number of such parti-
cles as well. This feature is illustrated in Fig. 7.4. This effect is more pronounced 
in continuously annealed IFHS steels as compared to the batch annealed steels. As 
mentioned in the previous section, the presence of Nb increases the effective so-
lute concentration of Ti and as a result of this TiN formation is more easy in 
Ti + Nb-IFHS steels. In case of batch annealing, smaller TiN precipitates may get 
the chance to grow during annealing, whereas in case of continuous annealing it 
does not happen. After the formation of TiN particles, precipitation of TiS takes 
place. The volume fraction of TiS precipitates is much higher in case of continu-
ous annealing as compared to batch annealing. TiS, which forms during continu-
ous casting, is not stable during annealing and gets transformed to other types of 
precipitates. In case of batch annealing, due to higher annealing time, the trans-
formation is mostly complete whereas, it is not so in case of continuous annealing. 

Fig. 7.4 Presence of TiN 
precipitates in (a) a Ti-IFHS 
and (b) a Ti + Nb-IFHS steel. (a) (b)
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As a result, TiS is more frequently observed in continuous annealed IFHS steels. 
In case of Ti-only IFHS steels, MnS (~ 500 nm) and (Ti + Mn)S precipitates are 
mainly noticed. However, Ti + Nb-IFHS steels do not show any such precipitation. 
These features are shown in Fig. 7.5.  

Next comes the carbide precipitation. Fine TiC precipitates are observed 
throughout the matrix of IFHS steels after annealing. These precipitates generally 
do not contain any Nb in them, irrespective of the Nb content of the steels, when 
they are present inside the grains. However, at or near the grain boundaries, the 
carbide precipitates are often found to contain a little bit of Nb in case of  
Ti + Nb IFHS steels. The reason is not hard to understand as Nb is expected to 
segregate at the grain boundary. These features are illustrated in Fig. 7.6. FeTiP or 

Fig. 7.5 Sulphide precipi-
tates in (a–b) Ti and (c–d) 
Ti + Nb continuously 
annealed IFHS steels. 
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Fig. 7.6 TEM micrographs of carbide precipitates in continuously added (a) Ti and (b–c) 
Ti + NB IFHS steels. 
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Fe(Ti + Nb)P type of precipitates are very rarely observed in continuous annealed 
IFHS steels. Moreover, even if it forms, the amount of P in the precipitates is 
much lesser than the required stoichiometric amount. During continuous anneal-
ing, Fe and Ti instantaneously form some clusters [6] and P starts diffusing in 
slowly. However, there is not enough time for the P atoms to diffuse completely, 
resulting in Fe–Ti compounds with very little P in them [6]. These features have 
been depicted in Fig. 7.7.  

In a nutshell, the sequence of precipitation in continuous annealed IFHS steels 
can be as follows: 

TiN: forms during steel solidification 
TiS: forms during continuous casting and reheating 
MnS: forms during hot rolling 
TiC: forms during annealing. 

7.4 Precipitation of FeTiP 

The main difference in chemical composition between the IF and the IFHS steels 
lies in the higher P content in the latter, due to which the precipitation behavior 
becomes much more complicated. It is now quite clear that presence of FeTiP type 
precipitates in IFHS steels plays a major role in deciding the deep drawability and 
mechanical properties of these steels. Formation of FeTiP not only degrades the 
deep drawability, but also results in loss of strength. Researchers have now estab-
lished a one to one correlation between FeTiP formation and the development of 
{111} texture in IFHS steels. It is observed that higher volume fraction of FeTiP 
type precipitates results in less intense {111} annealing texture and consequently 
poorer  r− value in IFHS steels. 

Fig. 7.7 TEM micrographs 
showing (a) FeTiP type of 
precipitates in Ti-IFHS  
(extraction replica) and  
(b) Fe(Ti + Nb)P type of  
precipitates in Ti + Nb-IFHS 
steels (Thin foil). 

El. Wt %  At % 
P 05.00 08.10 
Ti 50.50 52.90 
Fe 40.40 36.30 
Nb 00.00 0.00 

El.  Wt %  At % 
P 03.00 05.10 
Ti 01.90 02.10 
Fe 85.20 79.60 
Nb 06.80 03.80 

(a)

100 nm

(b)
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7.4.1 Structure and Constitution of FeTiP 

FeTiP does not appear to be a strictly stoichiometric compound and has a wide range 
of solid solubility for others elements. In Ti + Nb-IFHS steels, presence of Nb is al-
most invariably observed in the FeTiP precipitates formed. Very often the ratio of 
Fe:Ti:P in FeTiP precipitate particles is close to 1:1:1, but not exactly, and this ratio is 
found to vary from one particle to another. These features have been depicted in 
Fig. 7.8. The FeTiP precipitates do not appear to have any particular morphology, 
and can be lenticular, globular or rectangular in shape. These features are illustrated 
in Fig. 7.9. Ghosh et al. [7] have determined the crystal structure of FeTiP and 
Fe(Ti + Nb)P type precipitates present in a few IFHS steels. They found that FeTiP 
has an orthorhombic crystal structure and this structure is quite similar to that of the 
mineral florenskyite found in meteorites [8]. Simple FeTiP has unit cell dimensions 

 

Fig. 7.8 TEM micrographs of FeTiP type of precipitates showing their elemental analyses 
along with EDS spectrum. 
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a = 5.816–5.821 Å, b = 3.731–3.745 Å and c = 6.554–6.569 Å. The presence of Nb in 
FeTiP type precipitates does not alter the crystal structure but does increase the unit 
cell dimensions, especially the length of the c-axis. The unit cell dimensions of 
Fe(Ti + Nb)P precipitates have been determined as a = 5.939–6.105 Å, b = 3.800–
3.817 Å and c = 7.151–7.171 Å. 

7.4.2 FeTiP Formation in Cold Rolled and Annealed Steels 

The volume fraction of FeTiP precipitates in the annealed steels is dependent on 
the P and Ti content of the steels. Higher the amount of P, higher is the amount of 
FeTiP formed [see Fig. 7.10], and poorer the properties. This is reflected in the 
higher intensity of the γ fiber and higher average r value in BA steels with lower 
amounts of P. As mentioned earlier, FeTiP type precipitates are very rarely found 
in continuous annealed steels. As a result, the P containing CA steels show 
a much higher intensity of the {111} texture and larger average r value, as com-
pared to corresponding batch annealed steels [Fig. 7.11]. Significantly enough, 
the FeTiP type precipitates, even if formed in CA steels contain much less P than 
similar precipitates in the corresponding BA steels. As already discussed in sec-
tion 2, the solubility products of TiC and FeTiP are very close. As a result, there 
is always a competition between these precipitates to form. Obviously, the solu-
bility product plot is dependent on the composition of steels as well. If, by any 
chance, FeTiP forms before TiC formation, there will be less Ti in the matrix to 
tie up with C. As a result of that, C will be in solution which is considered most 
deleterious from the point of view of {111} texture formation [9, 10]. In case of 

 

Fig. 7.9 TEM micrographs of different shaped FeTiP type of precipitates. 
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continuous annealing, TiC will form preferentially before FeTiP formation (if 
FeTiP forms at all) either because of higher annealing temperature where TiC is 
more stable than FeTiP or because of much less annealing time involved in the 
continuous annealing process. 

The deleterious effect of FeTiP formation during batch annealing can be re-
duced to a great extent by coiling the hot band at a higher temperature. It has 
been found that a batch annealed IFHS steel, which was coiled at the higher tem-
perature of 620°C, showed a much more intense γ fiber and higher average r 
value than when the same steel was coiled at the lower temperature of 556°C 
[Fig. 7.12]. Whereas, in the annealed condition, the former showed substantial 
Ti4C2S2 precipitates plus FeTiP, the latter practically did not show any Ti4C2S2 or 
TiC, but copious FeTiP precipitates [Fig. 7.13]. These results suggest that Ti4C2S2 
in the former precipitated most likely during the coiling process itself, thus taking 
away quite a bit of C from the matrix. As a result, formation of FeTiP during the 
annealing stage became less harmful than in the case of the material which was 
coiled at the lower temperature. Smaller sized FeTiP type precipitates may also 
affect the growth of {111} recrystallized grains, as very often these are observed 
to be present on the grain boundaries [Fig. 7.14]. 

 

Fig. 7.10 TEM micrographs of FeTiP type of precipitates (a) in high P and (b) low P batch 
annealed IFHS steels and corresponding φ2 = 45° sections shown in (c) and (d), respectively. 
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Fig. 7.11 TEM micrographs of IFHS steels showing FeTi(P) type of precipitates in (a) batch 
annealed and (b) continuously annealed IFHS steels and corresponding φ2 = 45° sections shown 
in (c) and (d), respectively. 
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Fig. 7.12 Φ2 = 45° sections of the batch annealed IFHS steels coiled at (a) lower temperature of 
556°C and (b) higher temperature of 620°C. 
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Fig. 7.13 TEM micrographs showing presence of FeTiP type of precipitates in batch annealed 
IFHS steels coiled at (a) 556°C and (b) 620°C and (c–d) Ti4C2S2 precipitates only in the steels 
coiled at 620°C. 

 

Fig. 7.14 Thin foil TEM micrograph of FeTiP precipitate sitting on a grain boundary in a batch 
annealed IFHS steel along with its EDS spectrum. 

7.4.3 Prevention of FeTiP Formation in BA-IFHS Steels 

It is now well understood that the beneficial effect of P will be lost by the forma-
tion of FeTiP, which not only degrades the {111} texture, but also results in loss 
of strength as well. However, P is indispensable as a solid solution strengthening 
element in IFHS steels. So the major objective of technologists working in this 
field is how to increase strength by P addition without losing much of the form-
ability. This can only be achieved by suppressing the FeTiP precipitation so that 
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more P will remain in solid solution. In this context it would be interesting to 
choose a suitable process window during annealing such that the unwanted FeTiP 
formation can be avoided. It has been found [11] that a 0.04wt% Ti, 0.04%P and 
0.4wt% Mn IFHS steel, when batch annealed at 800°C for an hour, does not give 
rise to any FeTiP precipitation, whereas annealing at 700°C leads to copious 
FeTiP formation. In fact, instead of FeTiP formation, annealing at 800°C gives 
rise to precipitation of Ti4C2S2 particles, which is highly beneficial. On the con-
trary, in case of the 700°C annealed material, apart from FeTiP, few TiC and 
Ti4C2S2 particles are also observed. As expected, the steel annealed at 800°C 
shows much sharper {111} texture and better r− value than the steel annealed at 
700°C. It appears that by controlling the coiling temperature and the temperature 
of annealing, the deleterious effect of FeTiP precipitation in batch annealed IFHS 
steels can be largely avoided. Of course, the exact temperatures, to achieve the 
most beneficial effects of these operations, will depend on the composition of the 
steels.  

7.5 Conclusions 

(i) Various kinds of precipitates such as TiN, TiS, MnS, Ti4C2S2, 
FeTiP/Fe(Ti + Nb)P and TiC form in cold rolled and annealed IFHS steels.  

(ii) Precipitation of FeTiP in IFHS steels leads to a loss of strength as well as 
deterioration of favorable {111} texture, leading to degradation of deep 
drawability. 

(iii) The batch annealed IFHS steels suffer from this problem to a great extent, 
whereas the magnitude of this problem is much less in case of continuous 
annealed IFHS steels.  

(iv) During batch annealing the deleterious effect of FeTiP formation can be 
largely reduced by using appropriate coiling and annealing temperatures, 
which will primarily depend on the steel composition.  
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Chapter 8  
Texture, Microstructure and Properties 
of Coatings on a few Industrially Produced 
Galvanized and Galvannealed Interstitial 
Free Steels 

D. Bhattacharjee, A. Chakraborty, R. Pais, and R.K. Ray 

Abstract. The substrate steel texture appears to control the texture of galvanized 
and galvannealed coatings on interstitial free steels. Again, the powdering resis-
tance of coatings depends on the type of textures produced in them. An attempt 
has been made to correlate the textures of the substrate and the coating with the 
forming behavior of the latter. In the galvannealing operation, using lower galvan-
nealing power (lower strip temperature) improves the coating formability. The 
formation of an almost continuous {01.3}< uv.w > fiber and lower amount of iron 
present in the coating layer could be the possible reasons for this behavior. 

Keywords: Galvanized and galvannealed coating, Eta and delta phase, Substrate 
and coating texture, Powdering resistance  

8.1 Introduction 

Among all the coated steels used in automotive bodies, zinc and zinc alloy 
coated steel sheets are the most widely used. In the galvanizing process, pre-
heated steel sheet is immersed in a liquid Zn-0.18wt.%Al bath which causes the 
formation of a Zn layer eta (η) on the steel substrate. A schematic view of the 
galvanized coating is shown in Fig. 8.1. In galvannealing process, the preheated 
steel sheet is first immersed in a liquid Zn-0.14wt.% Al bath and then given 
a post coating heat treatment. The heat treatment causes the zinc in the coating to 
inter-diffuse with the substrate iron to form several iron-zinc intermetallic 
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phases, namely gamma (Γ), gamma1 (Γ1), delta (δ) and zeta (ζ) which are stacked 
over the steel substrate. Fig. 8.2 represents a schematic view of the microstruc-
tural development during galvannealing [1].  

The properties of any material depend not only on the microstructure but also 
on the preferred crystallographic orientation of the constituent grains or texture. 
For example, the formability, frictional behavior as well as corrosion resistance of 

Fig. 8.1 Schematic View 
of Galvanized Coating. 

 

Fig. 8.2 Schematic view of the Phenomenological Model of Galvannealed Morphology De-
velopment, t0 Corresponds to Zero Time of the as-Galvanized Structure, and Development 
occurs according to time such that t1 < t2 < t3 < t4 < t5 [2]. 
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galvanized and galvannealed coated steels depend on the coating texture to a very 
great extent [3–7].  

Again, in galvannealed coating, the formation and growth of the different Fe-Zn 
intermetallic phases appear to be governed by the substrate steel texture [8]. It 
therefore appears that texture, whether from the steel substrate or from the coating, 
has a major role to play in determining the optimum properties of the coated steels.  

Surprisingly, not much attention has been paid to-date into investigating in de-
tail the nature of the substrate and coating textures in industrially produced galva-
nized and galvannealed steels. Some preliminary results about the texture of the 
coated galvanized layer have been reported by Gaignard and Esling [9] and by 
Vincent et al. [10]. These papers basically dealt with the effect of skin pass reduc-
tion on the microstructural and textural modification in galvanized sheet steel. The 
solidification texture of the galvanized coating (of Zn) on steels has been reported 
by Simoroz et al. [11]. Similarly, rather preliminary idea about the texture of the 
delta (δ) layer of galvannealed steel coating has been reported by Moon et al. [12]. 
The effect of substrate steel texture on the formation and growth of the ζ layer in 
industrially produced galvannealed steel sheet has recently been reported by Chak-
raborty and Ray [8]. Most if not all, of the above findings are based on studies of 
the galvanized, electrogalvanized and galvannealed coatings produced in a simula-
tor, where the coating thickness of Zn or thicknesses of individual Fe-Zn intermet-
allic phases could be controlled by the researcher. It is extremely difficult to 
clearly distinguish the different Fe-Zn intermetallic compounds in an industrial 
product. The present investigation deals with a comparative study of the texture of 
industrially produced galvanized and galvannealed coatings over two Interstitial 
Free (IF) grade substrate steels. In addition, a comparative study of the effect of 
galvannealing (GA) power on the texture of galvannealed coating over an Intersti-
tial Free (IF) grade substrate steel has also been made.  

8.2 Experimental Procedure 

The chemical compositions of the IF steels used are shown in Table 8.1. The 
galvanizing as well as the galvannealing processes were carried out in the con-
tinuous galvanizing and galvannealing line (CGL) in TATA STEEL, Jamshed-

Table 8.1 Composition of Substrate Steel (wt.%). 

Sample No. C Mn Al Ti Nb Si S P N (ppm) 

IFGI 0.0022 0.09 0.015 0.033 0.0080 0.003 0.007 0.012 28 
IFGA 0.0027 0.13 0.035 0.035 0.0120 0.007 0.009 0.009 25 
IFGA (600) 
IFGA (900) 
IFGA (1200) 

0.0021 0.10 0.036 0.037 0.0089 0.004 0.008 0.012 25 
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pur, India. The different processing parameters during galvanizing and galvan-
nealing are given in Table 8.2. Galvanizing was carried out on steel IFGI and 
galvannealing on steel IFGA. In another set of experiments galvannealing was 
carried out on steel IFGA (600), IFGA (900), IFGA (1200) using three different 
powers of the induction furnace namely, 600, 900 and 1200 kW as shown in 
Table 8.2. The corresponding strip temperatures were 450, 485 and 525°C re-
spectively. The three galvannealing powers were tried on the same coil in order 
to maintain uniformity of chemistry and previous history. The Galvannealing 
(GA) Power refers to the input power of the induction furnace in which the gal-
vannealing operation was carried out. Increasing the GA power leads to an in-
crease in the strip temperature during galvannealing. Cross-sectional Scanning 
Electron Microscopy (SEM) along with Energy Dispersive Spectroscopy (EDS) 
study was carried out in a FEI Quanta-200 SEM operated at 20 kV. X-Ray Dif-
fraction (XRD) studies of the samples were carried out in the usual manner in 
a PaNalytical X’pert PRO X-ray diffractometer, using CuKα radiation. The 
X-ray generator voltage was 45 kV and the tube current was 40 mA. Crystallo-
graphic texture of the coating surface was determined using a PaNalytical X’pert 
PRO XRD machine coupled with a texture goniometer. The goniometer resolu-
tion of the equipment was 0.001°. For this purpose (00.2), (10.0), (10.1) and 
(10.2) pole figures for the galvanized coating and (23.3), (05.4), (33.0), (24.1) 
and (24.9) pole figures for the galvannealed coating were measured experimen-
tally. The Orientation Distribution Functions (ODFs) were calculated from the 
pole figures after correction (for defocusing and absorption) and symmetrization 
using the series expansion method with a limit of lmax = 22 by the method of 
Bunge [13] using Labotex software. The chemical compositions of the coatings 
were determined by ASTM standard Gravimetric method [14]. The overall per-
centages of Fe, Zn and Al were measured using an Inductive Coupled Plasma 
Spectroscope (ICPS), Spectro Analytical Instrument, GmbH version 2.0e/8/88, 
Germany. The powdering resistance of the coatings was measured by the Double 
Olsen Test method.  

The textures of the steel substrates were measured by Electron Back Scattered 
Diffraction (EBSD) technique using an Orientation Imaging Microscope (OIM) 
camera attached to a FEI Quanta 200 SEM. Before measuring the substrate texture 
the coatings were removed by dipping the samples in 50% dilute HCl solution 
followed by electro-polishing. 

Table 8.2 Galvanizing and Galvannealing Processing Parameters. 

Sample No. Bath Al  
(wt.%) 

Steel Sheet 
Thickness (mm) 

Line Speed 
(meter/min.) 

Galvannealing 
Power (kW) 

IFGI 0.185 0.9 75 0– 
IFGA 0.134 0.7 92 0826 
IFGA (600) 0.134 0.8 87 0600 
IFGA (900) 0.134 0.8 87 0900 
IFGA (1200) 0.134 0.8 87 1200 
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8.3 Experimental Results 

The SEM micrographs in Fig. 8.3 (a), (b) compare the top surfaces of the galva-
nized coating on sample IFGI and the galvannealed coating on sample IFGA. The 
galvanized coating is essentially made up of grains of Zn (η phase), while the top 
surface of the galvannealed coating has been formed to be made up of grains of 
mostly the δ phase (as found out by XRD). The cross-sectional scanning electron 
micrographs of the above coatings are shown in part (a) of the Figures 8.4 and 8.5. 
The corresponding X-ray maps for Fe and Zn are represented in parts (b) and (c) 
of the same figures, respectively. During sample preparation for SEM study there 
was a distinct possibility of the edges of the coating falling off the substrate or 
getting damaged. To prevent this, a 200 µm thin copper strip was used as the sup-
porting material. The EDS profiles of the galvanized and galvannealed coatings 
are shown in Fig. 8.6 (a), (b). Obviously, the galvanized coating is made up of 
almost 100% Zn, while the galvannealed coating shows substantial amount of Fe 
also. The percentage thicknesses of the different Fe-Zn intermetallic phases were 
determined by superimposing the compositional ranges for the different phases on 
the above profiles. The results are given in a tabular form in Table 8.3. This table 
clearly indicates that the percentage of η phase (almost pure Zn) is very high in 
sample IFGI whereas for the sample IFGA there is no η phase, the main phase 
being δ. Table 8.4 shows the important crystallographic data of the η and δ phases. 
The XRD patterns of the galvanized and galvannealed coatings are shown in 
Fig. 8.7 (a), (b). It is apparent from these figures that the most intense diffraction 
takes place from the (00.2) planes of the η phase and from the (33.0) planes of the 
δ phase. Fig. 8.8 (a, b) represent the experimental (00.2) pole figure of the galva-
nized coating texture and the (33.0) pole figure of the galvannealed coating tex-
ture. Figure 8.9 (a), (b) represent the Φ2 ODF sections of the galvanized and the 
galvannealed coatings respectively. While the η of the galvanized coating shows 

 

Fig. 8.3 SEM Micrographs of Top Surface of (a) Galvanized Coating on Sample IFGI and (b) 
Galvannealed Coating on Sample IFGA. 
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a very strong {00.2}< uv.w > type of fiber texture, a weak fiber of the type 
{01.3}< uv.w > can be found in the texture of the outermost δ phase in the galvan-
nealed coating. Figures 8.10 (a) and 8.10 (b) show the Φ2 = 45° sections of the 
ODFs of the substrates in the IFGI and IFGA steel samples, respectively. Using 
EBSD technique, color coded crystal orientation maps were obtained from these 
substrates, as shown in Fig. 8.11. In these maps grains having orientations 
{113}< 110 > and {111}< 110 > have been highlighted. The volume fractions of 
these two components have also been calculated along with those maps.   

 

Fig. 8.4 Cross-sectional (a) SEM Micrograph, (b) X-Ray Map of Fe and (c) X-Ray Map of Zn 
of Galvanized Coating over Sample IFGI. 

 

Fig. 8.5 Cross-sectional (a) SEM Micrograph, (b) X-Ray Map of Fe and (c) X-Ray Map of Zn of 
Galvannealed Coating over Sample IFGA. 

Table 8.3 Percentage Thicknesses of different Fe-Zn Intermetallic Phases Present in Galva-
nized and Galvannealed Coatings. 

Sample  
No. Γ Γ+Γ1 Γ1 Γ1+ δ δ ζ + δ ζ η+ζ η 

IFGI 0.51 0.63 0.57 01.10 01.18 0.21 0.29 0.37 95.14 
IFGA 3.23 2.69 2.15 18.28 73.66 – – – – 
IFGA (600) 1.08 0.60 5.42 15.53 77.36 – – – – 
IFGA (900) 1.29 0.57 1.00 22.17 74.97 – – – – 
IFGA (1200) 1.64 2.73 6.54 18.17 70.93 – – – – 
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Fig. 8.6 EDS Profiles of (a) Galvanized Coating on Steel Sample IFGI and (b) Galvannealed 
Coating on Steel Sample IFGA. 

 

Table 8.4 Crystallographic Data of η and δ Phases [15]. 

Phase Crystal  
Structure 

Lattice  
Parameters (Å) c/a Atoms/Unit Cell 

Eta (η) hcp a=2.665, c=4.947 1.86 006 
Delta (δ) hcp a=12.799, c=57.59 4.50 555 
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Fig. 8.7 XRD patterns of (a) Galvanized Coating on Sample IFGI and (b) Galvannealed Coat-
ing on Sample IFGA. 

The GA power was varied during the galvannealing process on steels IFGA (600), 
IFGA (900) and IFGA (1200). In the three samples IFGA (600), IFGA (900) and 
IFGA (1200) the GA power used was 600, 900 and 1200 kW respectively. Table 8.5 
represents the percentages of Fe, Zn and Al present in the galvannealed coatings pro-
duced by the different GA powers. The EDS profiles of the galvannealed coatings in 
the three cases are shown in Fig. 8.12 (a–c). In this case also the percentage thick-
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nesses of the different Fe-Zn intermetallic phases were determined and reported in 
a tabular form in Table 8.3. The relevant portions of the XRD patterns of the samples  
IFGA (600), IFGA (900) and IFGA (1200) are shown in Fig. 8.13 (a–c). These pat-  

 

Fig. 8.8 Experimental (a) (00.2) pole figure of Galvanized Coating on Sample IFGI and (b) 
(33.0) pole figure of Galvannealed Coating on Sample IFGA. 
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Fig. 8.9 Φ2 ODF sections of (a) Galvanized Coating on Sample IFGI and (b) Galvannealed 
Coating on Sample IFGA. 

 

Fig. 8.10 Φ2 = 45° ODF sections of substrate steel of sample (a) IFGI and (b) IFGA. 

Table 8.5 Chemical Compositions of the Coatings (wt.%). 

Sample No. Al Fe Zn 

IFGA (600) 0.1952 09.2248 90.5800 
IFGA (900) 0.2268 13.7724 86.0008 
IFGA (1200) 0.2254 14.2463 85.5283 
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Percentage Crystal OrientationColor Code Orientation IFGI IFGA
 {113}<110> 3.9 5.8 
 {111}<110> 26.9 20.2 

RD

TD
(a)

RD

TD
(b)

 

Fig. 8.11 Color coded maps of crystal orientation of substrate steel sample (a) IFGI and  
(b) IFGA. 

 

Fig. 8.12 EDS profiles of galvannealed coating of (a) Sample IFGA (600) produced by 600 kW 
(b) Sample IFGA (900) produced by 900 kW and (c) Sample IFGA (1200) produced by 1200 kW 
Galvannealing Power. 
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Fig. 8.13 XRD patterns of Galvannealed Coating on (a) Sample IFGA (600) produced by 
600 kW (b) Sample IFGA (900) produced by 900 kW and (c) Sample IFGA (1200) produced by 
1200 kW Galvannealing Power. 
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Fig. 8.14 Experimental (33.0) pole figures of Galvannealed Coating on (a) Sample IFGA (600) 
produced by 600 kW (b) Sample IFGA (900) produced by 900 kW and (c) Sample IFGA (1200) 
produced by 1200 kW Galvannealing Power. 

terns clearly indicate the presence of mainly the δ phase in the outer surfaces of 
the coatings. The experimental (33.0) pole figures of galvannealed coatings on 
IFGA (600), IFGA (900) and IFGA (1200) samples are shown in Fig. 8.14 (a)–(c). 
The Φ2 sections of the complete ODF of the galvannealed coatings on IFGA (600), 
IFGA (900) and IFGA (1200) are presented in Figs. 8.15, 8.17 and 8.19 respec-
tively. All the above figures appear rather similar, although there are some subtle 
differences. This has been brought out clearly in Figs. 8.16, 8.18 and 8.20, where 
the Φ2 = 0° sections of the ODFs of the three samples have been shown on a magni-
fied scale. The weight losses measured during the powdering resistance test of the 
coatings of the samples are depicted in Table 8.6. 

Table 8.6 Powdering Test Results. 

Sample No. Weight Loss (mg) 

IFGI 15.30 
IFGA 11.50 
IFGA (600) 10.40 
IFGA (900) 11.70 
IFGA (1200) 14.60 
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Fig. 8.15 Φ2 Sections of the ODF of the Galvannealed Coating on Sample IFGA (600) pro-
duced by 600 kW Galvannealing Power. 

 

Fig. 8.16 Magnified View of Φ2 = 0° Section of Fig. 8.15 of Galvannealed Coating on Sample 
IFGA (600) produced by 600 kW Galvannealing Power. 

 

Fig. 8.17 Φ2 Sections of the ODF of the Galvannealed Coating on Sample IFGA (900) pro-
duced by 900 kW Galvannealing Power. 
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Fig. 8.18 Magnified View of Φ2 = 0° Section of Fig. 8.17 of Galvannealed Coating on Sample 
IFGA (900) produced by 900 kW Galvannealing Power. 

 

Fig. 8.19 Φ2 Sections of the ODF of the Galvannealed Coating on Sample IFGA (1200) pro-
duced by 1200 kW Galvannealing Power. 

 

Fig. 8.20 Magnified View of Φ2 = 0° Section of Fig. 8.19 of Galvannealed Coating on Sample 
IFGA (1200) produced by 1200 kW Galvannealing Power. 
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8.4 Discussion 

During galvanizing a highly Zn rich eta (η) phase forms on top of the steel sub-
strate. In galvannealing, however, diffusion of Fe and Zn is allowed to take place, 
resulting in the formation of various Fe-Zn intermetallic compounds, such as zeta 
(ζ), delta (δ), gamma (Γ) and gamma1 (Γ1), as one progresses from the surface of 
the coating to the substrate. Grains of η crystals and columnar shaped δ crystals 
are clearly observed in Fig. 8.3 (a, b). The cross-sectional scanning electron mi-
crographs [Figs. 8.4 and 8.5] along with the corresponding X-ray maps for Fe and 
Zn clearly show that there is no Fe present in the galvanized coating whereas 
a decrease in Fe content from the substrate to the Cu side is observed for the gal-
vannealed coating. In the latter case the gradation in Zn content is not that clear, 
possibly because of the overall high amount of Zn. The XRD results from the top 
surfaces of the coatings in steel IFGI [Fig. 8.7 (a)] clearly indicate that in the gal-
vanized material, the coating is almost completely made up of the η phase. On the 
other hand, the predominant phase in the coating of the galvannealed steel IFGA is 
δ [Fig. 8.7 (b)]. These results also corroborate the findings of the SEM-EDS re-
sults. The above phases in the coatings of the two steels extend to a substantial 
thickness from the top to the interior, as a result of which the XRD data could be 
collected from essentially these phases only without much interference from the 
other phases or from the substrate steel.  

Crystallographic texture of the coating of the galvanized steel, from both pole 
figure and ODF data [Figs. 8.8 (a) and 8.9 (a)] clearly indicates the presence of 
a strong basal texture, {00.2}< uv.w >. In contrast, the texture of the coating of the 
galvannealed steel, from both pole figure and ODF [Figs. 8.8 (b) and 8.9 (b)] ap-
pear to be quite different from the basal. In fact, here the orientation peaks are 
obtained at ~ 60° away from the exact basal locations. These orientation maxima 
have been identified as {01.3}< uv.w >. In addition, there are a number of low 
intensity minor texture components also.  

It has been shown [16] that hot dipped Zn coatings in galvanized steels very  
often develop a basal texture in which the {00.2} planes of Zn remain parallel  
to the surface of the steel substrate. On the other hand, a non basal texture 
{01.3}< uv.w > predominantly forms in the galvannealed coated surface of the 
IFGA steel, presumably from the outermost rather thick δ layer. An effort was 
made to find out the correlation, if any, between the substrate steel texture and the 
coating texture. Wegria et al. [16] suggested that if {113}< 110 > texture compo-
nent forms at the expense of the {111}< 110 > in the substrate steel an alloy layer 
is formed on the substrate which finally leads to a reduction in intensity of the 
basal texture in the Zn coating. This has been found to be true for both galvanized 
and galfan coatings. Although in this work we are basically dealing with two dif-
ferent types of coating based on Zn, the materials in both the coatings have the 
hexagonal close packed (hcp) structure (Table 8.4). The similarity in the crystal 
structure of the two coatings and the dissimilarity in the manner of texture for-
mation prompted us to look into the substrate steel texture in both the steels more 



8 Texture, Microstructure and Properties of Coatings 141 

closely. The Φ2 = 45° sections of the ODFs of the two substrate steels 
[Fig. 8.10 (a), (b)] show some differences although basically both exhibit a rea-
sonably strong gamma (γ) fiber. Out of the two, the IFGI sample shows a more 
uniform but somewhat lower intensity γ fiber, whereas the IFGA sample exhibits 
a somewhat stronger intensity but less uniform γ fiber. In fact, in the latter, the 
{110}< 112 > component appears to be the strongest.  

Using EBSD technique, color coded maps of {113}< 110 > and {111}< 110 > 
crystal orientation were obtained from the steel substrate of both the galvanized 
and galvannealed samples [Fig. 8.11 (a), (b)]. The ratios of the volume fractions of 
{113} and {111} orientations in the galvanized and the galvannealed steel sub-
strates has been found to be 0.14 and 0.29 respectively. According to the criteria 
of Wegria et al. [16], a higher value of this ratio should favor an off-basal texture. 
In fact this has been found to be true in case of the galvannealed coating which 
shows {01.3}< uv.w > type, i.e. a predominantly off-basal texture. On the other 
hand, the galvanized coating, with a lower value of the above ratio for the sub-
strate steel, shows a strong basal texture. Thus there appears to be some correla-
tion at least between the substrate texture and the coating texture in these two 
steels. 

Shaffer et al. [17] found that in electrogalvanized materials no cracking takes 
place when the basal plane makes an angle between 40–70° with respect to the 
substrate surface. In that case, under applied stress a significant amount of resolved 
shear stress exists on the basal planes and slip will be promoted. In the present 
investigation, perfect basal texture was obtained for the galvanized coating, 
whereas for the galvannealed coating the basal plane was observed to make ~ 60° 
angle (angle between {01.3}< uv.w > and {00.1}< uv.w >) with the substrate. 
Therefore, based on the observation of Shaffer et al. [17], the galvannealed coating 
should show better powdering resistance as compared to the galvanized coating, 
under similar test conditions. To measure the formability (powdering resistance) of 
the galvanized and galvannealed coatings, Double Olsen Test was carried out on 
both materials. Although, in industrial practice, the above test is not common for 
galvanized coatings, still it was used to get a comparative idea about the powdering 
behavior of the two types of coatings. Table 8.6 compares the weight losses of the 
coatings after the test. It clearly indicates that the powdering resistance is better in 
case of the galvannealed coating under similar test conditions. Thus the coating 
texture appears to have a significant effect on the powdering resistance.  

In samples IFGA (600), IFGA (900) and IFGA (1200), GA power was varied 
in order to find out its effect on the formability behavior of the coating. A study of 
the three EDS profiles [Fig. 8.12 (a–c)] clearly indicates that the cross-over point 
(50wt.% Fe and 50wt.% Zn) for the zinc and iron lines shows a significant shift 
towards the right as the GA power increases. This precisely means an increase in 
the Fe content of the coatings (and the corresponding decrease in the Zn content) 
with increasing GA power. This is clearly reflected in Table 8.5 also. These results 
indicate that the amount of δ phase is expected to be highest in sample IFGA 
(600). And this is what has been found out by precise thickness measurements of 
the different phase layers (Table 8.3). The increase in the relative thicknesses of 
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the Γ and Γ1 layers and the corresponding decrease in the thickness of the δ layer 
with increasing GA power can be linked to the higher amount of iron diffusion 
from the substrate steel towards the coating. The powdering test results corrobo-
rate the above findings pretty well. As expected, the sample IFGA (600) (with the 
least GA power) shows the minimum weight loss, while the sample IFGA (1200) 
(with the highest GA power) shows the maximum weight loss.  

Since all other processing parameters (excepting GA power) were kept con-
stant, the variations in weight loss must be related to GA power (or, the strip tem-
perature). As the continuous annealing temperature of the substrate steel in all the 
three cases was kept constant (at 840°C), variation in the microstructure and tex-
ture of the substrate can be ruled out and therefore variation in weight loss can not 
be related to these factors also. On the other hand, there are perceptible differences 
in the crystallographic texture of the coatings in the three samples. (33.0) pole 
figures in all the three cases are quite similar in nature [Fig. 8.14 (a)–(c)]. From 
the Φ2 ODF sections it is clearly observed that there are no perceptible differences 
present in the crystallographic textures of the coatings in the three samples. Al-
though the major texture components of the coatings in all the three cases are of 
the type {01.3}< uv.w > [Figs. 8.15, 8.17 and 8.19], a careful examination of the 
Φ2 = 0° ODF sections [Figs. 8.16, 8.18 and 8.20] clearly indicates that for the sam-
ple IFGA (600) there exists almost a complete fiber of the type {01.3}< uv.w >, 
the fiber character changes into a set of discrete orientations with increasing GA 
power.  

According to the criteria of Shaffer et al. [17], the coatings of the above three 
galvannealed samples should possess satisfactory powdering resistance. However, 
the presence of an almost continuous fiber of the type {01.3}< uv.w > as found in 
case of IFGA (600) sample, seems to be most beneficial in this respect. Break-
down of this fiber into discrete orientations appears to cause a deterioration in the 
powdering resistance behavior, as exemplified by the samples IFGA (900) and 
IFGA (1200). Of course, the best powdering resistance observed in case of IFGA 
(600) must also be related to the least amount of Fe content in the coated layer, as 
compared to the IFGA (900) and IFGA (1200) samples. 

8.5 Conclusions 

A qualitative difference in the substrate steel texture may get reflected in a percep-
tible manner in the coating texture of industrially produced galvanized and gal-
vannealed interstitial free steels. This will result in significant differences in the 
powdering resistance of the coatings. In case of galvannealed coating the best 
powdering resistance behavior is obtained with the least GA power (least strip 
temperature) during the galvannealing operation. This can be ascribed to the for-
mation of an almost continuous {01.3}< uv.w > fiber and the least amount of Fe 
present in the coated layer. 
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Chapter 9  
Effects of Microalloying in Multi Phase Steels 
for Car Body Manufacture 

Wolfgang Bleck and Kriangyut Phiu-on 

Abstract. Microalloying elements like Al, B, Nb, Ti, V can be used to optimise 
the microstructure evolution and the mechanical properties of advanced high 
strength steels (AHSS). Microalloying elements are characterised by small addi-
tions < 0.1 mass% and their ability to form carbides or nitrides. They can increase 
strength by grain refinement and precipitation hardening, retard or accelerate 
transformations and affect the diffusion kinetics. Thus, by their addition the AHSS 
with their high requirements to process control can be adopted to existing process-
ing lines. Different combinations of microstructural phases and different chemical 
compositions have been investigated for AHSS in order to combine high strength 
with excellent formability. 

9.1 Introduction 

Car manufacturers focus the main design criteria of a modern car on reduced 
weight and high safety in order to fulfil the customer’s expectations and the legal 
requirements and standards. In this context, new steel grades have been developed 
not only for weight saving but also to improve crash safety of vehicles. These 
steels combine an increased formability with a high strength level at a wide tem-
perature and strain rate spectrum. Advanced high strength steels, among them 
especially dual phase and TRIP steels, feature promising results in this field, 
while their extraordinary mechanical properties can be tailored and adjusted by 
alloying and processing. Microalloying is an effective tool in controlling the 
processing of advanced high strength steels by their effects on recrystallisation 

__________________________________ 

W. Bleck and K. Phiu-on 
Department of Ferrous Metallurgy, RWTH Aachen University, Intzestr. 1, D-52072 Aachen, 
Germany 
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and transformation and in controlling the properties by microstructural refinement 
and precipitation hardening. 

9.2 Definition 

The terminus high strength steel (HSS) is used for cold formable steels if the 
minimum yield strength of the respective steel grade is between 210 and 550 MPa. 
If the minimum yield strength is higher than 550 MPa these grades are called ultra-
high strength steels (UHSS) [1]: 

 Min. YS HSS 210–550 MPa UHSS > 550 MPa 

Numerous high strength steels have been developed in the last 25 years. The 
conventional mechanisms to increase the strength in steel such as solid solution 
hardening or precipitation hardening are accompanied by a noticeably inferior 
formability. 

The introduction of a new group of steels with a microstructure consisting of at 
least two different components has led to an enlargement of the strength level 
without a deterioration of ductility. These multi phase steels therefore offer very 
attractive combinations of strength and ductility which are due to the coexistence 
of the different microstructure components, their different mechanical behaviour 
and their mutual interactions. The components of interest are regarded on the scale 
of light microscopy, i.e. with typical dimensions of a few micrometers. 

Multi phase steels can for example contain a relatively soft matrix phase being 
responsible for a low yield strength and a good formability along with a high ten-
sile strength as a result of the presence of a hard second phase as in the case of 
dual phase steels (Fig. 9.1). It is possible to vary the mechanical properties, and to 
tailor them for the respective application foreseen by adjusting type, morphology 

Steel type

Single phase
(Mild steel)

Two phase
(Dual phase steel)

Parameters

- Grain size
- Grain shape

- G
- Volume fractions
- Local chemical

rain sizes

Phases

α = ferrite

α
α

= ferrite
’ = martensite

α

α
α’

Multi phase
(TRIP steel)

- Grain sizes
- Volume fractions
- Local chemical
composition

- Phase stability

α
α
γ

= ferrite
= bainite
= retained austenite

Β

RγR

αΒ α

composition

Steel type

Single phase
(Mild steel)

Two phase
(Dual phase steel)

Parameters

- Grain size
- Grain shape

- G
- Volume fractions
- Local chemical

rain sizes

Phases

α = ferrite

α
α

= ferrite
’ = martensite

α

α
α’

Multi phase
(TRIP steel)

- Grain sizes
- Volume fractions
- Local chemical
composition

- Phase stability

α
α
γ

= ferrite
= bainite
= retained austenite

Β

RγR

αΒ αMulti phase
(TRIP steel)

- Grain sizes
- Volume fractions
- Local chemical
composition

- Phase stability

α
α
γ

= ferrite
= bainite
= retained austenite

Β

RγR

αΒ α

composition

 

Fig. 9.1 Microstructural characteristics of multi phase steels. 
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and orientation and above all volume fraction, size and distribution of the different 
phases. Furthermore the microstructure or some phases within the microstructure 
might be mechanically instable which results in stress-assisted or strain-induced 
transformations. These transformations improve the formability by significant 
strain hardening and prolonging the uniform straining behaviour. 

Conventional high strength steels (HSS) in order of increasing strength are 
listed in Table 9.1 together with advanced high strength steels (AHSS) and high 
manganese steels (HMS). AHSS are multi phase steels which contain phases like 
martensite, bainite and retained austenite in quantities sufficient to produce unique 
mechanical properties. Compared to conventional high strength steels, AHSS 
exhibit higher strength values or a superior combination of high strength with 
good formability. 

Recently, a new group of austenitic steels with high manganese contents have 
been developed for automotive use. These high manganese steels (HMS) combine 
excellent mechanical properties with an alloying concept which is less costly than 
conventional or new high-strength austenitic stainless steels. This group is divided 
into transformation induced steels (HMS-TRIP) and twinning induced plasticity 
steels (HMS-TWIP) due to the characteristic phenomena occurring during plastic 
deformation. The different steel grades for car body use can be characterised by 
their microstructure or their alloying concept as shown in Table 9.2. The micro-
structures can be single phase ferrite α or single phase austenite γ; beside these, in 
multi phase steels tetragonal or cubic martensite α’, bainite αB or retained austen-
ite γR might occur. The used abbreviations for the steel grades are mentioned in the 
Table 9.2. 

Typical mechanical property ranges of these different steels are indicated in 
Fig. 9.2. It is obvious that AHSS offer higher strength values than HSS. Further-
more the strength-ductility relationship of AHSS is improved compared to HSS. 
The recently developed HMS show extraordinary strength-ductility relationships 
which are even improved compared to austenitic stainless steels [2, 3]. The rea-
sonable upper strength limit for cold formable steels is a matter of discussion; 
depending of the type of forming and the sheet thickness even grades with 
a strength level above 1200 MPa might be suitable for cold forming. 

Table 9.1 Conventional high strength steels, advanced high strength steels and high manganese 
steels. 

HSS AHSS HMS 

BH       = Bake hardening 
IF-HS  = High-strength IF 
P          = Rephosphorised 
IS         = Isotropic 
CMn    = Carbon-manganese 
HSLA  = High-strength low 
               alloy 

DP    = Dual phase 
TRIP = Transformation  
             induced plasticity 
CP     = Complex phase 
PM    = Partly martensitic 

HMS-TRIP  = High Mn- 
                        transformation  
                        induced plasticity 
HMS-TWIP = High Mn-twinning  
                        induced plasticity 
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Fig. 9.2 Typical mechanical properties of mild and high strength steels. 

Table 9.2 Microstructure and characteristics of steel grades for car body use. 

Steels Micro- 
structure 

Characteristics 

Mild 
steels 

α – LC: unalloyed Al-killed low carbon steel; extra deep-drawing grade 
– IF: interstitial free steel; microalloyed extra deep-drawing grade 

HSS α – BH: bake hardening steel grades, which show additional strengthening  
 during paint bake treatment by controlled C aging 
– IF-HS: high-strength interstitial free steel, strengthened by Mn  
 and P addition 
– P: P alloyed high strength steels 
– IS: steels with medium yield strength and isotropic flow behaviour,  
 microalloyed with Ti or Nb 
– CMn: high strength steels with increased C, Mn and Si contents  
 for solid solution strengthening 
– HSLA: high strength low alloy steel, strengthened by microalloying  
 with Nb or Ti 

AHSS α+α′ – DP: dual phase steels with a microstructure of ferrite and 5–30  
 volume% martensite islands 

 α+αB+γR – TRIP: transformation induced plasticity steels with a microstructure  
 of ferrite, bainite and retained austenite 

 α′+α – PM: partly or fully martensitic steels 
 α+αB+α′ – CP: complex phase steels with a mixture of strengthened ferrite, bainite 

 and martensite 
HMS γ or high 

fractions  
of γ 

– HMS-TRIP: steels with an alloying concept that strain-induced? 
 γ → ε → α' transformation occurs 
– HMS-TWIP: steels with an alloying concept that mechanical twinning  
 occurs during straining 
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Fig. 9.3 Chronological development of high strength steels. 

The history of high strength steels for car body applications is given in Fig. 9.3 
which indicates the approximate first appearance of a new steel grade industrially 
processed on the European market. The development of HSS started prior to 1980. 
Dual phase steels development was the first among AHSS but the usage was lim-
ited up to the 1995 when the ULSAB consortium investigated the chances of their 
application in modern car body design. HMS are still under development. 

9.3 Alloy Concepts 

Numerous alloying concepts have been developed for high strength steels in order 
to adjust the desired microstructure and properties. The alloying elements change 
the thermodynamic stability of the phases and the kinetics of the transformations 
whereby the transformation temperatures are shifted, the transformations are either 
promoted or hindered and the phase distribution is altered. Additionally, the ele-
ments might act as solid solution or precipitation hardeners and affect the grain 
size. Some of the most common alloying concepts for dual phase and TRIP steels 
are summarised in Table 9.3 [4, 5, 6, 7, 8]. 

Alloying elements in DP steels. The main alloying element is carbon by which 
all transformations are noticeably affected and by which the final microstructure 
and the mechanical properties are controlled. Carbon stabilises the austenite which 
leads to the formation of martensite in the case of dual phase steels and to the 
retention of austenite in the case of TRIP steels. However, other requirements such 
as weldability limit the use of carbon to round about 0.2 mass%. 
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Other important alloying elements for dual phase steels are silicon and manga-
nese. Silicon in the first place promotes ferrite formation, whereas manganese 
retards pearlite and bainite formation and allows martensite formation to occur 
during cooling from intercritical temperature. Phosphorus or aluminum (some-
times in combination with chromium) can be used to reduce or replace silicon, 
which may cause problems during hot rolling and coating. 

Niobium in the state of solid solution retards static and dynamic recrystallisa-
tion during hot deformation as well as the austenite to ferrite transformation. Small 
carbonitrides which form when niobium combines with carbon and nitrogen also 
delay recrystallisation, constitute an massive obstacle to grain growth and result in 
effective strengthening. 

Alloying elements in TRIP steels. Higher carbon levels are applied for TRIP 
steels which is due to the necessity to produce a highly enriched austenite with 
a carbon content above 0.8 mass%. Apart from carbon, manganese and silicon 
play an important role so as to control the transformation behaviour and to stabi-
lise the retained austenite. Silicon does prevent or at least retard carbide precipita-
tion during bainite formation and allows the carbon to diffuse into the retained 
austenite. Manganese as an austenite stabilising element lowers the transformation 
temperature of the austenite, and in this way helps to avoid martensite formation 
during cooling to room temperature. Moreover, manganese as well as silicon in-
crease the strength of the material by solid solution hardening. 

Table 9.3 Chemical compositions of some high strength steels, contents in mass%. 

Steel Grade C Mn Si Al P Cr Nb Ti V 

BH H180BD 0.04 0.70 0.50 0.04 0.01 – – – – 
       ″ 0.011) 0.70 0.50 0.04 0.01 – – – – 
IF-HS H260YD 0.003 0.40 0.10 0.03 0.05 – 0.04 0.02 – 
P H220PD 0.06 0.70 0.50 0.04 0.07 – – – – 
HSLA H320LA 0.07 0.35 0.01 0.04 0.01 – 0.04 – – 
DP H300X 0.10 1.00 0.50 0.04 0.01 – – – – 
       ″ 0.10 1.00 0.10 0.04 0.05 – – – – 
 H340X 0.10 1.20 0.10 0.04 0.01 0.80 0.04 – – 
       ″ 0.07 1.40 0.10 0.04 0.04  0.04 – – 
 H300X 0.08 1.50 0.10 0.04 0.07 0.40 – 0.03 – 
PM MS1000-W 0.17 2.20 2.00 0.04 0.01 1.00 – – – 
TRIP RA700K 0.20 1.50 1.50 0.04 0.01 – – – – 
       ″ 0.20 1.50 0.10 1.80 0.01 – – – – 
       ″ 0.15 2.00 0.10 0.04 0.04 – – – – 
       ″ 0.20 1.50 1.10 0.04 0.01 – 0.04 – – 
 RA800K 0.20 1.50 1.50 0.04 0.01 – – – 0.10 
HMS TRIP 0.02 15 3 3 – – – – – 
 TWIP 0.03 25 3 3 – – – – – 
 TWIP 0.60 22 – – – – – – – 

1) batch annealed 
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Table 9.4 Effect of microalloying elements on microscopic features and macroscopic proper-
ties of steels. 

Microscopic effect Macroscopic effect 
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– = hinder/retard/reduce 

As a higher silicon content can be responsible for a poor surface quality of hot 
rolled steel and a poor coatability of cold rolled steel, a partial or complete substi-
tution of silicon by other alloying elements has been considered. Another element, 
which is not soluble in cementite, and therefore has to diffuse from the interface of 
the carbide particle, before the particle can continue to grow, is aluminium, which 
also promotes the generation of ferrite. But as the effect of aluminium is weaker 
and as the solid solution hardening potential is lower, it is often used in combina-
tion with higher carbon contents or in combination with phosphorus, that reduces 
the kinetics of cementite precipitation on the one hand and is a very effective solid 
solution hardening element on the other hand. If the addition of phosphorus ex-
ceeds a certain amount, phosphorus might segregate to the grain boundaries and 
deteriorate the ductility. Aluminium addition significantly increases carbon con-
centration in retained austenite, due to the rise of T0 temperature where austenite 
and ferrite have identical free energies [9]. 

Microalloying elements can be used for different purposes in AHSS. Their mi-
croscopic features and their effect on macroscopic properties are discussed in 
Table 9.4. Microalloying elements are defined by small alloying additions of 
< 0.1 mass% and by the fact that they can form precipitates which significantly 
affect directly or indirectly the mechanical properties. 

The well known effects of microalloying elements such as niobium on grain 
boundary motion and element migration also influence the TRIP effect. The dif-
ferent phase transformations during hot rolling, intercritical annealing, cooling, 
isothermal holding in the temperature range of bainite formation, and straining are 
modified thus resulting in superior mechanical behaviour. Direct effects of nio-
bium on the preservation of austenite at room temperature and indirect effects 
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arising from the improved carbon enrichment of the austenite must probably be 
distinguished. Vanadium might also be used to control the transformation behav-
iour of TRIP steels. Vanadium reduces the bainite packet size and tends to develop 
carbide free bainite phase, furthermore it has strong precipitation strengthening 
potential of 60–100 MPa if 0.1 mass% vanadium is added [8]. 

Additions of molybdenum to niobium bearing steels are reported to bring about 
a further improvement of the combination of strength and ductility and to consti-
tute another possibility of lowering the silicon level required [10]. Molybdenum 
exerts an important solute drag effect and delays the transformation of austenite to 
ferrite and to pearlite strongly. Although molybdenum lowers the activity of car-
bon in austenite and promotes carbide formation from the thermodynamic point of 
view, the contrary effect is observed in practice. Due to the strong solute drag 
effect the carbide precipitation is even retarded in the presence of molybdenum. 
Moreover, molybdenum raises strength due to solid solution hardening. 

Alloying elements in HMS. High manganese steels composed of single aus-
tenite phase or multi phase with high fractions of austenite phase can be alloyed 
a large amount of alloying elements. Effect of alloying element on properties of 
high manganese steels is shown in Table 9.5 [11, 12, 13, 14]. 

Carbon improves the stability of austenite and strengthens the steels. It inhibits 
the formation of ε martensite by increasing the stacking fault energy. 

For HMS alloyed with aluminium and carbon, aging of the steels at temperatures 
from 500 to 750°C generally causes the precipitation of the κ phase, (Fe,Mn)3AlCx, 
which is considered to be a possible hardening mechanism. However, the presence 
of κ phase can cause brittle fracture and severe loss in impact energy. To avoid the 
precipitation of κ phase, carbon should be limited to within about 0.67% [15].  

Manganese stabilises austenite. However if its content is less than 15%, α′ 
martensite is formed which aggravates the formability. The γ ε transformation 
temperatures decrease with increasing Mn content.  

The high aluminium addition in HMS increases the SFE of austenite. The for-
mation of ε martensite is suppressed by aluminium addition. In addition, an alu-
minium addition is very effective for improving low temperature toughness. Alu-
minium can reduce SiO2 and MnO from slag to silicon and manganese. The 

Table 9.5 Effect of alloying elements on properties of high manganese steels. 
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increase in Al2O3 and the decrease in SiO2 and MnO will increase the viscosity of 
the slag, which leads to difficulties in casting. This results in quality lacking in the 
inside and the surface of the slab. Therefore requirements of casting techniques 
e.g. development of casting powder are investigated [16]. 

Aluminium can segregate on the grain boundaries during solidification, and 
produce a low melting point intermetallic compound such as Fe2Al5 having a melt-
ing point about 1170°C on the grain boundaries, which cause a weakness in the 
casting structure. Adding small amounts of boron, titanium or zirconium into the 
HMS alloyed with aluminium can improve the hot ductility of the steels [13]. 

Silicon improves strengths by solid solution strengthening. Silicon addition is 
effective for refining ε martensite plates and increasing fracture strength, although 
it does not improve ductility [12]. 

Nitrogen is an effective strengthening element in austenite. Adding nitrogen to 
the Fe-16.5Mn alloy decreases the martensite start temperature and also reduces 
the volume fraction of ε martensite [14]. 

Microalloying elements such as titanium and aluminium form nitrides that per-
form a core role in producing twins during forming of steel sheets, thereby im-
proving the formability and strength [11]. 

9.4 Processing 

Various process routes for dual phase steels and TRIP steels are either already in 
use or are subject to discussion depending on the final product. Figure 9.4 sum-
marizes the different routes and demonstrates that hot rolled, cold rolled and 
galvanised products can be produced. Some steels are available in all product 
forms, some are only processable as hot or cold strip, Table 9.6 [17, 18, 19, 20]. 
It should be mentioned that the optimum process routes for HMS are still a mat-
ter of research. 

Table 9.6 Product forms of different steels in commercial product or customer trials. 
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HSLA √ √ √ √ √ √ 
DP √ √  √ √ √ 
TRIP √ √  √ √ √ 
CP/PM √ √ √ √ √  
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Effect of microalloying on hot strip processing. Special attention has to be 
paid to the cooling strategy after finishing rolling when producing hot rolled multi 
phase steels. After austenitisation and the different steps of rolling in roughing and 
finishing mill, the microstructure and the mechanical properties are finally ad-
justed in the cooling section consisting of run out table and coiler. A variation of 
the cooling intensity and the coiling temperature allows to change the transforma-
tion behaviour and to vary the strength level in a wide range. 

The temperature-time-schedule for the production of hot rolled dual phase and 
TRIP steels is presented schematically in Fig. 9.5. The development of the desired 
microstructure might prove to be difficult as some transformations are necessary 
whereas others would be detrimental, which restricts the possible cooling path. For 
dual phase steels the cooling rate must be low enough to enable the transformation 
of about 85% austenite to ferrite to take place, associated with an carbon enrich-
ment of the austenite, and at the same time high enough to avoid the formation of 
pearlite and bainite, and to ensure the formation of martensite at low coiling tem-
peratures of about 200°C. Hence, a holding step has to be inserted in the tempera-
ture range of the maximum ferrite formation kinetics or the alloying concept has to 
be adapted in order to accelerate the ferrite formation. 

For TRIP steels a lower cooling rate is applied, as ferrite formation is delayed 
due to the different alloying concept in general and the higher carbon content in 
particular and as the subsequent bainite is striven for. Coiling is therefore carried 
out in the temperature range of bainite formation at round about 500°C and the 
final microstructure comprises 50 to 60% ferrite, 25 to 40% bainite, and 5 to 15% 
metastable retained austenite that does not-transform to martensite, since the car-
bon enrichment during ferrite and bainite transformation shifts the martensite start 
temperature below room temperature.  

 

Fig. 9.4 Process routes for hot and cold rolled multi phase steels. 
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The addition of niobium to dual phase steels not only provides noticeable grain 
refinement and thus improved ductility but also renders an addition holding step in 
the temperature range of maximum ferrite formation unnecessary and enables 
continuous cooling to be applied after finish rolling (Fig. 9.6). Ferrite formation 
involves carbon enrichment of the austenite thus retarding pearlite and bainite 
formation and facilitating martensite formation. 

Optimum coiling temperature. For cold rolled multi phase steels two differ-
ent hot rolling schedules prior to cold rolling are conceivable. The first of them 

 

Fig. 9.5 Temperature-time-schedule for hot rolled multi phase steels. 
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Fig. 9.6 Effect of niobium on hot strip processing of DP steel. 
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leads to a soft material with a microstructure of ferrite and pearlite. This micro-
structure stems from the application of a high coiling temperature of around 
700°C. The material is well suited to subsequent cold rolling. Alternatively, a hot 
rolling cycle making use of a lower coiling temperature in the range of bainite 
formation can be applied. Bainite forms at about 500°C and represents a relatively 
hard microstructural component. 

Rolling forces must be applied when cold rolling the material. However, it is ex-
pected that process route leads to a more homogeneous and fine grained microstruc-
ture, therefore superior properties of the as annealed product. The effect of hot strip 
coiling temperature and niobium on the martensite start temperature after intercritical 
annealing is shown in Fig. 9.7. It reveals the strong inhibition of martensite formation 
that can be achieved by niobium. This is particularly true, if a low coiling temperature 
of about 500°C is applied after hot rolling. The low coiling temperature leads to a de-
crease of the MS-temperature of the niobium free TRIP steel as well, which has been 
suggested to be explained by the homogeneous and very fine structure of the bainite 
and the homogeneous distribution of carbon. The microstructure of ferrite and pear-
lite resulting from the use of a coiling temperature of approximately 700°C, however, 
contains coarse cementite that possibly does not dissolve completely or at least en-
tails an inhomogeneous carbon distribution during intercritical annealing. 

A similar positive effect is ascribed to the addition of niobium, which accounts 
for the generation of a fine grained ferrite due to the retardation of recrystallisation 
and grain growth, and due to a ferrite formation that takes place at low tempera-
tures, but possesses a distinctly higher driving force and a higher nucleation rate. 
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Fig. 9.7 Effect of niobium content and hot strip coiling temperature on the MS-temperature of 
cold-rolled TRIP steels.
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However, the effect of niobium is restricted, when coiling is performed at 700°C, 
as precipitates become coarser and thus less effective concerning the suppression 
of grain growth during the slow cooling. If coiling is carried out at about 500°C, 
only 50% of niobium is precipitated after hot rolling, whereas 50% is determined 
to be chemically soluble which is the result of chemical isolation analysis and 
includes niobium in solid solution as well as very small precipitates with a diame-
ter of less than 20 nm. As the measurements indicate that the precipitated fraction 
of niobium after intercritical annealing is irrespective of hot rolling conditions and 
amounts to more than 90%, extensive precipitation must take place during inter-
critical annealing in the case of the low coiling temperature. The favourable nu-
cleation conditions surely result in the precipitation of very small particles. These 
precipitates not only control the grain size, encourage carbon diffusion and ensure 
a highly homogenized microstructure, but apparently also impair martensite nu-
cleation considerably. The result is another decrease of the MS-temperature by 
almost 100°C. 

Effect of microalloying on cold strip processing. After cold rolling the sheet 
material has to undergo a heat treatment that can be realized in continuous anneal-
ing lines and in hot dip galvanising lines, Fig. 9.8 (a). No full austenitisation is 
performed during the heat treatment of dual phase steels. An annealing tempera-
ture slightly above AC1 is applied and only a small part of 10 to 15% of the micro-
structure composed of ferrite and pearlite or ferrite and bainite is transformed to 
austenite during this intercritical annealing. Afterwards the material is quenched 
and the austenite transforms to martensite during cooling to room temperature, so 
that the final microstructure consists of a dispersion of martensitic islands in 
a ferritic matrix. 

TRIP steels are subjected to a two step heat treatment with intercritical anneal-
ing in the temperature range between 780°C and 880°C, cooling and another iso-
thermal annealing between 350°C and 450°C, which is then followed by cooling 
to room temperature as shown in Fig. 9.8 (b). The microstructure of TRIP steels 
after intercritical annealing contains almost identical percentages of ferrite and 

 

Fig. 9.8 Temperature-time-schedule for cold rolled dual phase (a) and TRIP (b) steels. 
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austenite, but in contrast to the microstructure of hot rolled TRIP steels, the ferrite 
has been part of the microstructure prior to annealing and does not form during 
cooling from the intercritical temperature. Cooling is interrupted in the tempera-
ture range of bainite formation for several minutes, before cooling to room tem-
perature. During the second isothermal holding the austenite is mostly transformed 
to bainite thus leading to a final microstructure of approximately 50% to 60% 
ferrite, 25 to 40% bainite, and 5 to 15% retained austenite. 

The austenite of dual phase and TRIP steels is enriched in carbon due to the 
phase transformations and the martensite start temperature is lowered. The high 
carbon content of the austenite in dual phase steels retards ferrite, pearlite and bain-
ite formation and reduces the critical cooling rate to ensure complete transformation 
of austenite to martensite, whereas the carbon enrichment in TRIP steels is even 
sufficient to suppress martensite formation during cooling to room temperature. 

Isothermal bainite transformation. The γB stability can be attributed to the 
higher carbon content of TRIP steels and the favourable conditions during the 
second annealing step. Bainite formation enables a further carbon enrichment in 
austenite to occur, whilst carbide formation that withdraws carbon from the aus-
tenite can be suppressed, which is indispensable in preserving a considerable 
amount of metastable retained austenite even at room temperature. If the second 
annealing is too short and if therefore too little bainite is formed, carbon enrich-
ment of the austenite is not sufficient and the unstable austenite is transformed to 
martensite during cooling down to room temperature. Nevertheless, efforts are 
made to minimise or even to omit the isothermal bainite transformation step. Fig-
ure 9.9 depicts how the alloying elements affect transformation behaviour during 
continuous annealing [20, 21]. 
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Fig. 9.9 Effect of alloying elements on transformation behaviour during continuous annealing 
of TRIP steels. 
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The processes taking place during the various steps of the heat treatment of 
TRIP steels are listed in Fig. 9.10. The essential requirement is to transform part of 
the initial microstructure to austenite, to bring all carbon atoms in solid solution 
and to prevent any precipitation in the austenite, so that a sufficient amount of 
retained austenite with a sufficient carbon content is obtained. The significant role 
of niobium is hinted at and will be discussed in detail. 

Figure 9.11 demonstrates that bainite formation is also delayed by niobium, 
which might also be attributed to the blocking of the nucleation sites by the very 
fine dispersed carbonitrides. This hypothesis is supported by the fact that the re-
tarding effect is much more pronounced at a lower transformation temperature of 
350°C, at which the displacive character of the bainite formation should prevail. 

Another possible mechanism according for reduced bainite formation is ferrite 
formation during cooling due to the fine grained microstructure and the enhanced 
nucleation and growth conditions. A similar effect might be accomplished by 
using a lower cooling rate. Dilatometric experiments confirm that a transformation 
actually takes place during cooling. A ferrite formation would enable further car-
bon enrichment of the austenite and lower the bainite start temperature. This as-
sumption conforms to the fact that aside from the velocity of bainite formation, the 
total amount is reduced [22]. 

 

Fig. 9.10 Metallurgical features during the processing of cold rolled TRIP steels. 
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9.5 Properties 

A small mean martensite island diameter improves the total elongation signifi-
cantly, it shows nearly no effect on the yield strength, Fig. 9.12 [23]. The tensile 
strength is affected when the martensite islands become quite small, typically 
smaller than 4 μm. However, results of metallographic examinations like these are 
sometimes prone to easy misinterpretation, as the major effect on the mechanical 
properties in dual phase steels is the volume fraction of the hard phase and second 
to this the hardness itself. Thus, minor changes in the quantitative determination of 

Fig. 9.12 Mechanical 
properties as a function 
of the martensite island 
size. 
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Fig. 9.11 Effect of niobium on isothermal bainite formation of TRIP steels at 350°C. 
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martensite or in the visibility of martensite islands might change the mechanical 
properties significantly. Furthermore, when the martensite volume has been mea-
sured quite accurately there seems to be an island diameter effect which is most 
likely to be superimposed by different carbon contents due to the easier enrich-
ment during intercritical annealing in fine grained structures. 

In dual phase steels beside the martensite retained austenite might be detected. 
For steels oil-quenched from various temperatures it was found that the content of 
retained austenite increased with temperature in the intercritical range. This behav-
iour was understood on the basis of increasing amount of austenite with the tem-
perature and the carbon content. An additional effect was a decrease in the size of 
the austenite grains which effectively stabilises the austenite against martensite 
transformation. It was furthermore found that the retained austenite was extremely 
stable on further cooling to lower temperatures, whereas during plastic deforma-
tion it quite readily transformed to martensite, Fig. 9.13 [24]. 

In TRIP microstructures crack initiation was found to start at hard phases, such 
as retained austenite and/or martensite. The crack initiation and development in the 
multi phase microstructure depends on the amount of crack initiation point, the 
stress-strain state and the neighbourhood conditions. The morphology, size and 
strength of the bainite islands and the banded structure are important for the crack 
development, because they can be the background for crack connections in several 
points in the microstructure. The sizes of cleavage areas and bainite islands were 
estimated by selecting these exemplarily from SEM fractography and LOM micro-
graph. It can be seen that most of the cleavage areas between 20 and 140 μm2 have 
a comparable size distribution with the bainitic islands, Fig. 9.14. The presence of 
much larger cleavage areas, 140 to 220 μm2, proves in fact the possibility of crack 
connections inside of the bainitic islands leading to larger cleavage areas. 

Thus, it can be concluded that a decrease of austenite size during intercritical 
annealing, a small martensite island diameter and a small bainite packet diameter 
are beneficial for the mechanical properties of multi phase steels. This microstruc-
tural refinement can be made possible by proper microalloying. On top of that, 
small precipitates can further strengthen the ferrite matrix or other phases and by 
this increase the strength level of AHSS. 

Fig. 9.13 Effect of austenite 
grain size on the MS tempera-
ture for different stress states. 
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9.6 Conclusion 

Microalloying in multi phase steel can be used 

• to control the thermomechanical rolling by a change of Tnr temperature, 
• to control the evolution of the microstructure in the hot strip run out table by 

their effect on transformation, 
• to increase strength by grain refinement and precipitation hardening, 
• to control the annealing process after cold rolling by altering recrystallisation 

and grain size control, 
• to improve ductility by small martensite island in DP steel and small bainite 

areas in TRIP steels, 
• to improve hot ductility in high manganese-high aluminium steels. 
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Chapter 10  
State-of-the-Science of High Manganese TWIP 
Steels for Automotive Applications 

B.C. De Cooman, L. Chen, Han S. Kim, Y. Estrin, S.K. Kim, 
and H. Voswinckel 

Abstract. Recent trends in automotive industry towards improved passenger 
safety and reduced weight have led to a great interest in AHSS (Advanced 
High Strength Steel), and DP, TRIP, CP, MA and high-Mn TWIP (TWinning 
Induced Plasticity) steels are particularly promising due to their superior tough-
ness and ductility. The properties of low SFE (Stacking Fault Energy) austenitic 
high Mn FeMnC steel exhibiting twinning-induced plasticity have recently been 
analyzed in detail. It is argued that although the mechanical properties of TRIP 
and TWIP steels are often assumed to be solely due to effects related to strain-
induced transformation and deformation twinning, respectively, other mecha-
nisms may also play an essential role such as point-defect cluster formation, 
planar glide, pseudo-twinning, short range ordering, and dynamic strain ageing, 
e.g. in the case of TWIP steel. At low strain rates, the plastic deformation of 
TWIP steels is often controlled by the movement of very few well-defined 
localized deformation bands. The formation and propagation of these Portevin-
LeChatelier (PLC) bands lead to serrated stress-strain curves, exhibiting a small 
negative strain rate sensitivity.  
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The present contribution offers a critical analysis of the mechanical properties 
of high-Mn TWIP steels and focuses on their potential as automotive materials. In 
addition, the challenges related to the production and applications of high-Mn 
TWIP steels are discussed. The new insights in the properties of TWIP steels re-
sult from the use of new experimental techniques combining high sensitivity infra-
red thermo-graphic imaging and optical in situ strain analysis. Finally the impor-
tance of the use of TEM (Transmission Electron Microscopy) in understanding the 
development of deformation microstructures in TWIP steel is also illustrated. 

10.1 Introduction 

Steel is still the material of choice for car bodies, with 99% of the passenger cars 
having a steel body, and 60–70% of the car weight consisting of steel or steel-
based parts. There has been only a slight increase in the use of Al, Mg and plas-
tics, but the automotive industry is expected to continue making excursion in the 
area of light materials applications. At present, most car makers are routinely 
testing multi-materials concepts, which are not limited to the obvious use of light 
materials for closures, e.g. the use of Al for the front lid or thermosetting resins for 
trunk lids. There is a continuous challenge to the central role of steel in auto body 
manufacturing, and the steel industry has been making sure that current automo-
tive steel grades are not perceived as commodity products but as advanced materi-
als. With this new perception, steel may even be able to gain back some of the 
ground it lost to alternative materials. 

Improved safety standards, reduced automotive body-in-white weight, and 
manufacturing processes requiring a superior formability, have led to a strong 
interest in AHSS and high toughness, high Mn steel characterized by TWinning-
Induced Plasticity (TWIP). The TWIP effect is believed to lead to high flow 
stresses (600–1100 MPa) and exceptional elongations (60–95%). Extensive re-
search has already been reported on high Mn TWIP steels with slightly different 
compositions, but very similar properties: Fe25Mn3Al3Si [1], Fe22Mn0.6C [2, 3], 
Fe27Mn0.02C [4], Fe30Mn3Al3Si [5], Fe12Mn1.1C [6], Fe12Mn1.2C [7], 
Fe13Mn1.2C [8], Fe32Mn12Cr0.4C [9] and Fe23Mn2Si2Al [10]. A review of 
their mechanical properties is given in Fig. 10.1. 

The mechanical properties of TWIP steel are mainly due to a combination of 
deformation twinning and dislocation motion in conditions of pronounced pla-
nar glide. In low SFE austenitic steels, the increased partial dislocation separa-
tion of favorably oriented screw dislocation segments [11] results in the ease of 
twin nucleation once a critical shear stress, the twinning stress, is reached. 
During deformation, the grains are progressively subdivided by the twinning 
process, and the internal twin boundaries increase the strain hardening. Al-
though the actual twinning strain is limited and the twin formation itself may 
actually cause softening, the twin boundaries reduce the dislocation slip dis-
tances progressively, and promote dislocation accumulation and storage [2–4]. 
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The mechanism leading to a high strain hardening in TWIP steel is however 
still a matter of debate. The pronounced strain hardening may not necessarily 
be caused by twinning only, as alloying additions and high temperatures, both 
of which suppress deformation-induced twinning, have been reported to have 
not much influence the strain hardening [6]. Alternative explanations stress the 
fact that a pronounced planar glide can also lead to a high strain hardening [12, 
13]. In high Mn TWIP steel, the strong attractive interaction between C and 
Mn leads to a non-random distribution of interstitial C atoms in which there is 
a very high probability that a C atom occupies an octahedral interstitial position 
and forms an octahedral cluster for which the number of Mn atoms on the six 
nearest-neighbor positions is higher than the site occupancy expected on basis 
of the atomic Mn concentration [12]. This clustering leads to a higher lattice 
resistance to dislocation glide, as the passage of a partial dislocation will in 
general change the local position of both substitutional and interstitial atoms. 
This disordering process results in a gradual reduction of the stress required to 
move each of the following dislocations on the same glide plane, tending to 
confine slip to a single slip plane. The more pronounced planar glide will re-
sults in a higher strain hardening [13]. In addition, the process of twinning in 
TWIP steel interacts with the ordering, as the homogeneous twinning shear also 
alters the degree of short range order as it results in a different pair correlation 
and interstitials in different positions (pseudo-twinning) [14, 15].   
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Fig. 10.1 Overview of the materials currently used in the construction of car bodies. TWIP 
steels have a high manganese concentration in the range of 15 ~ 30 mass%, which results  
in a fully austenitic microstructure. The twinning-induced plasticity is due to their SFE of 
~ 20 mJ/m2. Industrial research has focused mainly on Fe18Mn0.6C and Fe22Mn0.6C TWIP 
steels, which may be alloyed with Al and/or Si. 
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The flow curve of high Mn TWIP steels containing interstitial carbon is often 
characterized by serrations, the Portevin-LeChatelier (PLC) phenomenon, and 
a negative strain rate sensitivity. Both result from a microscopic Dynamic Strain 
Aging (DSA) process. DSA results in an increase in flow stress and strain harden-
ing, but a decrease in post-uniform elongation and a reduction of area at fracture. 

Serrated flow curves were observed by Allain [3] who reported on the proper-
ties of low SFE Fe22Mn0.6C TWIP steel with an ultimate tensile stress of 
1400 MPa and a true uniform elongation of ~ 0.5. Allain et al. [2] have published 
flow curves for Fe22Mn0.6C steel (SFE 12–35 mJ/m2) clearly showing the ser-
rated flow of DSA, but they did not discuss the implications of this feature in their 
paper. Similar observations were made by Karaman et al. [7] for Fe12Mn1.2C 
steels (SFE 23 mJ/m2) for which twinning produces a higher strain-hardening than 
the one observed in austenitic steels not experiencing twinning. Fe12Mn1.2C 
single crystals, oriented along [001] and [111] for multiple slip, had serrated flow 
curves when deformed in compression. Hong et al. [18] reported on the 
Fe32Mn12Cr0.4C TWIP steel in the –150°C to + 150°C temperature range. No 
DSA and no negative SRS were observed in this case. The observations of Grassel 
et al. for Fe25Mn3Si3Al TWIP steel [1] were similar. Vercammen [5], who stud-
ied Fe30Mn3Al3Si TWIP steel, did not discuss the serrations present on the mea-
sured flow curves. He reported that no local necking occurred prior to fracture, 
a strong indication for low or negative strain rate sensitivity.  

The present contribution will mainly focus on the tensile properties of type of 
TWIP steel which are currently getting most of the attention for the industrializa-
tion of TWIP steels: X60Mn22 and X60Mn18. Note that these TWIP steels may 
also be Al- and/or Si-alloyed. These additions are made in order to control the 
stacking fault energy. The typical microstructure of this type of TWIP steels is 
shown in Fig. 10.2. 

 

Fig. 10.2 Typical microstructure of a high Mn FeMnC TWIP steel (a). During uniaxial strain-
ing the microstructure is stable against strain-induced transformation to ε or α’, as shown by the 
XRD data (b). Note that the use of a logarithmic scale for the intensity is to allow for a better 
observation of small amounts of transformation products. 
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10.2 Experimental 

The experimental results reported in the present contribution focus on capturing 
the dynamic nature of the deformation process of high Mn FeMnC TWIP steel. 
Most tensile tests were carried using a screw driven ZWICK Z100 machine 
equipped with an automated high resolution mechanical strain gauge. A CEDIP 
Silver 420M camera was used to monitor specimen temperature by high resolution 
infrared thermo-graphy. The temperature space resolution of the camera was 
3 ~ 5 μm and the temperature sensitivity was 20 mK. A VIALUX Autogrid auto-
mated optical grid analysis system was used to measure the strain distribution in 
situ during deformation. The data acquisition system allowed for the simultaneous 
capture of flow curve, localized strain and thermographs. In addition, the micro-
structures before and after tensile testing were studied by conventional transmis-
sion electron microscopy (CTEM) using a PHILIPS Tecnai operated at 200 keV.  

10.3 Results 

At low strain rates (~ 10–3 s–1) and a true strains less than 0.45, the room tempera-
ture stress-strain curve of Fe-18-Mn-0.6C TWIP steel often displays step-like 
discontinuities in stress, separated by plateau regions in which the deformation 
proceeded with a small increase of the stress. These “type A” serrations, are 
caused by the repetitive continuous propagation of localized deformation bands, 
PLC bands, moving smoothly from one end of the specimen to the other along the 
specimen length. At a true strain of 0.45, the stress-strain curve shows random 
serrations. These multiple un-correlated discontinuities in the stress-strain curve 
are usually referred to as “type B” serrations. For typical type A serrations, the 
stress-strain curve is flat during band propagation as all the deformation is concen-
trated in the band only. In the present case “modified Type A” bands were ob-
served, the stress-strain curve was not flat during band propagation and it showed 
a small continuous increase in the plateau region. This suggests that there was 
some strain hardening in the region outside the PLC band. PLC bands are usually 
observed for materials with negative strain rate sensitivity. This was also observed 
for TWIP steels. Figure 10.3 shows that the strain rate sensitivity assumed a very 
small value and at low strains, negative values. In comparison, the strain rate sen-
sitivity values for low C Al-killed steels are typically ~ 0.015, and the strain rate 
sensitivity of HSLA steels is in the 0.005–0.010 range. 

Figure 10.4 illustrates the time-dependence of stress, strain and temperature at the 
center of the specimen. The stress showed a discontinuity, each time a single defor-
mation band was initiated at one end of the specimen. During the plastic deformation, 
the temperature at the specimen center increased each time the PLC band passed the 
measuring point. In Fig. 10.4, it can be seen that the temperature increase was ~ 5°C 
for the first deformation band and increased to ~ 20°C for the last PLC band. In the 
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Fig. 10.3 Strain rate sensitivity of Fe18Mn0.6C TWIP steel. 
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Fig. 10.4 Time dependence of the engineering stress (a), engineering strain (b) and mid-
sample position temperature (c) during the tensile deformation of a TWIP steel. Type A 
serrations are characterized by sudden steep rises in stress and plateau-like features in the 
strain. The steep rise in stress corresponds to the initiation of a PLC band outside the strain 
gauge measuring range. The plateau segment in strain corresponds to the passage of the PLC 
band outside the strain gauge measuring range. The passage of a PLC band in the measuring 
gauge range increases the strain, and is associated with a small increase in stress. A pro-
nounced increase in temperature occurs each time a PLC band passes through the center of 
the sample. 
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time between the passages of two successive PLC bands, the temperature decreased 
only very slightly. The final temperature prior to fracture was typically ~ 100°C. 

The successive deformation bands tended to be nucleated at the end of the 
specimen as illustrated in Fig. 10.5. The bands tended to be initiated at one end of 
the specimen, and moved to the opposite end of specimen, producing a strain in-
crement in their wake. A possible explanation may be provided by the fact that the 
specimen shoulders acted as stress concentrators. 

The highly concentrated deformation caused by the PLC bands resulted in a 
pronounced local heating. This made it possible to record thermographs and the 
temperature profile from each of the individual narrow bands moving through the 
sample as shown in Figs. 10.6 and 10.7. The overall picture that emerges from the 
observations is that, as a result of the very low heat conductivity of the material, 
adiabatic conditions prevail. Each PLC band leaves behind a nearly uniform tem-
perature increment. In other words, after the passage of a band, the specimen is 
heated uniformly. When a next band starts propagating, it sees this increase back-
ground temperature and leaves behind a further temperature increment, which is 
larger, as the strain in the band is higher. Due to a relatively sharp decay of the 
excess temperature in front of a moving band, a more or less abrupt step in the 
temperature increment is seen in front of the band. With the progress of straining, 
this step becomes more diffuse as the band velocity is decreased. 

As a PLC band moved through the specimen, the rest of the specimen under-
went little or no deformation, except for an elastic deformation. Due to the finite 
width of the band and the finite width of the slip distance of the dislocations in the 
band, the plastic flow spilled over to the adjacent undeformed region, and the band 
propagated through the sample. The PLC bands were typically about 4 mm wide 
and were inclined at 53.1° to the tensile axis. This angle is close to 54.74°,  
the characteristic angle for localize necking of an isotropic material prior to fracture. 

Fig. 10.5 TWIP steel tensile 
specimens before and after 
testing (left). The extensive 
deformation of the ends of the 
sample reveals the importance 
of these sample neck as 
a nucleation place of the 
successive PLC bands. 
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Fig. 10.6 IR Thermograph of a propagating PLC band (a). The band is initiated at the bottom of 
the specimen, and moves to the opposite end of specimen, straining the whole specimen. 
Enlargement of the thermograph of a deformation band (b) at a true strain of 0.38, ΔT = 11.4°C. 

Fig. 10.7 Local sample 
temperature profiles 
during the passage of 
5 successive PLC bands. 
The very low heat con-
ductivity of the material 
results in near-adiabatic 
conditions. Each PLC 
band leaves behind 
a nearly uniform tempera-
ture increment. Note that 
the temperature increment 
increases for each succes-
sive band. 
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The small deviation observed in the present case may be due to the normal aniso-
tropy of the tested TWIP steel. The angle is a clear indication of the fact that the 
strain along the band is prevented by the undeformed regions adjoining the band. 

The PLC band velocity decreased linearly with strain. This implies that the ma-
terial was strengthened when a band passed through the specimen and a large 
amount of barriers to plastic flow were generated, suppressing the movement of 
successive bands. The specimen fractured when the motion of the bands was fully 
suppressed, i.e. when the band velocity became zero. Assuming that the band ve-
locity was equal to the dislocation velocity, the measured fraction of mobile dislo-
cations (1010–1011m–2) was found to be low, consistent with the fact that serrated 
flow is caused by an effective pinning of the dislocations. The effective strain rate 
in the deformation band was very high due to the localized nature of the deforma-
tion, a considerable local strain rate increase by a factor of 100 was measured. 

The strain associated with an isolated PLC band was obtained by local strain 
analysis before and after the passage of a PLC band. Typical results are shown in 
Fig. 10.8. As the strains were registered continuously, the passage of individual 
bands and their associated strains could be observed readily by the discontinuous 
jumps of the local value of the major strains. Note that, as the thickness and width 
strains were found to have very similar values, the normal anisotropy (r-value) of 
TWIP steel is close to unity. 

A direct consequence of the previous observations is that they allow for a better 
understanding of the behaviour of TWIP steel during the hole expansion test. In con-
trast to standard deep drawing steels, most advanced high strength steel (AHSS) 
grades have a low hole expansion performance. The hole expansion ratio (HER)  
is a measure of stretch flangability, reflecting the risk of a cut edge cracking during 
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Fig. 10.8 In situ PLC band strain measurement. Note that the width and thickness strains are 
equal. The observed strain path is a clear indication that the normal anisotropy is very close to 1. 
Note that since the PLC band is only a few millimeters, the strain parallel to the band must be zero. 
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Fig. 10.9 Hole expansion behaviour of TWIP steel. TWIP sample exhibiting the characteristic 
single crack failure (top, left). Thermograph of the same sample during the crack propagation 
stage. Temperature profile of the sample during the hole expansion test, revealing the extensive 
local heating at the crack tip (middle). SEM micrographs of the inner edge of the hole expansion 
sample (below), showing the presence of a large amount of micro-cracks (below, left) and the 
very finely dimpled fracture surface of the single large crack (below, right). 
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forming operations. It is one of the critical properties of sheet steel. Figure 10.9 
shows the main characteristics of the hole expansion behaviour of TWIP steel. 
Thermo-graphic analysis of the sample during hole expansion revealed a pronounced 
local heating of the edge. In the present case, the local temperature in the crack 
reached almost 90°C during the crack initiation and propagation stage. These obser-
vations are in agreement with the quasi-adiabatic conditions observed during the 
tensile deformation. They are due to the low thermal conductivity of TWIP steels. 
SEM micrographs of the inner edge of the hole expansion sample showed the pres-
ence of a large amount of micro-cracks. Despite the fact that the flat appearance of the 
macroscopic crack surface suggests that failure is by brittle crack propagation, frac-
tographic analysis of the fracture surface at high magnification revealed the presence 
of very small dimples. The sudden failure is very likely the result of the very small 
value of the strain rate sensitivity. 

10.4 Microstructural Analysis 

The microstructures of undeformed and deformed high Mn FeMnC TWIP steel were 
studied by TEM. Byun [11] has shown that the dissociation of a dislocation segment 
in the screw orientation can become comparable to the grain size when the shear 
stress reaches a critical value. This critical shear stress is the twinning stress. For 
a SFE of 20 mJ/m2, this critical stress is 267 MPa (Fig. 10.10). Deformation twinning 
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Fig. 10.10 Schematic showing the change in dissociation width at increasing shear stress on the 
glide plane for SFE = 20 mJ/m2. One of the partial dislocations of a dislocation in the screw 
orientation (θ = 0) can undergo run-away when the shear stress exceeds 267 MPa (b). 
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does not initiated from the start of plastic deformation. Dislocation generation and 
glide are predominant deformation mechanisms at low strains. As the flow stress 
increases with strain, the size of the stacking faults will increase, and eventually the 
critical twinning stress will be achieved. The TEM observations support this model of 
twinning-induced plasticity. In the undeformed samples, large grains (~ 30 μm) and 
wide annealed twins (~ 500 nm) were observed. The dislocation density before test-
ing was very low. However, widely dissociated partial dislocations and wide stacking 
fault were observed. This is indicative of the low stacking fault energy of FeMnC. 
From the available literature data, based mainly on theoretical calculations, the stack-
ing fault energy of the Fe-18-Mn-0.6C TWIP steel used for the present research was 

 

Fig. 10.11 TEM micrograph of deformed TWIP steel. At low strains, isolated dislocations and 
some stacking faults are observed (2% strain, top). Large amounts of twins are observed in the 
microstructure at larger strains (10% strain, below). The larger twins are often parallel to one of 
the < 110 > directions within individual grains. These twins terminate at grain boundaries. They 
are also internally faulted by micro-twin formation (below, right). 
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about 20 ~ 30 mJ/m2. At low strains (2% strain, Fig. 10.11), isolated dislocations and 
some stacking faults were observed. Large amounts of twins were observed in the 
microstructure at larger strains (10% strain, Fig. 10.11). The larger twins were often 
parallel along a single < 110 > direction within individual grains. These twins termi-
nated at grain boundaries. They were also internally faulted by micro-twin formation. 
At fracture, the mean width of larger deformation twins was about 60 nm. A high 
density of micro-twins was formed within the major twins. No evidence for the for-
mation of h.c.p. ε-martensite or b.c.c./b.c.t. α’ martensite was found. 

10.5 Discussion 

The plastic deformation of TWIP steel exhibits a complex combination of different 
phenomena. Their characteristic, high rate of strain hardening (n > 0.4) is caused by 
deformation twinning and/or a pronounced planar glide. The pronounced DSA and 
the negative strain rate sensitivity are related to solute-dislocation interactions. In 
the following paragraph it will be argued that, in the case of Fe18Mn0.6C TWIP 
steel, these phenomena are very likely interacting strongly with each other. 

The origin of the high rate of strain hardening of TWIP steel at room tempera-
tures is yet not known and different theories have been proposed. They are reviewed 
schematically in Fig. 10.12. In the low SFE theory, it is assumed that the width of 
the stacking faults will reduce the frequency of cross slip to such an extent that pla-
nar slip will prevail and cause the high strain hardening rate (Fig. 10.12 (a)).  

Since a low SFE facilitates deformation-induced twinning during plastic strain-
ing, Bouaziz and Guelton [4] suggested that deformation twinning had a strong influ-
ence on the work-hardening rate of TWIP steel. They argue that the density of fine 
twins increases during deformation and gradually reduces the effective grain size. 
The mean free glide distance of dislocations will steadily be reduced as the twin 
boundaries act as effective barriers to their motion. This “dynamical Hall-Petch ef-
fect” causes the high strain hardening (Fig. 10.12 (b)). The stacking fault energy may 
not be the only parameter influencing the strain hardening and Gerold and Karnthaler 
[13] argue that short range order (SRO) or short range clustering (SRC) in solid solu-
tion are the main cause of planar slip in f.c.c. materials. Planar slip can actually occur 
in high stacking fault energy alloys. During planar slip, dislocations cannot easily 
avoid obstacles to their glide, and this results in an increased strain hardening 
(Fig. 10.12 (c)). The origin of planar glide in concentrated solid solutions exhibiting 
SRO or SRC is due to the fact that dislocation glide removes the order or the cluster-
ing (Fig. 10.12 (d)). The glide of a first dislocation on a glide plane requires a higher 
stress than the following dislocations on the same glide plane. The higher stress is 
provided by trailing dislocations, generated by a dislocation source, on the leading 
dislocation. The high stress on the leading dislocation increases its velocity and plas-
tic deformation, as the trailing dislocations face a reduced lattice resistance after the 
passage of the first dislocation. The phenomenon, a fast deformation localized on 
a single glide plane, is known as “glide softening”.  
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In FeMnC alloys the SRO or SRC is very likely of a statistical nature, and related 
to the formation of octahedral clusters by substitutional Mn and interstitial C atoms 
(Fig. 10.12 (d)). Owen and Grujicic [12] have proposed a local-order model, in 
which the ordering is measured by the likelihood that a C atom will occupy the 
interstitial position in an octahedral cluster of metal atoms with n, an integer be-
tween 0 and 6, Mn nearest neighbors. They were able to calculate the stress oppos-
ing dislocation motion for a single isolated dislocation and for a sequence of dislo-
cations moving on the same slip plane, and provided an adequate description of 
DSA in high Mn alloys.  

Dastur and Leslie [6] have proposed an extension of the Cottrell theory of DSA in 
low carbon steels to explain the phenomenon of rapid strain hardening in Mn steels. 
According to them, the high rate of strain hardening is associated with serrated stress-
strain curves characteristic of DSA, and negative strain rate sensitivities. In this 
model, the attractive interaction between C and Mn atoms leads to the formation of 
Mn-C pairs. These atomic pairs can interact with dislocations by their fast reorienta-
tion at the core of moving dislocations (Fig. 10.12 (e)).  
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Fig. 10.12 (a), (b) (a) Low SFE model: a low SFE leads to widely dissociated partial disloca-
tions, which cannot cross slip. This leads to a pronounced planar slip and results in a high strain 
hardening rate. (b) Dynamic Hall-Petch model of Bouaziz-Guelton: at low SFE, twinning is 
promoted. The intersection of twins forms a cell structure. The twin boundaries act as obstacle 
for dislocation glide. 
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Fig. 10.12 (c), (d), (e) (c) Planar slip model: in concentrated solid solution alloys, short range 
order (SRO) is possible and dislocations will destroy the SRO on their slip plane. Whereas the 
leading dislocation experiences a high resistance to its motion, subsequent dislocations can glide 
more easily in the same slip plane. This favors planar slip and result in a high rate of strain hard-
ening. (d) Illustration of the reduction of the SRO during the passage of partial dislocation on 
their glide plane: the octahedral clusters are sheared and the C atoms are transferred to tetrahe-
dral interstitial sites. Left: before slip. Right: after slip. (e) Dastur-Leslie model: dynamic stain 
aging in FeMnC alloy is caused by the re-orientation of Mn-C clusters in the dislocation stress 
field during dislocation motion. 
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In low SFE interstitial f.c.c. alloys, a 1/6< 112 > type shear disturbs the original 
f.c.c., ABCABC stacking sequence and traps the interstitial C atoms in transient 
interstitial position as illustrated in Fig. 10.12 (d). In the case of a single partial 
dislocation, a C atom will be transferred form an octahedral position to a tetrahe-
dral position, and back to an octahedral position when the f.c.c. lattice is restored 
by the trailing partial dislocation. For a twining dislocation the situation is differ-
ent for two reasons: (a) there is no trailing partial dislocation restoring the f.c.c. 
lattice, and (b) there is a partial on every successive slip plane. In both cases the C 
atoms are transferred to higher energy tetrahedral positions, from which they can 
jump to reposition themselves in an octahedral position, considering the relatively 
small activation required for this. In the case of dislocation motion, if the C atoms 
can reposition themselves in an octahedral site before the passage of the trailing 
partial, this will require a higher stress. 

10.6 Conclusion 

The development of high Mn TWIP steel faces a number of important technical 
challenges related to steelmaking and processing, before TWIP sheet steel can be 
made widely available to the automotive industry. In addition, the TWIP steels 
must be developed as a different class of steels and a number of grades with spe-
cific strength-elongation characteristics will have to be developed to meet specific 
needs of the automotive industry. One particular challenge is the fact that TWIP 
steels have relatively low yield strengths. This implies that the high tensile 
strengths are only available after the considerable straining of the material. This is 
illustrated in Fig. 10.13. As true strains of 1.0 and more are only rarely achieved 
during the press forming of car body parts, some steelmakers are evaluating the 
option of cold rolling TWIP to certain strength levels as a means to develop 
strength-elongation classes on the basis of a single composition. 
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Fig. 10.13 Stress strain curve illustrating the considerable strain hardening of high Mn TWIP 
steels (a). Comparison of the ratio of tensile strength to yield strength for different steel grades (b). 
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From a technological point of view, the PLC phenomenon, and hence DSA, 
must be avoided. This ensures stable material behavior during sheet forming 
processes as DSA gives rise to non-homogeneous plastic flow and may lead to 
surface defects on formed parts. The impact of the pronounced DSA during the 
press forming of TWIP steels has not yet been studied. As a rule, DSA and nega-
tive strain rate sensitivity lead to lower uniform elongations and smaller post-
uniform elongations. In other words, DSA has a negative influence on formabil-
ity. It must also be taken into account that DSA is usually observed within a spe-
cific critical strain and strain rate interval. In general, the critical strain for DSA 
increases when the strain rate increases. This is illustrated schematically for 
TWIP steel in Fig. 10.14. This would tend to suggest that no detrimental effects 
are to be expected form DSA if the strain rates during press forming are high 
enough. Press forming is however usually carried out at strain rates in the DSA-
free region, and therefore it should not be a cause of much concern. In addition, 
TWIP grades with higher SFE are being developed to address this problem. Hav-
ing said this, the relatively low strain rate sensitivity of TWIP steels is also detri-
mental in press forming, as there can only be a very limited useful stretching after 
the onset of diffuse necking. 

High Mn steels have a lower thermal conduction compared to ferritic steel. In 
addition, they are characterized by a higher thermal expansion. Both properties 
must be taken into account when combining TWIP steel and low carbon ferritic 
steels in car bodies. 

Finally, it is well known that unstable austenitic stainless steel grades are sub-
ject to a catastrophic type of damage often referred to as “delayed fracture”, result-
ing from the combination of high residual stresses and the presence of martensitic 
phases in the microstructure of pressed parts. This phenomenon, which can also be 
observed in certain TWIP steels (Fig. 10.15), has been related to H-cracking, and 
should also be carefully examined in the case of the high Mn steels. 
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Fig. 10.14 Schematic showing the strain rate range in which DSA occurs for FeMnC TWIP steel. 



182 H.S. Kim et al. 

 

Fig. 10.15 Example of delayed fracture in deep drawn FeMnC TWIP steel. 
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Chapter 11  
Third Generation of AHSS: 
Microstructure Design Concepts 

David K. Matlock and John G. Speer 

Abstract. In recent years there has been an increased emphasis on the develop-
ment of new advanced high strength sheet steels (AHSS), particularly for automo-
tive applications. Descriptive terminology has evolved to describe the “First Gen-
eration” of AHSS, i.e. steels that possess primarily ferrite-based microstructures, 
and the “Second Generation” of AHSS, i.e. austenitic steels with high manganese 
contents which include steels that are closely related to austenitic stainless steels. 
First generation AHSS have been referred to by a variety of names including dual 
phase (DP), transformation induced plasticity (TRIP), complex-phase (CP), and 
martensitic (MART). Second generation austenitic AHSS include twinning-
induced plasticity (TWIP) steels, Al-added lightweight steels with induced plastic-
ity (L-IP®), and shear band strengthened steels (SIP steels). Recently there has 
been increased interest in the development of the “Third Generation” of AHSS, 
i.e. steels with strength-ductility combinations significantly better than exhibited 
by the first generation AHSS but at a cost significantly less than required for sec-
ond generation AHSS. Approaches to the development of third generation AHSS 
will require unique alloy/microstructure combinations to achieve the desired prop-
erties. Results from a recent composite modeling analysis have shown that the 
third generation of AHSS will include materials with complex microstructures 
consisting of a high strength phase (e.g. ultra-fine grained ferrite, martensite, or 
bainite) and significant amounts of a constituent with substantial ductility and 
work hardening (e.g. austenite). In this paper, design methodologies based on 
considerations of fundamental strengthening mechanisms are presented and evalu-
ated to assess the potential for developing new materials. Several processing 
routes will be assessed, including the recently identified Quenching & Partitioning 
(Q&P) process developed in the authors’ own laboratory. 

__________________________________ 

D.K. Matlock and J.G. Speer 
Advanced Steel Processing and Products Research Center, Colorado School of Mines, Golden, 
Colorado 80401, USA 



186 D.K. Matlock and J.G. Speer 

11.1 Introduction 

Current automotive designs that utilize sheet steels and emphasize optimization of 
both vehicle weight and performance, e.g. fuel economy along with crash worthi-
ness for safety and stiffness for drivability, require higher strength materials with 
good combinations of strength, formability, fatigue resistance, and toughness. As 
a consequence of the increased demands on steels, new products referred to as 
“advanced high strength sheet steels” (AHSS) have been designed and are now 
being utilized. To optimize material designs, automotive manufactures are incor-
porating a variety of different higher-strength materials into assemblies. For ex-
ample, it was recently reported [1] that the number of different materials used in 
the construction of a body-in-white (BIW) for a recent (2006) models increased 
from approximately 5 materials seven years ago to over 10 materials for the vehi-
cle produced today. The material types and portions by weight for the current 
vehicle are seven steel grades (91%), two aluminum grades (3%), and thermoplas-
tics and other materials (6%) [1]. During this same time period the average yield 
strength for the BIW materials also increased by 50%, from approximately 
200 MPa to 300 MPa. 

New AHSS steels are sometimes referred to by “generation” and those steels in 
the “first generation” include dual phase (DP), transformation induced plasticity 
(TRIP), complex-phase (CP) and martensitic (MART) steels [2]. A desire to pro-
duce materials with significantly higher strengths has led to the development of 
a “second generation” of AHSS which are austenitic steels with high manganese 
contents and are closely related to conventional austenitic stainless steels. First 
and second generation AHSS exhibit a wide variety of deformation behaviors as 
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Fig. 11.1 Stress strain curves for typical first and second generation AHSS. Data are plotted 
approximately up to the point of necking and thus maximum strains represent the true uniform 
strain at instability. Adapted from [3]. 
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illustrated in the family of true stress versus true strain curves presented in 
Fig. 11.1 [3]. Figure 11.1 includes data for HSLA320, a steel primarily consisting 
of ferrite and cementite with a minimum yield strength of 320 MPa, and selected 
AHSS grades: two DP steels consisting primarily of ferrite with dispersed marten-
site and with minimum ultimate tensile strengths (UTS) of 590 or 980 MPa; 
TRIP800 with an 800 MPa minimum UTS consisting of ferrite and a combination 
of other constituents including retained austenite; and TWIP1000, a Fe-Mn austen-
itic steel with a minimum UTS of 1000 MPa. In comparison to HSLA320, the DP 
steels exhibit high strain hardening rates at low strains owing to the effects of 
martensite, along with good ductilities relative to the tensile strengths achieved. 
The TRIP1000 exhibits initial strain hardening rates between the HSLA and DP 
steels, but higher strain hardening rates at high strains due to deformation induced 
transformation of austenite to martensite, leading to the observed higher uniform 
strain. The TWIP1000 also exhibits an inflection on yielding followed by an es-
sentially constant work hardening behavior (ignoring localized variations associ-
ated with serrations due to dynamic strain aging), a consequence of deformation 
twinning that is maintained up to high strains leading to the high ductility. As 
illustrated in Fig. 11.1, AHSS steels can be designed with significantly different 
deformation behaviors and understanding the differences in behavior is critical in 
order to make the correct choice for a specific vehicle component design. 

Figure 11.2 maps typical AHSS yield strength/ductility combinations and com-
pares these to “conventional” low strength (interstitial free, IF; bake hardenable, 
BH; or mild steels) or high strength (carbon manganese – CMn or high strength 
low alloy – HSLA) sheet steels [2]. This figure has evolved from numerous publi-
cations and is widely employed as a frame of reference for assessing new AHSS 
developments. The property band that includes DP, TRIP, CP, and MART steels 
(referred to as “first generation” AHSS [2]) incorporates other steels that also 
possess primarily ferritic-based microstructures. Within the band the advantageous 
properties of TRIP steels, i.e. higher elongations for a specific strength range, are 
evident. Developments continue to enhance the properties of first generation 
AHSS as evidenced by recent work on a new class of steels with retained austenite 
and controlled amounts of martensite produced by the quenching and partitioning 
process (Q&P) and having properties superior to the MART steels [4]. The first 

Fig. 11.2 Summary of 
tensile strength and ten-
sile elongation data for 
various classes of conven-
tional and advanced high 
strength sheet steels 
(AHSS) [2]. 
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generation of AHSS is well established and properties and applications have been 
summarized in a recent IISI guidelines publication [5]. Figure 11.2 also shows 
property combinations for these steels referred to as twinning-induced plasticity 
(TWIP) steels or lightweight steels with induced plasticity (L-IP®), along with the 
material property band for typical austenitic stainless steels. Similar materials that 
use shear band formation for strengthening (SIP steels) are also currently being 
developed [2]. For high-production automotive applications these second genera-
tion AHSS steels are attractive due to their excellent formability. However, the 
steels offer processing challenges relative to low carbon sheet steels and are ex-
pensive due to the high alloy additions required to produce an austenitic micro-
structure. Currently there is increasing interest to develop a new class of steels, 
referred to as the “third generation” advanced high strength steels, with anticipated 
properties in the intermediate band identified in Fig. 11.1 [2]. If high strength 
steels could be produced with enhanced properties, e.g. tensile strength of 
1000 MPa combined with a total elongation of 30%, but without the level of ex-
pensive alloy additions required in the second generation AHSS, then significant 
use of the these steels might be economically incorporated into advanced automo-
tive designs. 

The fundamental basis for the strength-elongation response of the various steel 
classes summarized in Fig. 11.2 is well-founded in the historical steel literature. 
The basics for development of the first generation AHSS were the subject of sev-
eral conferences in the 1970s and early 1980s on HSLA and DP steels [6−9], and 
the results of those conferences remain important resources today. More recently 
a systematic analysis which provides a basis for development of the “third genera-
tion” AHSS steels was presented [10]. The analysis considered strengthening 
mechanisms in AHSS and developed predictions of new material properties based 
on a simplified composite model. The results of the previous paper [10] are sum-
marized here and are extended to provide a more complete assessment of new 
product development approaches. Data from selected examples of novel steel 
processing methodologies that are currently being evaluated to develop new “third 
generation” AHSS are also presented. 

11.2 Analysis of Strengthening in AHSS Steels 

Assessments of strength/ductility relationships for new third generation AHSS 
require an understanding of the effects of microstructure on tensile stress-strain 
behavior and an assessment of the effects of microstructure on operating deforma-
tion mechanisms. In this section, the important aspects of stress-strain behavior in 
tension are reviewed along with a consideration of models that can be incorpo-
rated to assess the behavior of potential steels with unique new microstructural 
combinations. 

The interrelationships between microstructural constituents, strength, strain 
hardening, and ductility in tension are often considered in terms of equations that 
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relate operable strengthening mechanisms to strain-dependent expressions of 
strength, and then are evaluated by applying the instability condition (Eq. 11.1) to 
determine the true uniform strain, one important component of the total elongation 
or formability. This discussion concentrates on factors that control uniform strain 
and recognizes that the total elongation in tension is the sum of the uniform and 
post uniform strains. While not considered here, fracture mechanisms that may 
limit formability (e.g. hole expansion, etc.) remain important in these new steels, 
and the effects of microstructure on fracture during sheet metal forming should be 
incorporated into future studies of new AHSS grades.  

 yinstabilitσ
dε
dσ =  (11.1) 

The true stress at instability, σinstability, can be viewed as the sum of two terms, 
the yield stress, σy, and the change in stress due to strain hardening, Δσ, and 
Eq. 11.1 can be rewritten as [11]: 

 σΔ+= yσdε
dσ  (11.2) 

In Eq. 11.2, Δσ represents the accumulated strength increase beyond yielding 
and the magnitude of Δσ depends on the stress-strain curve shape [11]. 

The terms in Eq. 11.2 are illustrated by Fig. 11.3, which presents a series of true 
stress versus true strain curves, both schematic (Fig. 11.3 (a)) [11] and actual data 
as a function of ferrite grain size for a low carbon steel (Fig. 11.3 (b)) [12]. Fig-
ure 11.3 (a) shows two steels, A and B, with different yield strengths but equivalent 
strain-dependent strain hardening functions. The increase in yield strength results 
in a decrease in uniform strain due to the decrease in the magnitude of Δσ required 
to satisfy instability. The behavior in Fig. 11.3 (a) mirrors the effects of ferrite 
grain size shown in Fig. 11.3 (b). It is interesting to note that the data in 
Fig. 11.3 (b), which were taken from a 1966 publication [12], are almost identical 
to recent results in a study on ultra fine grain IF steels with grain sizes in the range 
of 0.2 to 13 µm [13]. For the most general case, each term in Eq. 11.2 will depend 
on microstructure, and (dσ/dε) and Δσ will be independent functions of strain. 
Thus, in AHSS, consideration of specific mechanisms to independently control 
each term in Eq. 11.2 is critical to defining final strength/elongation combinations. 

The analysis shown in Eq. 11.2 and Fig. 11.3 (a) has been extended [10, 11]  
to evaluate the effects of systematic variations to strain hardening behavior, as  
evidenced by shapes of stress strain curves, to show that the total ductility depends 
both on the initial yield strength and the overall strain hardening behavior, which may 
differ at low and high strains. To illustrate this latter point, Fig. 11.4 shows true stress 
versus true strain curves for a set of constant composition dual phase steels processed 
with different cooling rates (and thus different martensite volume fractions indicated 
in the figure) [11]. The uniform strain and thus ductility are shown to decrease with  
an increase in martensite volume martensite (MVF). The strain hardening rate at  
low strains increases significantly with MVF while the strain hardening behaviors at 
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Fig. 11.3 True stress 
versus true strain curves 
illustrating contributions 
to uniform strain con-
trolled by yielding and 
strain hardening behavior 
as described in Eqs. 11.1 
and 11.2: (a) Schematic 
stress-strain curves show-
ing two curves with 
different yield strengths 
and equivalent strain 
hardening behavior [11]; 
(b) Effects of ferrite grain 
size on the yielding and 
strain hardening behavior 
of a low carbon steel [12].
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Fig. 11.4 True stress-true strains curves for Fe-0.063C-1.29Mn-0.24Si steel intercritically 
annealed at 810°C and cooled at different rates [11]. Each stress-strain curve is plotted up to the 
point of instability. 

strains near instability are essentially independent of MVF. Thus, the decrease in 
uniform strain with increase in MVF is due primarily to a rapid increase in strength at 
low strains and not a fundamental change in strain hardening behavior at high strains, 
consistent with Fig. 11.3 (a). 

The instability criterion (Eqs. 11.1 and 11.2) was applied to predict potential 
strength/ductility behaviors for new advanced high strength steels by utilizing 
a model that incorporates contributions of the individual microstructural constitu-
ents [10], and the results of that analysis are reviewed here. In general, all AHSS 
have complex multi-phase microstructures and consist of various combinations 
and distributions of ferrite, bainite, martensite, austenite, and carbide/nitride pre-
cipitates. If multiple ductile phases are load-bearing, then composite models based 
on the rule of mixtures (such as for an iso-strain composite) may be employed. 
This approach has been successfully used to describe strength-ductility combina-
tions in dual phase steels [14] and metastable austenitic stainless steels [15]. If the 
load-bearing capacity of the second phase can be ignored, as is the case for 
a closely-spaced distribution of fine carbides in ferrite, then contributions to 
strength can be modeled based on conventional precipitation hardening models or 
with models that consider the effects of strain gradients between phases on dislo-
cation accumulation [16−18]. 

For each model considered here, an expression for the stress-strain behavior of 
each individual constituent is required along with an expression that describes 
interactions between phases. For steels with a primarily ferritic matrix, strengthen-
ing is derived by grain refinement, solute additions, cold work, crystallographic 
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texture control and the presence of precipitates. The strength of ferrite can be 
described by a general equation of the form [19, 20]: 

 2/1
yPPTNDSSiy dk −+σ+σ+σ+σ=σ  (11.3) 

where σy is the flow stress, usually taken at a strain of 0.002 for yielding, σi is the 
friction stress of pure iron, σSS is the strengthening increment from solid solution 
strengthening (usually written as the linear sum of the contributions of the indi-
vidual elements, i.e. σSS = Σki[ci] where ci is the concentration of the ith solute and 
ki is the strength coefficient for the ith solute), σD is the strain-dependent strength-
ening from dislocation substructure, σPPTN is the contribution from precipitation 
hardening, ky is the Hall-Petch slope (referred to as the grain boundary strength 
coefficient), and d is the grain diameter. In Eq. 11.3, contributions from different 
strengthening mechanisms are taken to be additive. Equation 11.3 may be applied 
to both yield stress and strain-dependent flow stress data. 

Ashby [16] evaluated the deformation behavior of plastically non-homoge-
neous alloys in a different fashion. In this analysis the microstructure was assumed 
to consist of a ductile primary constituent with a dispersion of hard non-deforming 
particles, and the methodology provided an approach to predict the strength and 
strain hardening behavior as a function of the volume fractions of individual con-
stituents. Application of the model was illustrated to describe the deformation 
behavior of a variety of multi-component materials and thus may be applicable to 
new AHSS steels with multiple constituents [16]. Ashby assumed that the strength 
of a multiphase material can be described by a “one-parameter” theory where 
strain-dependent strength depends only on the strain dependence of the average 
dislocation density, ρAVG. The average dislocation density equals the sum of the 
geometrically necessary, ρG, and statistically stored, ρS, dislocation densities, each 
which depends on “characteristic lengths”, λG and λS, respectively. For a specific 
microstructure, λG is strain independent and characteristic of the morphology, 
volume fraction and distribution of the second phase in the initial microstructure. 
For example, for dual phase steels with finely dispersed equiaxed martensite parti-
cles in a ferritic matrix, λG is given by the ratio of the average particle radius, r, to 
the martensite volume fraction, f. In contrast, λS is strain dependent and character-
izes the dislocation mean free path or cold-work induced dislocation substructure. 
Ashby’s analysis predicts that ρG controls the properties at low strains and ρS con-
trols at high strains [16]. The resulting strength and dislocation density expres-
sions are: 

 AVGo b ραμ+σ=σ  (11.4) 

and 

 ⎥
⎦

⎤
⎢
⎣

⎡

λ
+

λ
γ=ρ

SG
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where σ is the applied true stress, σo is the intragranular friction stress which in-
cludes all contributions to matrix strength other than due to the second phase, µ is 
the shear modulus, b is the Burgers vector, ρAVG is the average dislocation density, 
α is a constant, and γ is the shear strain. 

To assess the applicability of Ashby’s analysis [16] to AHSS steels, the defor-
mation behavior of the series of dual phase steels shown in Fig. 11.4 is considered 
here. If it is assumed that ρG >> ρS (i.e. a condition applicable at low strains), and 
that the martensite in dual phase steels exists as discrete fine particles, then fol-
lowing Ashby’s analysis [16], the strain hardening rate is proportional to MVF, f, 
and martensite island radius, r, as shown in Eq. 11.6: 

 
r
f

d
d ∝

ε
σ  (11.6) 

Application of Eqs. 11.4 to 11.6 to the DP samples processed with MVF val-
ues of 0.34 and 0.08 (Fig. 11.4), which correspondingly exhibited average mar-
tensite island radii of approximately 10 and 2 µm respectively, would predict f/r 
values and correspondingly strain hardening rates that are nearly independent of 
MVF . Clearly the observed stress-strain behaviors are not consistent with such 
a model. Ashby’s approach [16] is believed more applicable for low martensite 
volume fractions, and fine dispersed martensite islands, where the strain harden-
ing rate at low strains significantly increases with martensite volume fraction, 
consistent with an increase in ρG, and is essentially independent of martensite 
volume fraction at high strains where the strengths would be primarily controlled 
by ρS. 

From the discussion associated with Ashby’s model, it is concluded that de-
scriptions of multiphase materials which consist of a primary ductile phase with 
properties modified by the effects of other higher strength constituents is appli-
cable to primarily ferritic materials such as dual phase steels with discrete mar-
tensite particles in a ductile matrix [17, 18], but may not be applicable to micro-
structures with significant volume fractions of multiple phases (e.g. as is the case 
for the dual phase steel in Fig. 11.4 with MVF = 0.34). Thus, alternate ap-
proaches as discussed below based on deformation of multi-constituent compos-
ites are required to describe strengths and ductilities of materials with higher 
volume fractions of high strength constituents, as might be anticipated for new 
AHSS grades. 

With two or more ductile load bearing constituents (e.g. ferrite plus marten-
site, or ferrite plus martensite plus bainite) the procedure outlined by Mileiko 
[21], and later adopted by Garmong and Thompson [22], applies the rule of mix-
tures to describe the composite yield stress, the plastic instability condition (i.e. 
true uniform strain), and the ultimate tensile strength. In this analysis it is as-
sumed that there is sufficient interfacial bonding that the composite reaches the 
plastic instability condition described by Eq. 11.1. For this condition, plastic 
instability of individual components is prevented prior to necking of the compos-
ite as a whole, and the composite deforms with the resulting properties shown 
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schematically in Fig. 11.5. To apply the model, the relationship between true 
stress, σ, and true strain, ε, for each component was assumed to follow a power 
law expression: 

 nKε=σ  (11.7) 

where K and n are characteristic parameters for the constituent of interest. While 
the simple power law function in Eq. 11.7 is cited here, the methodology can be 
extended easily to include other stress-strain functions [22]. The assumption of 
sufficient interfacial bonding is believed satisfactory for predicting uniform ten-
sile ductility, but interfacial strength is critical in understanding fracture mecha-
nisms at higher strains which control behavior in some other forming modes 
[17, 23, 24]. 

In TRIP steels with unstable microstructures in which the constituent volume 
fractions change with strain, the approach of Olson [15], which considers stress 
assisted and strain assisted transformation of austenite to martensite, can be ap-
plied. In this case, the phase fractions are strain dependent. With characteristic 
stress-strain equations (i.e. Eq. 11.7) for individual phases, along with knowledge 
of the strain dependent formation of martensite from austenite, direct predictions 
can be made of the stress-strain behavior, and thus strength/ductility relationships 
in TRIP steels. A simple model based on this approach is presented in Sect. 3 
below. 

11.3 Predictions of AHSS Microstructures and Properties 

Opportunities exist to apply the multi-phase and composite models described 
above to guide development of third generation AHSS. As summarized previ-
ously [10], there are several significant observations from the literature that assist 
in focusing potential development approaches. Steels in the first generation 

Fig. 11.5 Schematic stress strain curves 
showing the composite prediction based on the 
rule of mixtures of two ductile phases accord-
ing to the model of Mileiko [21]. 
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AHSS strength/ductility band primarily derive their properties from the strength 
and hardening response of ferrite, the dominant phase, even in DP and “conven-
tional” TRIP steels. The properties of ferrite can be modified by solid solution 
alloying, grain size control, cold work, and precipitation. However, for ferritic 
steels with stable microstructures, there is significant evidence in the literature to 
suggest that the strain hardening behavior at high strains is essentially independ-
ent of the microstructure/composition modifications associated with the various 
steel classes, and opportunities are limited to significantly increase the strain 
hardening behavior of these steels at high strains. The independence of high 
strain hardening rates to microstructural modifications has been demonstrated 
with systematic variations in grain size as shown in Fig. 11.3 (b) [12], cold work, 
substitutional alloy additions [25], and martensite volume fractions (as controlled 
by cooling rate) in DP steels [11]. TRIP steels, through strain-dependent control 
of the austenite to martensite transformation, offer greater opportunity to modify 
the high-strain work hardening behavior of ferritic-based steels. This benefit is 
illustrated in Fig. 11.2 where as a consequence of enhanced strain hardening at 
high strains, TRIP steel properties occupy the top of the first generation AHSS 
property band. 

Alternate processing approaches to modify the dislocation structure of ferrite 
(and thus strain hardening behavior) are limited. It has been suggested that de-
formation of ferrite in the dynamic strain aging (DSA) range, which leads to 
a higher dislocation density than obtained by equivalent cold work at room tem-
perature [26], may be beneficial. However, Li and Leslie [27] have shown that 
this is not the case in their study of a 0.22 wt pct carbon steel where prestrains of 
3% or 5% at DSA temperatures (e.g. 200 to 400°C) led to a significant decrease 
in room temperature ductility due to a corresponding increase in room tempera-
ture lower yield stress. 

Materials with strength/ductility combinations significantly greater than ob-
served for the first generation AHSS require incorporation of complex microstruc-
tures that contain constituents added to increase strength (e.g. martensite) and 
enhance strain hardening (e.g. austenite). One approach to the development of new 
AHSS steels is to utilize steels with significant amounts of metastable austenite, 
along with critical control of the mechanical properties of each of the other con-
stituents. There is also potential for the use of controlled strain hardening as might 
be obtainable by heavy temper rolling (or other mechanisms) to produce the re-
quired yield strength increase. 

As will be shown below, the austenite stability can also be an important factor. 
Austenite stability against transformation increases with a decrease in austenite 
particle size [28], an increase in test temperature [15], and an increase in the addi-
tion of austenite-stabilizing elements (e.g. C, Ni, Mn, etc) [15, 20, 29, 30]. How-
ever, control of austenite transformation to maximize uniform strain may also lead 
to a significant decrease in post uniform strain [29, 30]. The strength of the mart-
ensite is also a critical factor, as well as the strain hardening behavior of the aus-
tenite [17]. The austenite properties are especially important in the case where 
austenite is stable and TRIP is suppressed. 
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Fig. 11.6 Predicted strength/ductility relationships for two hypothetical steel microstructures: 
ferrite + martensite (i.e. DP steel) and stable austenite + martensite. The plotted data were calcu-
lated by applying Mileiko’s model and varying the martensite volume fraction [21]. The follow-
ing ultimate tensile strength and true uniform, εu, data were used for each material: Ferrite, 
UTS = 300 MPa, εu = 0.3 [14, 31]; stable austenite, UTS = 640 MPa, εu = 0.6 [29]; and martensite, 
UTS = 2000 MPa, εu = 0.08 [14, 31]. 

The models outlined in Sect. 2 present a methodology to assess effects of mi-
crostructural variables in new AHSS grades. The approach based on the composite 
model of Mileiko [21] will provide the necessary predictions and is discussed 
further below. First, specific microstructure and mechanical property combina-
tions are identified, and the sensitivity of the predictions to properties of individual 
components is assessed. Then, recent novel alloying and processing methodolo-
gies which suggest possible new AHSS grades are reviewed. 

Interesting implications from the application of Mileiko’s composite model are 
illustrated by predicting the effects of volume fraction martensite on the ductility-
versus-strength behavior of steels comprised of ferrite plus martensite and austenite 
plus martensite. Initially composites based on stable austenite are considered. For 
this analysis, the stress strain behavior of each component is assumed to follow 
Eq. 11.7, and the required inputs to obtain K and n are ultimate tensile strength (an 
engineering stress) and the true strain at instability, taken also to equal “n” in 
Eq. 11.7. For these calculations, data for the stable austenite are for a 25 wt pct Mn 
austenitic steel [29], and data for the martensite and ferrite are based on the results 
of Davies [14, 31]. Figure 11.6 shows the resulting predictions plotted as engineer-
ing uniform strain versus ultimate tensile strength, where the increase in strength 
corresponds to an increase in martensite volume fraction. The specific properties for 
each material are also summarized in the figure caption. For both hypothetical steel 
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families, the ductility increased with a decrease in strength, but the sensitivity to 
volume fraction martensite was much greater for the austenite plus martensite steel. 

Figure 11.7 compares the predictions from Fig. 11.6 with the AHSS property 
bands in Fig. 11.2. It is noted that this comparison ignores the contributions of post 
uniform strain to the total elongation, but since the uniform strain constitutes the 
majority of the useful strain in uniaxial tension, for discussion purposes the com-
parison is valid. Interestingly, the predictions for the ferrite plus martensite micro-
structure (with volume fraction martensite ranging from 0 to 70 pct) directly match 
the behavior of the first generation of AHSS. Data for the TRIP steels plot at higher 
strain values than predicted by the composite model, consistent with the fact that 
enhanced strain hardening due to the austenite to deformation induced martensite 
transformation was ignored in this calculation. Predicted properties for the hypo-
thetical austenite plus martensite steel considered here fall directly within the prop-
erty band identified for the third generation AHSS. However, as illustrated by the 
data in Fig. 11.3 (b) and the analysis associated with Eqs. 11.3−11.6, the analyses 
that consider design of new materials based on stable ferritic microstructures will 
not provide the necessary strength-ductility combinations required for the third 
generation of AHSS. 

The sensitivity to variations in the mechanical properties of the microstructure 
components was assessed. Figure 11.8 presents one example which shows the 
significance of increasing the strength of the stable austenite from 640 MPa, used 
in Fig. 11.6, to 850 MPa with a corresponding decrease in uniform strain from 0.6 
to 0.4. These property changes are consistent with a mechanism such as temper 
rolling or refinement of the austenite grain size, and the implications are consistent 
with property changes discussed in conjunction with Fig. 11.3 (b). For Fig. 11.8, 
the volume fraction of martensite was varied from 0 to 0.7, and the martensite 
properties were assumed constant. An increase in austenite strength with a corre-
sponding decrease in the true uniform strain, is shown to lead to an increase in 
ductility of the composite at a given strength level. The observation that increasing 
the strength of one phase leads to a ductility increase is interesting, counterintui-
tive, and illustrates the importance of phase interactions on the overall properties of 
multi-phase steels. 

Fig. 11.7 Superposition of 
the strength/ductility predic-
tions from Fig. 11.5 on the 
strength/ductility map 
shown in Fig. 11.1. For this 
figure the austenite was 
assumed stable against 
transformation to martensite 
with deformation [10]. 
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Fig. 11.8 Influence of austenite properties on the predicted strength/ductility combinations shown 
in Fig. 11.6. The effect of increasing the austenite UTS to 850 MPa with a corresponding decrease  
in ductility are shown. The ferrite + martensite data from Fig. 11.6 are included here for reference. 

The importance of austenite transformation to martensite with strain and austenite 
stability is illustrated for a series of ferrite plus metastable austenite composites in 
which the initial austenite content was varied between 0 and 85%. Four hypothetical 
austenite stabilities based on the austenite stability function of Olson [15] were con-
sidered, as shown in Fig. 11.9 (a). Following the composite modeling approach used 
to generate Figs. 11.6 and 11.8, Fig. 11.9 presents predictions that illustrate the dra-
matic effect of austenite stability on strength-ductility combinations. These predic-
tions illustrate that the best combinations of strength and ductility are only obtained 
for materials with high volume fractions of relatively stable austenite. This behavior 
is perhaps not surprising, as ferrite/austenite mixtures with very unstable austenite 
would be expected to decay with strain into the regime of behavior exhibited by DP 
steels (e.g. condition “D” in Fig. 11.9). Even though the predictions in Figs. 11.6 
to 11.9 were based on a composite model with simplified assumptions [2, 10], the 
significance of the results is apparent, and the methodology provides a clear under-
standing of the importance of the mechanical properties of the individual constituents 
in AHSS with complex microstructures. The analyses leading to Figs. 11.6 to 11.9 
unmistakably suggest that the next generation of AHSS may consist of complex mi-
crostructural combinations with significant contents of high strength phases, which 
could be martensite as considered here, or ultra fine grained or cold worked ferrite, 
and highly-ductile phases with significant capacity for strain hardening phases (e.g. 
austenite). Once a desirable combination of properties and microstructure is identi-
fied, then novel techniques must be identified to produce the desired microstructure 
constituents with the necessary deformation response.  
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Fig. 11.9 Assessment of 
the effects of austenite 
stability against transfor-
mation to martensite with 
strain. (a) Effect of strain 
on austenite stability for 
four hypothetical materi-
als indicated by letters  
A to D; (b) Predicted 
relationship for ferrite + 
metastable austenite 
composites based on the 
four austenite stabilities 
shown in (a). 
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11.4 Evaluation of Methodologies to Produce 
Third Generation AHSS 

In this section, results of three recent studies, designed to produce materials with 
high volume fractions of austenite and thus represent potential paths to produce 
third generation AHSS, are reviewed. A new process, referred to as “quenching 



200 D.K. Matlock and J.G. Speer 

and partitioning” (Q&P), has recently been shown to be a unique processing 
route for the production of high strength steels with significant amounts of re-
tained austenite [4, 32−36], and has been assessed for potential to provide 
strength/ductility combinations in high strength sheet steels. The Q&P process is 
shown schematically in Fig. 11.10. Depending on initial annealing temperature, 
the starting microstructure is either fully austenitic (as shown in Fig. 11.10) for 
samples cooled from above the Ac3, or contains controlled volume fractions of 
ferrite and austenite for samples intercritically annealed. The materials are rap-
idly cooled to a specific quench temperature (QT) between Ms and Mf to create 
controlled fractions of martensite and austenite, the amounts of which can be 
predicted [33]. This is followed by a thermal treatment at the partitioning tem-
perature (PT) which can either be equal to QT (a “one-step” process) or greater 
than QT (a “two-step” process). At PT, carbon migrates from martensite to aus-
tenite to increase the austenite stability resulting in higher austenite fractions at 
room temperature after cooling from PT. In the Q&P process, formation of iron 
carbides is intentionally suppressed, and the austenite is intentionally stabilized 
rather than decomposed. 

Several recent publication have considered the sensitivity to the Q&P process 
to alloy content and processing temperatures, and have shown that the Q&P pro-
cess works in a variety of alloy systems [32−36]. Of particular interest here are 
the recent mechanical property results of Streicher et al. who evaluated the heat 
treating response of a 0.19C, 1.59Mn, 1.63Si (wt pct) alloy processed with Q&P 
temperature-time histories as well as thermal histories designed to simulate more 
conventionally heat treated Q&T and austempered TRIP steels [4, 36]. Fig-
ure 11.11 correlates ultimate tensile strengths with total elongations for one-step 
and two-step Q&P materials annealed from both above and below the Ac3, with 
similar data on dual phase, TRIP, and martensitic steels. In addition to steels pro-
cessed by Streicher et al., Fig. 11.11 also includes data from the literature [4, 36]. 
The Q&P materials included samples with austenite volume fractions up to 
16 pct. The dual phase steels included here were of relatively high strength, owing 
the effects of relatively high martensite fractions. The data in Fig. 11.11 show that 
strength-ductility combinations characteristic of the third generation of AHSS 
were obtained indicating that Q&P processing may be a viable route to produce 
new steel grades. Clearly the data obtained to date are promising, but significantly 

Fig. 11.10 Schematic 
representation of the 
2-stage quenching and 
partitioning (Q&P) pro-
cess for a sample with an 
initial fully austenitic 
microstructure, where the 
partitioning temperature 
(PT) is greater than the 
quench temperature (QT).
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more work is required to optimize Q&P processing and design alloys, and process 
histories compatible with current and future production constraints. 

Recently, two studies designed to extend current production technologies have 
also been shown to produce materials with properties in the third generation AHSS 
property band in Fig. 11.2. Wakita et al. [37], in their study on thermomechanical 
controlled processing (TMCP), evaluated ultrafine TRIP-aided multi-phase micro-
structures in a 0.19C, 1.96Si, 2.01Mn (wt pct) low carbon steel. They found that 
heavy deformation at low austenite rolling temperatures led to the formation of 
2 µm ferrite, a high volume fraction of retained austenite (on the order of 25 pct) 
and a modification of the retained austenite morphology from film-like to granular. 
The resulting ultra-fine TRIP microstructure exhibited a tensile strength of 
1080 MPa and total elongation of 26.9 pct. The high ductilities were attributed to 
austenite which was partially stabilized by the ultrafine microstructure and only 
transformed at higher strains, leading to high work hardening rates which sup-
pressed necking. The results of this study provide another production path to con-
trol austenite stability consistent with the model predictions of Fig. 11.9. 

In comparison to the work of Wakita et al. [37], Merwin [38, 39] evaluated the 
effects of processing on the TRIP behavior of a series of 0.1 wt pct C steels with 
Mn contents in the range of 5.2 to 7.1 wt pct. Data were obtained for material in 
the as-hot-rolled and in the cold-rolled and annealed conditions. In the as-hot-
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Fig. 11.11 Total elongation vs. ultimate tensile strength for sheet steels processed with micro-
structures characteristic of TRIP, dual phase (DP), martensitic, Q&P materials. References for 
the individual data are summarized elsewhere [4, 36]. 
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rolled condition all microstructures were martensite, i.e. the alloys were fully 
hardenable even at the coil cooling rates applicable to conventional hot strip mill 
processing. Cold rolling and annealing of the initially martensitic structure re-
sulted in very fine ferrite-austenite microstructures, with the amount of austenite 
dependent on the annealing temperatures and times that were chosen to simulate 
hot and cold spots in batch annealing. In the cold rolled and annealed samples, 
retained austenite contents up to approximately 38 pct were observed, the amount 
of retained austenite increasing with Mn content and decreasing with hold time at 
the annealing temperature. Tensile data were obtained and Fig. 11.12 correlates 
UTS and total elongation values for cold rolled and annealed materials with the 
desired property band for third generation AHSS steels. Also shown is the result 
from the thermomechanical processing study of Wakita et al. [37]. Selected sam-
ples from Merwin [38, 39] and the data of Wakita et al. [37] fall directly within the 
desired property band and indicate that development of the next generation of 
steels may be possible with controlled Mn additions along with controlled ther-
momechanical processing to produce ultrafine grained ferrite for strength and high 
volume fractions of retained austenite for ductility. 

11.5 Summary 

This paper review approaches to develop new steels with microstructures that 
produce mechanical properties characteristic of the third generation of AHSS. The 
importance of combining an understanding of fundamental deformation mecha-
nisms with predictions based on appropriate composite models, to describe the 
deformation behavior of multiphase materials is illustrated. From these analyses, it 
is predicted that the third generation of AHSS will require significant amounts of 
high strength constituent, e.g. martensite or ultra fine grained ferrite, along with 
significant amounts of austenite. Furthermore, the austenite must be designed with 

 

Fig. 11.12 A comparison of tensile strength and tensile elongation data for thermomechanically 
controlled processed Mn-modified low carbon steels with fine microstructures, some with sig-
nificant amounts of retained austenite compared to the opportunity band for third generation 
AGSS. Data shown from Wakita et al. [37] and Merwin [38, 39]. 
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controlled deformation induced transformation behavior. While the required  
microstructures are complex through alloying and processing approaches, particu-
larly involving Q&P processing or Mn-addition might be used to produce the 
desired microstructures. It is also clear that significant research is still required to 
design alloying and processing methodologies to optimize third generation AHSS 
material properties. 

The composite methodology based on iso-strain deformation, while simplistic, 
can be used to predict the effects of microstructural, property, and testing variables 
including grain size, second phase volume fraction, size, and distribution, imposed 
strain rate, strain hardening behavior of the martensite, etc. 
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Chapter 12  
Crystal Plasticity Based Modelling 
of Deformation Textures 

P. Van Houtte 

Abstract. Focus is on the multi-level character of existing or currently develop-
ed models for polycrystal deformation. A short overview is presented of two-level 
models ranging from the full-constraints Taylor model to the crystal-plasticity 
finite element models, including the description of a few recent and efficient mod-
els (GIA and ALAMEL). Validation efforts based on experimental cold rolling 
textures obtained for an aluminium and a steel alloys are discussed. 

12.1 Introduction 

Crystallographic textures are responsible for anisotropy of the mechanical behav-
iour of the material. This includes the strength of the metal which varies with the 
direction in which it is measured; the r-value (ratio between plastic strain to thick-
ness plastic strain in a tensile test), which also varies with the test direction; other 
measures of formability, such as the limiting drawing ratio in a cup test and the 
earing behaviour. During the forming of a car body sheet, thickness distribution 
and failure will also be influenced by the texture; so finite element (FE) simula-
tions of such processes should take texture-induced anisotropy into account. In 
principle they should also take the evolution of the texture during the forming 
operation into account, because the mechanical anisotropy also changes when the 
texture changes. Since the latter (effect of texture on yield stress etc.) is a quantita-
tive effect, it is clear that any model used by the FE code to simulate the evolution 
of the texture must also be quantitatively correct. This implies that validations – 
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i.e. comparison of predicted deformation textures with measured ones – must be 
done in a quantitative way. In the present paper, these comparisons will be based 
on ODFs using the Bunge [1] convention. Validations were done for one alumin-
ium alloys (AA1200) and for IF steel. These are single-phase materials.  

The texture of metal sheets which have been hot rolled has been measured us-
ing X-ray diffraction. The sheets have then been cold rolled (various thickness 
reductions). The texture has been measured again after the last cold rolling pass 
(prior to annealing), and in some cases also after some intermediate rolling passes. 
The ODF (Bunge [1]) has been calculated for all these textures. The ODFs of 
transfer slab textures have been transformed into sets of discrete orientations and 
then used as starting textures of the simulations of the rolling textures. Various 
methods have been used for these simulations, ranging from the full-constraints 
Taylor method (FC Taylor) to the crystal plasticity finite element method 
(CPFEM). Some of these methods focus on the interaction between neighbouring 
grains, and these methods were found to give the best results.  

12.2 Crystal Plasticity Based Models 

12.2.1 General 

It is assumed that plastic deformation is achieved by means of crystallographic slip 
on {111} <110> slip systems (fcc metals) or on {110} <111> combined with 
{112} <111> slip systems (bcc metals, such as low carbon steel). So in fcc metals, 
there are 12 slip systems which can (but do not need) be simultaneously active. In 
bcc metals, there are 24 of them (at least as assumed in the present paper). In prin-
ciple all models to be discussed take the generalised Schmid law for the plastic 
deformation of crystals into account. This law states that a slip system is active 
when the resolved shear stress reaches a critical level, the “critical resolved shear 
stress” τ c. The resolved shear stress is the “effect” of the applied stress on a par-
ticular slip system. Some models that will be discussed use the visco-plastic ap-
proximation of the generalised Schmid law. In most models, the same value is 

Fig. 12.1 Shape of a stack 
of two grains after plane strain 
(as approximation for the defor-
mation in the mid-plane of 
a rolling process), according 
to several statistical models. 
(a) Taylor full constraints model. 
(b) LAMEL model. (c) Pancake 
Relaxed Constraints model. 

Taylor PancakeLAMEL

sheet plane normal

rolling direction
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assigned to the “critical resolved shear stress” τ c for all slip systems. However, its 
value should be increased as deformation goes on (work hardening), at least when 
not only the deforamtion texture, but also the mechanical properties are to be calcu-
lated. Figure 12.1 illustrates three models: the full constraints Taylor model 
(FC Taylor), the Lamel model and the Pancake Relaxed Constraints model 
(RC Pancake). They are statistical models. A hypothetical set of two grains taken 
from the mid-plane section of a rolled sheet is shown. The crystal orientations of 
the two grains are chosen at random from a discrete set which describes the current 
texture. The initial set is derived from the ODF (Orientation Distribution Function) 
(Bunge [1]) which describes the texture of the material prior to the plastic deforma-
tion. This ODF can be obtained from an OIM measurement or from pole figures 
measured by X-ray or neutron diffraction. The interface between the grains is sup-
posed to be parallel to the rolling plane, and the grains are supposed to have had 
a cubic shape before rolling. After rolling, this shape will change. According to the 
Taylor full constraints model [2–4] it becomes brick-like, with the two grains hav-
ing the same shape. This is a result of the basic assumption of the FC Taylor the-
ory, namely that the plastic strain of all individual grains is equal to the average 
plastic strain of the polycrystal (Fig. 12.1 (a)). According to the LAMEL model  
[5–6], the average shape change of a set of two stacked grains is still equal to the 
average shape change of the polycrystal, but in each of the two grains, shears have 
been allowed to take place (Fig. 12.1 (b)), which are referred to as “relaxations”. 
A relaxation shear in one grain is the opposite of the corresponding one in the other 
grain. Figure 12.2 shows the types of relaxations which are considered. The Pan-
cake Relaxed Constraints model [4, 7–9] is similar (Fig. 12.1 (c)), but it does not 
require that the relaxations in the grains are each others’ opposite. The reason to 
develop models which allows for such relaxation shears is, that due the plastic 
anisotropy of the individual grains, the plastic work needed to achieve a given 
thickness reduction (in rolling) is smaller than when no relaxation are allowed (i.e. 
in the FC Taylor theory). The drawback of allowing for these relaxation strains is, 
that the deformations of adjacent grains are not necessarily compatible to each 
other, as they are according to the FC Taylor theory. Note that the deformations of 
the two grains (one placed on top of the other) considered in the LAMEL model 
(Fig. 12.1 (b)) are compatible. However, there is no guarantee for compatibility 

Fig. 12.2 Illustration of the 
two types of relaxation con-
sidered in the LAMEL model. 
Type I corresponds to RD-ND 
shear and Type II to TD-ND 
shear. x1 = RD, x2 = TD, 
x3 = ND. 

Type I

ND

RD

TD

Type II
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with other neighbouring grains. It is implicitly assumed, that in reality, some com-
plicated plastic deformation pattern is superimposed on the deformation field as-
sumed by the model in order to accommodate the misfits between neighbouring 
grains. This superimposed accommodation field is NOT calculated explicitly by 
the LAMEL model. Note also that it is indeed a strong assumption of the LAMEL 
model that the interface between the two grains is parallel with the rolling plane. It 
is only acceptable for a materials with elongated grains which have aligned them-
selves with the rolling plane. The Pancake Relaxed Constraints model also assumes 
that the plane used for the definition of the relaxation shear (Fig. 12.1 (c)) is paral-
lel to the rolling plane. In the FC Taylor theory, grain boundaries which would be 
parallel with the rolling plane do not play a special role. 

12.2.2 Full Constraint (FC) Taylor Theory 

Crystal plasticity based models are used to identify the active slip systems for 
a given increment of macroscopic strain, find the slips and also (in case of the 
LAMEL model and the Pancake Relaxed Constraints model) the relaxations. For 
this, kinematical equations are used relating the slip rates sγ  and the relaxations to 
a given macroscopic strain rate tensor D. The components of D are dij. For the FC 
Taylor model, this can be done for each grain separately, leading to the following 
equation (elastic strains are neglected): 

 
=

=∑
N

s
s

s 1

γD M  (12.1) 

in which the tensors Ms are geometrical constants which describe the unit shear on 
a slip system s. Their components are given by [3–6]: 

 ( )= +s s s s s
ij i j i jM b m m b

1
2

 (12.2) 

N is the total number of available slip systems (12 for fcc metals, 24 for bcc 
metals, such as the ferrite phase in steel.). bs is the unit vector in slip direction 
of slip system s (proportional to the Burgers vector), and ms is the unit vector 
normal to the slip plane of slip system. Note that it is assumed that the volume 
does not change (i.e. d11 + d22 + d33 = 0). But the sum of the right-hand sides of 
Eq. 12.1 for ij = 11, 22, 33 is also zero because of the orthogonality between the 
vectors bs and ms. As a result, only 5 of the 6 eqs. (1) are independent. It thus 
appears that Eq. 12.1 stands for a system of 5 independent linear equations with 
12 or 24 unknowns slip rates sγ . So there are not enough equations to find an 
unique solution for the slip rates. Taylor [2] proposed an additional condition to 
be fulfilled: the plastic work P* dissipated in the grains should be minimised. It 
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has been shown that this is equivalent to applying the generalised Schmid law 
[10–11]. Again for the FC Taylor model, and for each grain separately: 

 
=

=∑
N

c
s s

s

P*

1

τ γ  = Min (12.3) 

c
sτ  is the value of cτ  for the slip system s. For the method of solving 

Eqs. 12.1−12.3) we refer to the literature [3–6]. Once the slips are known, the 
local deviatoric stress (σ ' ) and the lattice rotations can be obtained [3–6]. The 
lattice rotations are then used to simulate the change in deformation texture caused 
by the increment of macroscopic strain.  

12.2.3 LAMEL Model 

In the case of the LAMEL model, the two grains shown in Fig. 12.1 (b) cannot be 
treated separately. The kinematical equations look as follows: 

 
= =

= +∑ ∑
N R

s r RLX
s r

s r

1 1

1 1

γ γD M M  (12.4) 

for grain 1, and 

 
= =

= −∑ ∑
N R

s r RLX
s r

s r

2 2

1 1

γ γD M M  (12.5) 

for grain 2. Equation 12.2 defines M1s and M2s separately for each of the two 
grains, which have different crystal orientations and hence vectors bs and ms 
with different orientations. In a similar way, s

1γ  and s
2γ  indicate the slip rates 

in grain 1 and grain 2. On the other hand, the index r in Dr and RLX
rγ  does not 

indicate a grain, but rather refer to the Type I and Type II relaxation modes 
shown in Fig. 12.2. M r represents a strain tensor of a unit shear according to the 
chosen relaxation. RLX

rγ  then is the magnitude of the shear rate representing the 
rate of relaxation. 

Equation 12.3 is now replaced by: 

 
= =

=∑∑
N

cI I
s s

I s

P
2

*

1 1

τ γ  = Min (12.6) 

So P* is the rate of plastic work for the two grains of the stack together. Equa-
tions 12.4–12.6 have to be solved simultaneously. The solution consists of the 
values of the slip rates in both grains (many of them zero) and the values of the 
relaxations ( RLX

rγ ). More mathematical details can be found in other papers [5–6]. 
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It is interesting to note that the solution found for the deviatoric stress respects the 
stress equilibrium along the boundary separating the two grains of the stack, at 
least as far as the shear stresses are concerned [5, 6]: 

 =1 2
13 13' 'σ σ           and            =1 2

23 23' 'σ σ  (12.7) 

in which x1 is the rolling direction, x2 the transverse direction and x3 the normal to 
the sheet (RD, TD ad ND in Fig. 12.2, respectively).  

The LAMEL model is called an “interaction” model because it focuses on the 
interaction between two adjacent grains, each with a lattice orientation taken at 
random from the texture. The original LAMEL models only allows for the Type I 
and Type II relaxations shown in Fig. 12.2. The occurrence of deviations of this 
type from the homogeneous strain assumption of the FC Taylor model can be 
physically justified once the rolling strain has flattened the grains and brought 
them parallel with the rolling plane. Indeed, the reaction stresses caused by such 
strain misfits at the grain boundaries would only affect a minor volume fraction 
of the grains. Finally it should be noted that Eq. 12.4 (without Eq. 12.5) combined 
with Eq. 12.3 can be used for the RC Pancake model [9]. Each grain is treated 
separately. 

12.2.4 Grain Interaction (GIA) Model 

The Grain Interaction Model (GIA) [12] is another new model which works with 
a cluster of 8 grains, arranged 2 × 2 × 2 in a “brick”-shaped volume in which there 

 

Fig. 12.3 Cluster of 8 grains used in the GIA-model. 
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are 3 internal interfaces (Fig. 12.3). Each of these is subdivided in 4 parts which 
each are the boundaries between 2 adjacent grains within the cluster of 8. Similar 
equations as in the LAMEL model are used for each of these pairs of adjacent 
grains. The cluster as a whole must satisfy the Taylor condition: the average strain 
of the cluster must be equal to the macroscopic strain. As long as this condition is 
satisfied, the grains within the cluster are allowed to relax; however, these relaxa-
tions may cause plastic strain misfits inside the cluster as well as at the outer clus-
ter boundaries. These misfits are “penalised” by an energy term. The final solution 
is obtained by minimising the total work: work dissipated by the slip systems 
augmented by the penalty term [12]. It should be pointed out that as opposed to 
the LAMEL model, the GIA model can also be used for other deformation pro-
cesses than rolling.  

12.2.5 Advanced Lamel Model (ALAMEL) 

More recent still is the Advanced Lamel Model (ALAMEL). Figure 12.4 shows 
its principle. The slip rates are not estimated in the centre of a grain, as the FC 
Taylor model implicitly does, but rather at grain boundaries [5]. A set of grain 
boundary segments is randomly chosen from the microstructure (measured or 
assumed). The slip rates are then calculated in the regions at both sides of the 
grain boundary, and very close to it (Regions 1 and 2, Fig. 12.4). In this, the 
stress equilibrium across the grain boundary segment is to be taken into account. 
This can be achieved by using the same constitutive equations as in the LAMEL 
model. A difference with the latter model is that the interfaces between two re-
gions need not be parallel with the rolling plane. As strain goes on, the grain 
boundary segments tend to rotate towards the rolling plane. As a result, the pre-
dictions of the LAMEL and ALAMEL models are expected to converge at large 
thickness reductions in rolling. However, the ALAMEL model is not limited to 
rolling; it can also be used to simulate other deformation processes. 

Fig. 12.4 Schematic repre-
sentation of a microstructure 
as assumed by the ALAMEL 
model. 
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12.2.6 Crystal Plasticity Finite Element Models (CPFEM) 

Crystal plasticity finite element models (CPFEM) are of course also grain interac-
tion models [13–14]. They have also been used in this study. A simulation of 
a 70% thickness reduction of a polycrystal consisting of 1000 grains has been 
carried out (Fig. 12.5). Each grain was represented by one element.  

 

Fig. 12.5 FE mesh used in the CPFEM simulation: (a) initially, (b) after cold-rolling simulation 
(70% reduction). 

12.3 Model Validation 

The texture of tecnically pure aluminium (AA1200) produced during t the 
VIRFORM project [15] has been measured. Figure 12.6 shows the resulting ODF. 
The main component is the cube component. This materials has then been rolled at 
room temperature until a thickness reduction of 98% was reached. Results are 
reported here for the thickness reductions of 40% and 95%. As an example, 
Fig. 12.7 shows the measured ODFs for AA1200. Simulations have been done as 
well, using the ODF shown in Fig. 12.6 as initial texture, after conversion into 
3000 discrete grains, using the “statistical method” [16]. 

The results of deformation texture simulations are obtained as sets of weighted 
discrete orientations. They are converted into continuous ODF’s by putting 
a Gaussian distribution of the type exp(ψ/ψ0)2 with a spread of ψ0 = 7° upon each  
of the orientations (Bunge [1]). These ODFs have been compared to those of experi-
mentally observed deformation textures. For a quantitative comparison of the texture 
indices I(Δf) of the difference ODFs can be used. The texture index is the integral of 



12 Crystal Plasticity Based Modelling of Deformation Textures 217 

 

Fig. 12.6 ODF of the initial texture of the commercially pure aluminium alloy (AA1200). 

the square of the difference between the ODF of the experimental rolling texture and 
the one simulated by a model: 

 I(Δf) = ⎡ ⎤−⎣ ⎦∫ model experf g f g g2( ) ( ) d  (12.8) 
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(g: crystal orientation). The integrals are taken over entire orientation space. 
Table 12.1 shows results obtained for 40% and 95% thickness reduction in rolling. 

It is equally instructive to present the results as intensity plots along the β-fibre 
of the ODF, starting at the Cu-orientation {112} <111> at ϕ2 = 45°, along the 
S-orientation {123} <634> at ϕ2 = 65° and ending at the Brass orientation 
{110} <112> at ϕ2 = 90° (see also Fig. 12.7 (b)). Figure 12.8 gives such represen-
tations of the experimental rolling textures and the predictions by the CPFEM, 
GIA and ALAMEL models for the AA1200 alloy. 

Figures 12.9–11 show results for IF steel obtained by the Taylor, CPFEM, GIA 
and ALAMEL models. First, Fig. 12.9 shows the location of the main components 
of steel textures in a ϕ2 = 45° section of the ODF. Table 12.2 gives the explanation 
of the letter codes used in the drawing for the ideal orientations. Note that there 
are several variants of the ideal orientations E and F which are crystallographically 
equivalent (at least in a rolling texture), and which are distinguished from each 
other by a subscript. Figure 12.10 then gives such sections for the hot rolling tex-
ture (used as input texture) and of cold rolling textures obtained after 70% thick-
ness reduction: the experimentally observed texture as well as the simulated tex-
tures. It is seen that the three latter are quite close to each other, all of them still 
slightly deviating from the experimental texture, whereas the Taylor model actu-
ally made the texture worse than it was before the simulation. It should be noted 
that the finish temperature during the last hot rolling step was already in the fer-
ritic range. As a result, the hot rolling texture has the typical aspect of a cold roll-
ing texture. Figure 12.11 then gives the evolution of the intensity of the ODF 
along the γ-fibre (from E2 to F2 in Fig. 12.9). This figure illustrates spectacularly 
how much better the results of the interaction models (CPFEM, GIA and LAMEL) 
are as the results of the Taylor model. The figure was made before the develop-
ment of the ALAMEL model; however, for this example, the latter gives almost 
the same results as the LAMEL model, as is illustrated by Fig. 12.10. 

Table 12.1 Texture indices I(Δf) of the difference ODFs (Eq. 12.8) of predicted and measured 
deformation textures. Only the results of the original version of the GIA model are given. The 
last row shows Iexper, the texture index of the ODFs of the experimental rolling textures. The ratio 
I(Δf)/Iexper can be regarded as a normalised texture difference index. 

Material AA1200  

Reduction 40% 95% 
FC Taylor 0.54 1.87 
RC Pancake 4.20 5.92 
CPFEM 0.42 1.48 
GIA 0.57 1.35 
Lamel 0.89 1.26 
ALamel 0.49 1.07 
Iexper 2.59 6.87 
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Fig. 12.7 (a) Cold rolling texture of AA1200. 40% thickness reduction. 
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Fig. 12.7 (b) Cold rolling texture of AA1200. 95% thickness reduction. 
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Fig. 12.8 Intensity distribution of ODFs of measured cold rolling texture of AA1200 alloy and 
those simulated by the CPFEM, GIA and ALAMEL models. The maximum intensity in each 
ϕ2 = constant section through the β-fibre is shown. 
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Fig. 12.9 Location of the main components of steel textures in a ϕ2 = 45° section of the ODF. 
Table 12.2 gives the explanation of the letter codes used for the ideal orientations. 

Table 12.2 Labels used for texture components in Fig. 12.9. 

Label Miller indices 

H {001}< 110 > 
I {112}< 110 > 
E {111}< 110 > 
F {111}< 112 > 
C {100}< 001 > 



222 P. Van Houtte 

 

Fig. 12.10 ϕ2 = 45° sections of the ODF (Bunge [1]) of 8 textures of IF steel: Initial texture (i.e. 
a hot band texture, with last rolling passes in ferritic range); after 70% cold rolling reduction; 
simulated textures according to 6 models. CPFEM by Bate [13]. ALAMEL 1 started from equi-
axed grains and used {110} <111> and {112} <111>slip systems; ALAMEL 2 started from 
elongated grains (as if the grains of the hot rolled microstructure already had 40% rolling reduc-
tion) and used additional {123} <111> slip systems.  
Levels: 1; 1.4; 2; 2.8; 4; 5.6; 8; 11; 16; 22 

 
Fig. 12.11 Skeleton line inten-
sity along γ-fibre, IF steel, 70% 
rolled. Simulation results feature 
two results of crystal plasticity 
finite element codes, called FEM 
and CPFEM, and obtained using 
software by Bate [13] and Kalid-
indi [14], respectively. 

12.4 Discussion and Conclusions 

Table 12.1 and Figs. 12.8, 12.10 and 12.11 show that the predictive quality of 
some of the interaction models (CPFEM, GIA, LAMEL and ALAMEL) is sys-
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tematically better than that of the other models. The predictions of the relaxed 
constraints pancake model are particularly bad. Figure 12.8 reveals that the predic-
tions of GIA and ALAMEL are quite satisfactory for AA1200. However, this is 
not true for all aluminium alloys, for some of which no known generic models can 
make satisfactory predictions.  

A comment must be devoted to the performance of the CPFEM model. Ta-
ble 12.1 and Figs. 12.7, 12.8 and 12.11 show, that they do not give the best predic-
tions, although the present authors had in fact expected that they would. The re-
sults shown have all been obtained for simulations with several thousands of 
grains, with calculation times several orders of magnitude larger than those of GIA 
or ALAMEL. However, each grain was represented by only one element. It is 
expected that at least for AA1200 the quality of these simulations would substan-
tially increase when 8 or 27 elements would be taken per grain, because the intra-
granular heterogeneity of plastic strain would then be better captured. However, 
this would further increase the required calculation time, which would be prohibi-
tive for the use of this model in FE simulations of forming processes.  

In spite of what is said above, it remains puzzling that at 70% thickness reduc-
tion of IF steel, LAMEL and ALAMEL unexpectedly perform better than the two 
CFEM models. A remark must be given here. It has not yet been checked whether 
this ranking would also be valid when the initial texture (hot rolling texture) would 
differ much more from the final textures as in the case studied here. 

The work described here is only an initial study. Validations of the CPFEM, 
ALAMEL and GIA models must also be done for other deformation modes than 
rolling, and for other materials that AA1200 and IF steel. Besides, it would be 
worthwhile checking whether these models could not be used advantageously for 
predictions of plastic anisotropy (r-values, yield surfaces).  

A strong limitation of the work presented here is that only single phase materi-
als have studied so far. It can not be excluded that texture evolution during plastic 
deformation would also be of interest in two-phase or multiphase materials. This is 
also a possible direction of future work.  
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Chapter 13  
Simulation of Persistence Characteristics 
of Textures During Plastic Deformation 

László S. Tóth 

László S. Tóth dedicates this paper to Ranjit Kumar Ray,  
for his friendship and his lifetime achievements. 

Abstract. The ideal orientations of textures that develop at large strains can be 
identified with the help of crystal plasticity simulations. In this short review, an 
overview is presented on these types of simulations that helped in the identifica-
tion of the deformation texture components of fcc, bcc and hcp materials in pure 
shear (rolling) as well as in simple shear (torsion) during the last 20 years. The 
technique is based on the so-called persistence parameter that was introduced by 
Tóth, Gilormini and Jonas in 1988 [Acta Metall., 36, 3077–3091]. The formation 
of textures and several texture effects can be understood with the help of the per-
sistence parameter together with the rotation field of orientations in Euler space 
and the divergence quantity. The stability of ideal orientations is especially inves-
tigated and it is shown that simple shear distinguishes from pure shear in a very 
particular way; all ideal orientations of simple shear are positioned at orientations 
where the divergence is zero while in rolling they are situated within a negative 
divergence field.  

13.1 Introduction 

Large plastic monotonic deformation leads to the formation of ideal orientations in 
a polycrystalline material that is characteristic to both the applied strain mode as 
well as to the crystal structure. Around the ideal texture components, the lattice 

__________________________________ 
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rotation is locally minimum. Polycrystal models are able to predict the lattice spin 
which can be directly used to identify the ideal orientations. Such analysis has 
been carried out for simple shear of f.c.c. [1, 2], b.c.c. [3], rolling of f.c.c. [4], 
simple shear of h.c.p. crystals [5] as well as for rolling of b.c.c. [6]. In order to 
understand the texture development, one has to look also into to the velocity field 
of the lattice rotation in Euler space and the divergence quantity. The latter is 
particularly different when simple shear and rolling are compared. For simple 
shear, all ideal orientations are situated at the boundary lines between convergent 
and divergent regions of orientation space while in rolling they are all within 
a convergent region. These differences explain several texture effects that can be 
observed especially in simple shear and in ECAE. These effects will be reviewed 
in this presentation. 

13.2 Principles of Orientation Stability 

13.2.1 Stability Condition 

A coherent crystal domain (grain, or subgrain, or dislocation cell) can be identified 
in orientation space with three Euler angles, 2, , 1φ ϕ φ , that define the location of 
the grain by the vector g , see Fig. 13.1: 

 2g = , ,1( )φ ϕ φ . (13.1) 

The orientation changes due to plastic deformation, which is characterized by 
the orientation velocity vector g:  

 2 = , ,g 1( )φ ϕ φ . (13.2) 

g can be calculated from a crystal plasticity model. In the present work, the vis-
coplastic Taylor model is employed for this purpose. 

An orientation is stable if the following four conditions are satisfied: 

 2 = , , =g 1( ) 0φ φ φ , (13.3) 

     1 2

1 2

0, 0, 0
φ φϕ
φ ϕ φ

∂ ∂∂< < <
∂ ∂ ∂

. (13.4) 

The latter three conditions assure that if the orientation is near to the stable 
point, it will rotate into it. The four conditions together assure that a grain oriented 
in the vicinity of the stable point will not leave from there. These are the single-
crystal stability conditions. When a polycrystal is considered, individual orienta-
tions are not discerned and the texture is described by a continuous orientation 
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distribution function, called ODF. For that case, stability means that the intensity 
of the ODF increases and remains high at the stable point. This can be expected 
when condition (3) is satisfied together with: 

 =
∂ ∂∂+ + <
∂ ∂ ∂

div g 1 2

1 2

0
φ φϕ
φ ϕ φ

. (13.5) 

Here div g  is the divergence quantity. When it is negative, it means that more 
grain orientations flow into the g orientation than leave.  

13.2.2 Evolution of Orientation Density 

Equation 13.5 has to be valid in the vicinity of the ideal position. For polycrystals, 
we have to examine the variation of the ODF as a function of time. This can be 
done in two ways [7, 8]. The first is the so-called Lagrangien continuity equation: 

 = 0+ ⋅ + gf f divcotϕ ϕ . (13.6) 

The second is the Eulerien formalism: 

 ( ) ( ) = 0grad lnf+ ⋅ + ⋅g + g
g

f f divcotϕ ϕ . (13.7) 

In these two equations, the ⋅cotϕ ϕ  quantity accounts for the distortion  
of the Euler space. f f describes the evolution of the ODF. For weak textures, 
the ( )grad lnf⋅g  can be neglected near the ideal positions which are expected 
to be at positions where g  is zero. In conclusion, in both equations, the g  and 
the gdiv  quantities that are decisive in the development of the ODF intensities 
near the ideal orientations. Therefore, it is sufficient to examine these quantities 
in the whole Euler space in order to identify the persistence characteristics of 
ideal orientations of textures. First we will examine the velocity field, then the 
divergence.  

Fig. 13.1 Orientation space showing the 
grain orientation vector and the orientation 
velocity vector.  

Euler space
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13.2.3 Role of Rigid Body Rotation  

In the following, it will be shown that the rigid body rotation plays an important 
role in the slip system activity of stable orientations. For this purpose, it is more 
practical to use the lattice spin Ω  then the orientation velocity vector g . They, of 
course, express the same thing; the rate of orientation change of an orientation. 
The main difference is that the lattice spin, Ω , is a tensorial quantity, and usually 
expressed in the sample reference system, while g  is a vector quantity and is 
expressed in orientation space. They are, of course, related to each other through 
the transformation formula: 

 = ΩT T , (13.8) 

where T is the transformation going from the sample to the crystal system and is 
defined by the Euler angles. The transformation formulas between Ω  and g  are 
given by: 

 

= −Ω −

= −Ω − Ω

= −Ω + Ω

1 12 2

23 1 31 1

1 1
2 23 31

cos

cos sin

sin cos

sin sin

φ φ ϕ
ϕ φ φ

φ φφ
ϕ ϕ

 (13.9) 

The lattice spin is the difference between the rigid body spin β  and the plastic 
spin gω  [1]: 

 Ω = − gβ ω . (13.10) 

The rigid body spin is simply the rigid rotation part of the imposed deforma-
tion, while the plastic spin is defined by the crystallographic glide rate gγ in a slip 
system that is given by the slip plane normal n  and slip direction b  as follows: 

 ( )= ⊗g g b nω γ . (13.11) 

Fig. 13.2 Representation of plastic spin.
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The meaning of the plastic spin is a rotation around a direction that is perpen-
dicular to both n  and b , see Fig. 13.2. 

Using Eq. 13.10, two main cases can be distinguished: 
a/ Tests where there is imposed rigid body rotation (example: simple shear) 
b/ Tests where there is no imposed rigid body rotation ( = 0β ; rolling, tension, 
compression). 

13.2.3.1 Rolling Test 

It is important to note that in case b, the expression of the lattice spin is simply: 
Ω = − gω . Let us examine the consequences of this result I order to obtain more 
precise information about the slip system characteristics of an ideal orientation in 
such a case (rolling). As the main condition of stability of an orientation is zero 
lattice spin, it is the plastic spin which has to be zero: 

 =g 0ω . (13.12) 

It can, however, be zero only if there are at least four slip systems active simul-
taneously [9]. Actually, it is evident from Fig. 13.2, that the plastic spin cannot be 
zero for one slip system; also, it cannot be zero for any combination of two sys-
tems because of their different orientations. The condition of minimum four slip 
systems means that all ideal orientations of rolling textures are such that crystals in 
such orientations are deforming simultaneously by at least four slip systems. This 
is important information about the micromechanics of the crystal, which is deci-
sive, for example, in the hardening behavior of the crystal during rolling. 

13.2.3.2 Simple Shear Test 

The other extreme case, when the deformation is simple shear, will now be inves-
tigated. It is obvious from Eq. 13.10 that for zero lattice spin; the following condi-
tion has to be satisfied: 

 =gω β . (13.13) 

Now the situation is opposite with respect to rolling; the plastic spin has to be 
high. This is only possible if the number of operating slip systems is very low, 
otherwise the differently oriented slip systems cancel each others’ contribution to 
the resultant plastic spin. It has been shown in [1, 2] that the number of operating 
slip systems for all ideal orientations of simple shear (torsion) textures is actually 
limited to two. This is an information that is again of capital importance in the 
behavior of a crystal oriented ideally in torsion. Namely, as deformation proceeds, 
characteristic shear texture develops at large strains where the majority of grains 
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approach the ideal orientations, thus their slip system activity will be limited to 
one or two slip systems being active. Comparing to rolling or other deformation 
modes where there is no rigid body rotation, the smaller number of active slip 
systems I shear should involve a different strain hardening because of the reduced 
interaction of the different slip systems. Such differences are well known in the 
hardening behavior of materials when tension and torsion is compared and can be 
interpreted with the help of the differences in the slip system activity [10]. 

13.2.3.3 Equal Channel Angular Extrusion (ECAE) Test 

The role of the rigid body rotation in a more recent testing, the ECAE test, is also 
very important. In ECAE, the billet is deformed in two equal section channels that 
are connected at an angle, usually, at 90°, see Fig. 13.3 (a). The deformation is 
nearly simple shear in the intersection plane of the two channels, as it is indicated 
in the figure. In the local reference system, which is rotated by 45° with respect to 
the pressing, the velocity gradient is simple shear: 

 

−⎛ ⎞
⎜ ⎟= ⎜ ⎟
⎜ ⎟
⎝ ⎠

shearL

0 1 0

0 0 0

0 0 0

γ

, (13.14) 

where shearγ  is the shear rate. If we examine the behavior of a stable texture com-
ponent, it must have zero lattice spin; Ω = 0 . Considering, as an example, one of 
the main ideal orientations where the number of active slip systems is only one 
(the ‘A’ orientation, see Fig. 13.3 (b)), one can easily see that the slip rate in the 
slip system slipγ is equal to the imposed ECAE shear rate: =slip shearγ γ . The par-
ticularity of the ECAE test that the sample can be re-passed several times in the 
die. In a subsequent pass, in Route A, where there is no rotation around the sam-
ple longitudinal axis, the billet will be deformed by shear perpendicularly to the 
previous shear, see Fig. 13.3 (c). However, the operating slip system still remains 
the same, just rotated by 90° with respect to the shear. (One can readily obtain 
this by considering that the applied shear stress is acting always on two perpen-
dicular planes, because of the equilibrium condition.) Having the same slip sys-
tem perpendicular to the imposed shear direction will lead to an opposite slip in 
that slip system: = −slip shearγ γ . This means that the plastic spin changes into op-
posite sign while the rigid body spin remains the same. The result is that this 
orientation now cannot be stable; its lattice rotation becomes very high; one ob-
tains: Ω = 2β . In general, while a shear texture is formed during one pass in 

ECAE, it will be completely unstable during the next ECAE pass and large lattice 
rotations are forced onto the material. This effect must be important in the result-
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ing microstructure of the material, especially in the grain refinement process 
which is very efficient in ECAE deformation.  

The above described effect can be clearly seen in some experiments as well. As 
an example, we show the textures that were measured and simulated in ECAE of 
polycrystalline magnesium at 250°C [11]. The initial texture was a basal fiber with 
its axis initially coinciding with the extrusion direction, see Fig. 13.4. After one-
pass ECAE in a 90° die, the texture was basically rotated in the direction of the 
applied ECAE-shear by about 100°. This value, however, is much larger than the 
possible rigid body rotation imposed by the shear; for a 90° die, where the shear is 

= 2γ , the rigid body rotation is only 57.3°. The observed 110° is about twice as 
large! This rotation was possible to explain in [11] by an analytical crystal plastic-
ity calculation by considering that only basal slip was activated. During the second 
pass, the situation is nearly repeated, only the angle of lattice rotation was slightly 
reduced, see Fig. 13.4. Self consistent polycrystal simulations were also carried out 
in [11] which reproduced faithfully the experimental textures. 

Fig. 13.3 Kinematics of the ECAE 
process. (a): The imposed strain 
mode, (b): Shear of a crystal in 
orientation stable with one slip sys-
tem active during the first pass.  
(c): Same in a subsequent pass 
(Route A). 
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Fig. 13.4 Measured and simulated ECAE-shear textures in polycrystalline Mg deformed in 
a 90° die at 250°C [11]. 

13.3 How to Identify Ideal Orientations? 

13.3.1 The Persistence Parameter 

Crystal plasticity simulations can be used to identify the ideal orientations of de-
formation textures. The first such work was presented in 1988 [1]. In that work, 
the so-called persistence parameter S was introduced for that purpose. It is defined 
from the lattice spin as follows: 

 
( )

( )

=
Ω

Ω = Ω + Ω + Ω

S 1 2

1 2

1/ 22 2 2
1 2 32 31 12

1
, , ln

( , , , ) /

( , , , )

φ φ φ
φ ϕ φ ε ε

φ ϕ φ ε

, (13.15) 

where ε  is the von Mises equivalent strain rate corresponding to the imposed 
Eulerien strain rate tensor ε . S is high when Ω  is small and inversely. Thus, 
high values of S correspond to orientations that move very slowly in orientation 
space. There appears a numerical problem when Ω  is zero, which is expected to 
be the case for the exact ideal orientation positions, however, when maps of S 
are made, these orientations can be left out and still made visible by the other 
high intensity lines that necessarily pass near to them. Thus making maps of the 
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S parameter, the locations where S is very high can be identified. They are the 
suspected locations of ideal texture components. 

13.3.2 Examples for Persistence Maps 

13.3.2.1 Simple Shear of FCC Polycrystals 

The first example was developed for the case of torsion of fcc polycrystals [1]. 
Part of the obtained map is shown in Fig. 13.5. The names of the main ideal orien-
tation are also shown in these maps. As can be seen, they are all at maximum 
values of the persistence parameter. ‘Tubes’ appear in orientation space with their 
center points coinciding exactly with the known fiber positions of simple shear 
textures. For all locations where S is locally maximum, there is a known ideal 
texture component of experimental textures. No new orientations were found in 
that analysis. 

 

Fig. 13.5 Orientation persistence map for simple shear of fcc polycrystals (from [1]). 

13.3.2.2 Simple Shear of BCC Polycrystals 

The same analysis was repeated for bcc torsion in [3]. The obtained map is pre-
sented in Fig. 13.6. Again, all identified ideal positions correspond to experimen-
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tally known components; the main ones are indicated in the figure. Three fibers 
were identified, which were named f1, f2 and f3. They are indicated by connecting 
the maximum S positions with straight lines in Fig. 13.6. 

13.3.2.3 Comparison of FCC and BCC Simple Shear 

There is a striking similarity between the ideal orientations of fcc and bcc simple 
shear ideal texture positions. This is illustrated in two sections of Euler space; in the 

Fig. 13.6 Orientation persistence map 
for simple shear of bcc polycrystals 
(from [3]). 
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= °2 0φ  and = °2 45φ  sections in Fig. 13.7. Actually, the persistence map of bcc 
materials coincides with the fcc case for the following transformation of the Euler 
angles: 

 

= + °

=

=

bcc fcc

bcc fcc

bcc fcc

1 1

2 2

90φ φ
ϕ ϕ
φ φ

 (13.16) 

As can be seen, the main ideal orientations can be transformed according to the 
following rule: 

→ → → → → → →C F    A D    A D    A E    A E    B J    B J* *
1 1 2 2 2 1 2 1, , , , , , . (13.17) 

This equivalence between the ideal orientations of fcc and bcc shear textures 
can be explained as follows. In the fcc case, the operating slip systems are the type 

< >{111} 110 . In bcc, this is the opposite: < >{110} 111 . (Let us neglect for a 
moment the possible contribution of the < >{112} 111  and < >{123} 111 slip sys-
tems as well as pencil glide.) Under these conditions, a given fcc slip system trans-
forms into a bcc type using the following transformation: 

 → → −fcc bcc fcc bccb n    n b  ( ) ( ) ( ) ( ), . (13.18) 

This is also illustrated in Fig. 13.8. The n and b vectors are the slip plane nor-
mal and the slip direction, respectively. Now, the resolved shear stress is calcu-
lated from the stress state using the usual formula: 

 ( )=r n bτ σ . (13.19) 

It can be shown that in general the n abd b vectors can be interchanged when 
the resolved shear stress is calculated: 

 ( ) ( )= = = = =r ij ij ji ji ij jin b m m m b nτ σ σ σ σ σ . (13.20) 

 

Fig. 13.7 Comparison of fcc and bcc ideal orientations in simple shear. The correspondence 
between ideal orientations is indicated on the left side of the figure. 

. 
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Using in Eq. 13.20 the transformation formulas of Eq. 13.18, it follows: 

 = −fcc bcc
r rτ τ , that is; = −fcc bcc

s sγ γ . (13.21) 

Now we calculate the plastic spin using its definition: 

 ( ) ( )
= =

= − = −∑ ∑
n n

s s s s s s
ij ij ji s i j i j s

s s

m m b n n b
1 1

1 1
2 2

ω γ γ . (13.22) 

Now using relations (Eq. 13.18) and the second in Eq. 13.21, the following  
result is obtained: 

 fcc bcc
ij ij = -ω ω . (13.23) 

That is, the plastic spin simply changes sign. Obviously, if the plastic spin be-
comes opposite, the same orientated fcc or bcc crystal cannot be both in stable 
position. This is why the ideal orientations are not at the same Euler angle po-
sitions. However, by rotating the orientation of the crystal by 90° along 
the 1φ axis, the lattice spin becomes opposite. (This can be readily shown by ex-
changing n with b in Eq. 13.22.) Thus, the same lattice spin is obtained as in fcc 
but now we are in the bcc crystal structure. The transformation formulas of 13.16 
are then confirmed.  

Nevertheless, the above calculation was done for the simplified case when the 
< >{110} 111  slip system is considered in bcc simple shear. Interestingly, when 

the second family, the < >{112} 111 is also considered – which was the case in the 
calculation of the persistence maps in Fig. 13.6 – the transformation formulas in 
(16) still remain valid. This is rather surprising, but interestingly, the addition of 
this second family does not change the plastic spin if it was already zero without 
adding it. This is a numerical finding. It was also found in numerical calculations, 
that the second slip system family, namely the < >{112} 111  is active only in 
selected ideal orientations but not for all orientations along the ideal fibre. (This 
result was obtained for rate insensitive slip by taking the rate sensitive solution to 
its limiting case.) This must be due to the complex shape of the yield surface of 
the single crystal.  

Fig. 13.8 Illustration of the relation 
between fcc and bcc slip systems 
for the same grain orientation. 

b

bn n
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13.3.2.4 Simple Shear of HCP Polycrystals 

The persistence maps for the case of simple shear of hcp crystals was published very 
recently [5]. As the ideal orientations were not known before for the hcp case, this 
work is very useful in this respect. For hexagonal materials several slip modes are 
possible. They are: basal slip, prismatic slip, pyramidal <a> type slip and pyrami-
dal <c + a> slip. As the obtained result depends on the relative strengths of these dif-
ferent families, it was decided to derive the ideal orientations first for the limiting 
cases, meaning, when one of the families has a very low resistance with respect to all 
others. The results obtained in this way are shown in Fig. 13.9. The calculation was 
done for high strain rate sensitivity of the crystallographic slip (a value of m = 0.2 was 
used) for the reason that hexagonals usually are deformed at higher temperatures.  

Using the S parameter-maps in Fig. 13.9, five ideal fibres were identified in 
simple shear of hcp crystals. They were named as B, P, Y, C1 and C2 fibres. B 
corresponds to basal slip, P is to prismatic, Y is pyramidal <a> while C1 and C2 
are pyramidal <c + a> fibres. When another set of relative strength is used among 
the slip system families, the relative strength of the fibres changes, however, their 
position I orientation space remains unchanged. For example, in Mg, the B fibre is 
the strongest, while in Ti, the P fibre is also strong. See more details in Ref. [5]. 

 

Fig. 13.9 Maps of the persistence parameter S for simple shear of hexagonal crystals in Euler 
space. Each map corresponds to the indicated slip system family when all other families have 
a very high resistance with respect to the selected one. 
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13.3.2.5 Rolling of BCC Polycrystals 

The case of rolling is very important in the steel industry as most of the steel 
products are produced in form of sheet. The persistence map was also calcu- 
lated for rolling of bcc materials using both the < >{110} 111  and < >{112} 111  
slip system families with a resistance ratio of 0.95 between the resistances of 
{112}  and {110}  slip [6]. That is, the {112}  slip was favoured. The result ob-
tained is shown in Fig. 13.10. As can be seen, the stability parameter is high 
along the  and  fibres. It is especially high along the , in the vicinity of the 
( ) ⎤⎡⎣ ⎦112 110  and ( ) ⎤⎡⎣ ⎦445 110  orientations. The high intensity of S means only 
that orientations rotate very slowly at those positions. In general, S is not ex-
pected to be in monotonic relation with the possible ODF intensities. In order to 
have ideas about the possible relative intensities of texture components, the di-
vergence quantity has to be also examined together with the rotation field, see 
below. 

 

Fig. 13.10 Map of the persistence parameter S for rolling of bcc crystals in the = °2 45φ  
section of Euler space (from [6]).  
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13.3.3 The Role of Strain Rate Sensitivity in the Persistence 
of Shear Textures 

The introduction of viscosity into crystal plasticity was an important step to solve 
the well known ambiguity problems that arise in rate independent theories. The 
most common strain rate sensitive constitutive law used in the scientific commu-
nity is the one proposed by Hutchinson [12]: 

( )
−

= =
m m

s s s
s s

1

0 0
0 0 0

sgn
γ γ γτ τ γ τ
γ γ γ

(13.24)

Here sτ  is the resolved shear stress in the slip system indexed by ‘s’, sγ  is the 
slip rate, the 0τ value is the reference stress level (at which the slip rate is 0γ ), and m 
is the strain rate sensitivity index.  

Using the above constitutive law for slip in Taylor type crystal plasticity mod-
eling, an important result was developed in [1] and [2], namely, that the lattice 
spin is not zero at the ideal positions of shear textures. Thus, one of the most im-
portant conditions (Eq. 13.3) of orientation stability is not satisfied. In this way, 
the division of S by a zero value of lattice spin does not arise in the definition  
of S in Eq. 13.15. It also means that orientations can cross the ideal positions.  
This might take a long time, depending on the value of the strain rate sensitivity 
index m. The time needed increases by a decrease in m.  

A particular behavior is obtained in the Newtonian viscous case, that is, when 
m = 1. Although this case is not realistic in experiments, m increases as a function 
of temperature and it is always important to know the limiting behaviors. It has 
been shown in [1] that the plastic spin disappears for m = 1, thus the lattice spin is 
equal to the rigid body spin, independently of orientations and the imposed strain 
mode. This means that in simple shear testing, the texture merely rotates in the 
direction of the imposed shear, in a rigid manner. However, for the case when 
there is no imposed shear in the experiment, like rolling, tension or compression, 
the lattice rotation would be zero for all crystals and the texture would not change 
at all. Of course, this is only valid when the deformation mechanism is only crys-
tallographic slip. When m is increased, usually other mechanisms, like diffusion 
and grain boundary sliding are also operational, which might change the texture as 
well. Nevertheless, the effect of texture changes due these latter mechanisms is 
probably small and the trend of the texture evolution as it is predicted above is still 
visible experimentally. 

Another important feature of the rotation field in simple shear is that the major 
trend in the direction of the lattice rotation is the direction of the rigid body rota-
tion. This is illustrated in Fig. 13.11 for the case of the C orientation in simple 
shear of fcc crystals. This effect is of primary importance in the formation of the 
texture and will be discussed below. 

. 
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Fig. 13.11 Rotation field around the ideal C 
orientation of fcc simple shear textures. The 
direction of the rigid body spin is to the left. 

13.4 The Role of the Divergence Quantity 
in the Formation of Textures 

As discussed in Sect. 2 above, the divergence quantity is also of capital impor-
tance in the formation of crystallographic texture. This is why it was also exam-
ined in all the works presented above for the S-maps. Here we consider all above 
cases to explore the role of the divergence in the formation of texture for simple 
shear as well as for rolling. 

The divergence quantity, as defined by Eq. 13.5 and calculated numerically, 
has been plotted in orientation space for simple shear of fcc crystals in Fig. 13.12. 
As can be seen, negative and positive regions are present periodically. The most 
striking feature, however, is that the ideal orientations that were identified in the 
map of Fig. 13.5 lie exactly on the boundary lines between these opposite diver-
gence zones. More close inspection reveals that the divergence quantity is exactly 
zero at the location of the ideal orientation. The zero line of the divergence is also 
indicated in Fig. 13.11 for the case of the C ideal orientation. This feature of the 
rotation field in shear is in complete disagreement with the stability conditions that 
were pronounced in Eqs. 13.3–13.5; none of these conditions are satisfied. Similar 
features were obtained in the bcc and hcp cases of simple shear, see in [3] and [5], 
respectively. 

The consequence of these particular features of the rotation field in simple 
shear are multiple. Let us examine the case of simple shear of fcc crystals. 
Fig. 13.13 shows the textures measured in large strain torsion of copper at shears 
of 2, 5.5 and 11 (from [13]). Three ideal texture components are visible in the 
selected ODF section ( =2 0φ ); the A1*, C and the A2*. The direction of the main 
drift of orientations is to the left, indicated by the arrow in Fig. 13.13, which is the 
direction of the imposed rigid body rotation in Euler space. As can be seen, all 
three texture components are formed at the shear of 2.0. One can see, however, 
that the C and A2* components are formed in shifted positions; opposite to the 
applied shear. Such tilts are characteristic to torsion textures; they vary with strain 
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and depend also on the texture components [13]. They are due to the asymmetric 
nature of the rotation field around the ideal components. Grains that are to the 
right from the ideal position slow down and accumulate at the right side of the 
ideal position (because they are in a negative divergence area), while grains that 
are on the left, they are in positive divergence area, thus, they accelerate and dis-
appear rapidly from the ideal component. This process leads to the ‘tilts’ of the 
components. The tilts are not the same for each texture component because the 
rotation field is not exactly the same around them, only their main features are 
similar.  

At larger strains, see at γ  = 5.5 in Fig. 13.13, the texture is quite different from 
the lower strain case. Now the C component is much stronger and the A1*, A2* 
components are very week. The tilts are nearly zero. This effect is due to a texture 
transition, A2*  C, which can take place due to the possibility that grain orienta-
tions are able to cross the ideal positions in viscoplastic slip as it was discussed 
above in simple shear. This is why the tilt decreases and this makes possible the 
observed texture transition. The procedure continues at larger strains; now the A1* 

 

Fig. 13.12 Map of the divergence quantity in orientation space for simple shear of fcc crystals. 
In the shaded areas, the divergence is negative (from [2]). 
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increases in intensity due to grains that it receives from the C component. The tilts 
might even be on the opposite side at these large strains.  

The same effects exist in shear of bcc crystals [3]. One can also understand the 
relative strengths of the texture components using the rotation field characteristics. 
An example is shown in Fig. 13.14, which is taken from [3]. It shows the rotation 
field around the D1 and D2 components of bcc shear textures, which are the major 
components. As can be seen, the rotation fields are similar, however, they are 
asymmetric with respect to the shear direction which is from the left to the right in 
this case. The divergence quantity is negative on the left, where there is a conver-
gent rotation field. There is, nevertheless, a large difference in the nature of the 
convergence. Before D2, there is a kind of one-dimensional convergence while 
before the D1 ideal orientation; there is a three dimensional convergent rotation 
field. It is then expected that more orientations arrive to the vicinity of D1 than 
into D2. Consequently, larger intensity of D1 expected than D2. This is exactly the 
same as the experimental observation; see the ODF section in Fig. 13.14. This 
figure shows the =2 0φ  section of the ODF measured in torsion of an IF steel at 
an equivalent strain of 0.95 [3]. Obviously, when the shear is reversed, the rotation 
vectors are inverted around the ideal orientations and an opposite relative density 
develops: the D2 would be strong and D1 would be weak. 
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Fig. 13.13 Texture development in torsion of Cu at large strains (from [5]). 
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Fig. 13.14 Rotation field around the D1 and D2 ideal orientations of bcc shear texture and one 
ODF section ( =2 0φ ) of the texture measured in torsion of IF steel (from [3]).  

Now the case of rolling will be examined. A map of the divergence quantity 
(normalized by the equivalent strain rate) is plotted in Fig. 13.15 for rolling of bcc 
crystals. The main feature in this map is that all ideal orientations of this section – 
which are the α and γ fibres – are situated within a negative divergent region. At 
the same time, the lattice rotations are zero along the ideal fibres when the Taylor 
model is used. These features are in good accordance with the criteria that are 
defined in Eqs. 13.3–13.5 concerning the stability conditions of the ideal texture 
components. This means also that the formation of the ideal texture components in 
rolling takes place in a three dimensional manner; orientations approach the ideal 
positions from all possible directions around them. For shear, however, this is not 
the case. As it was shown above, they can approach the ideal positions only from 
one side, because of the special asymmetric feature of the divergence quantity. 
One important conclusion from this is that shear textures are supposed to be less 
strong as rolling textures. The other difference between shear and rolling is that in 
shear, grain orientations can cross the ideal positions, while in rolling, they cannot 
(as long as the deformation conditions remain Taylor). This effect can give rise to 
specific texture component transitions in shear, see the above discussed examples. 
The directional nature of the rotation field – namely the preferred rotation direc-
tion in the sense of the rigid body spin in shear – induces still another specific 
feature in the development of shear textures. Namely, because of this drift of the 
orientations, many grain orientations remain outside of the ideal fibre tubes or at 
least stay outside of the tubes for a long time. From simulations, it can be esti-
mated that about 50% of the grains are always outside of the tubes at any deforma-
tion stage. This is also an important difference between rolling and shear and leads 
to a smaller general intensity of the deformation textures observed in shear. 
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Fig. 13.15 Map of the divergence quantity in the = °2 45φ  section of orientation space for 
rolling of bcc steel (from [6]). In the white areas the divergence is negative while shaded areas 
correspond to positive divergence. 

13.5 Summary and Conclusions 

In this work, a short overview was presented about the persistence characteristics 
of textures that develop due to large plastic deformation in crystalline materials. 
First the principles of orientation stability were examined, and then orientations 
stability maps were presented for simple shear and rolling. The role of the lattice 
rotation and the divergence quantity was discussed in detail in the formation of the 
ideal texture components for both rolling and shear. From the present overview, 
the following general conclusions can be drawn: 

a. The persistence parameter introduced in [1] appears to be a very useful parame-
ter in the identification of the ideal orientations of deformation textures with the 
help of crystal plasticity simulations. It helps to identify the ideal orientations 
in shear and rolling for both fcc and bcc materials. In shear, it was also em-
ployed to the hcp case. 
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b. The role of the rigid body rotation is decisive in the number of active slip sys-
tems in shear and rolling. For the ideal components, the active slip systems are 
limited to two in shear while they are at least four in rolling.  

c. Shear textures are very different from rolling textures because of the differ-
ences in the nature of the rotations field. All ideal orientations lie on a zero di-
vergence line in orientations space in shear while all of them are situated within 
a negative divergent region in rolling. This implies larges differences in the in-
tensities of the textures and explains why shear textures are weaker then rolling 
textures. 

d. The asymmetrical nature of the rotation field in shear is responsible for the 
‘tilts’ of the ideal texture components from their symmetry positions. The non-
zero lattice spin in the ideal positions of shear textures allows some texture 
components to weaken and others to strengthen. 
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Chapter 14  
DXRD and Its Applications Leading 
to New Modelling 

D. Juul Jensen 

Abstract. In the present paper the specifications and potentials of the 3 dimen-
sional x-ray diffraction (3DXRD) method is shortly described and examples of 
applications are reviewed. The main focus is however on 3DXRD results leading to 
advancements in recrystallization modelling. 3DXRD measurements have shown 
that all investigated individual grains have different recrystallization kinetics – not 
two grains are alike. This is found for samples deformed both to high and very high 
strains. Based on the experimental results, a JMAK model has been advanced to 
incorporate distributions of growth rates or anisotropic growth directionality. Ef-
fects of the new modelling are analysed and compared to standard JMAK model-
ling. Also effects of experimentally observed distributions of nucleation sites are 
analysed using JMAK simulations. Finally it is discussed in more general terms 
how modelling may be advanced through experimental verifications. 

14.1 Introduction 

Most materials microstructures are three dimensional (3D) and complete character-
ization thus requires 3D measurements. Most experimental characterization tech-
niques commonly available today, however, operates in 2D – prominent among them 
are electron microscopy techniques, which allow detailed microstructural characteri-
zation even to the subnanometer scale. It has often been stated that cautions should be 
taken when using 2D methods to characterize 3D microstructures [1], and 3D tech-
niques are becoming more and more popular. Mechanical serial sectioning have long 
been used to get the 3D information [2]. Many laboratories now operate dual beam 
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focused ion beam microscopes, which allow automatic serial sectioning. Results of 
this new technique are starting to appear in literature [3]. 

The sectioning methods are, however, (as the name says) destructive; the sam-
ples do no longer exist after the characterization, which rules studies of dynamics. 
So if the dynamics are of importance for a given investigation other methods have 
to be used. 3D x-ray diffraction method (3DXRD) [4] or 3D x-ray crystal micros-
copy [5] allows non-destructive 3D characterizations and can thus be used for 
dynamic studies of the microstructural evolution. 

Many papers have already dealt with for example the 3DXRD method and its 
applications. Therefore the purpose of the present paper is to go one step further 
and discuss how the 3DXRD and other 3D results may assist in advancement of 
present days models. The chosen example is recrystallization. So after a short 
description the 3DXRD method, 3D results for nucleation and growth during re-
crystallization are summarized and it is shown how these results may affect re-
crystallization modeling. The JMAK [6–10] modeling scheme is used for the latter 
as this scheme easily allows investigations of effects of variations in just one mod-
eling parameter. In this paper, effects of growth rate distributions, anisotropic 
growth and clustered nucleation shall be discussed. 

14.2 3DXRD 

The 3DXRD concept is based on measuring local crystallographic orientations 
and thereby generating a map of the microstructure. To ensure high penetration 
depth e.g. 5 mm in steel and 4 cm in Al, high energy (50–100 kV) X-rays are 

 

Fig. 14.1 Sketch of the 3DXRD microscope operating at the European Synchrotron Radiation 
Facility in France. 
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used. A sketch of the set-up is shown in Fig. 14.1. To probe the complete sam-
ple structure within the gauge volume, the sample is rotated around an axis 
perpendicular to the incoming beam. At present the mapping precision is about 
5 μm × 5 μm × 1 μm, while microstructural elements down to 70 nm can be de-
tected provided that they have a sufficient crystallographic orientation differ-
ence to avoid overlap of diffraction spots on the detector. The angular resolu-
tion is 0.05 degrees. 

The 3DXRD methodology can be tailored to provide dynamic data on a hierar-
chy of levels. The simplest approach is to measure the diffracted intensity from 
selected, structural elements as function of time; this provides the volume kinetics 
of individual elements with a time resolution of seconds or even subseconds. On 
the highest level, full shape change information can be acquired by repeating the 
acquisition of microstructure maps. 

Sample auxiliaries include a series of furnaces, which operates up to 1500oC, 
and a 25 kN Instron tensile machine. Typically, the measurements of orientation or 
elastic strain are so fast that the development in orientation or strain can be fol-
lowed in situ, for example, during deformation or during annealing. For further 
information on the 3DXRD method the best reference is [4]. 

14.3 Growth During Recrystallization 

14.3.1 Growth Rate Distributions 

By 3DXRD it is possible to detect single individual nuclei in the bulk of large 
samples and follow their growth in situ while annealing the deformed sample. For 
experimental information see [11]. The noise limit for detecting a nucleus is ap-
proximately 2 μm (diameter). Its development and growth can be followed with 
a time resolution of the order of seconds. For each observed nucleus, a full curve 
of volume versus annealing time is obtained. An example of such growth curves 
are shown in Fig. 14.2. 

It can be seen that each nucleus/grain has its own nucleation and growth behav-
ior. Such data are unique as they for the first time allow us to see the behavior of 
single grains of known orientations in the bulk during annealing. The data have 
also shown that even grains within one group of orientations have very different 
growth behavior. 

Most kinetics models of recrystallization have their genesis in the phase trans-
formation models of Kolmogorov, Johnson and Mehl and Avrami (JMAK) [6–10]. 
The JMAK models were developed assuming a constant nucleation rate and con-
stant growth rate, assumed to be the same for each grain. The new data obtained 
by 3DXRD e.g. Fig. 14.2 shows that the basic assumptions of constant and identi-
cal growth rate of all grain are violated. A much better description would be to 
consider a distribution of growth rates. 
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Fig. 14.2 Growth kinetics of 6 individual grains in 90% cold-rolled aluminum (AA1050) an-
nealed at 270°C [11]. 

 

Fig. 14.3 Results from geometric simulations of the effects of growth rate simulation micro-
structure. (a) Microstructures simulated by three simulations: MJAK conditions (left, distribution 
in A (middle) distribution is where the radius r = Att–α. Different colors mark different grains.  
(b) Kinetics curves blue points/curve is MJAK and A distributions whereas red points/curves are 
for a distribution [12]. 



14 DXRD and Its Applications Leading to New Modelling 251 

The effects on recrystallization kinetics and microstructure of growth rate dis-
tributions rather than one identical growth rate for recrystallizing grains have been 
investigated by geometric simulations [12]. The grains were set to grow as spheres 
with radii r = Att–α. The results show that distributions in A and α may produce 
significant changes in the microstructure and texture as shown in Fig. 14.3 (a). It is 
clear from this figure that growth rate distributions may affect the recrystallized 
grain size distribution and as it is discussed in [12] the presence of growth rate 
distributions may explain why experimental grain size distribution often are 
broader than what classic simulations predict. 

Also the kinetics is affected if a distribution of growth rates instead of only 
one is assumed. Here, however, only distributions in α (not in A) lead to changes 
in the shape of the curve. This is seen in Fig. 14.3 (b) where all the red 
points/curves are for various α-distributions [12]. Results of this type are consid-
ered to be very important as they show that significant errors may be obtained if 
kinetics curves are interpreted based on the classical constant identical growth 
rate assumption and the grains in reality each growth with a rate different from 
the others. 

14.3.2 Anisotropic Growth 

Films of grains growing during recrystallization has been recorded by 3DXRD 
[14] It was observed that generally the grains grow significantly faster along 
one direction that along the other 2 directions. Not many films have yet been 
recorded and analyzed by 3DXRD and it is not possible to state a general ob-
servation on growth anisotropy based on these few results. However, also sim-
ple microscopy of fully recrystallized microstructures reveals elongated grains 
suggesting that the growth has not just been spherical growth (isotropic in all 
3 directions).  

Effects of anisotropic growth have been investigated by geometric simulations 
of randomly oriented shape preserved ellipsoids in three dimensions [13]. Earlier 
simulations in 2 dimensions [15–17] have suggested very significant effects of 
anisotropical growth. In the new 3D simulations [13] grains will grow until they 
impinge upon an other grain, then this intersected section of the grain bound-
ary(ies) will no longer move, but all other sections of the grain boundary(ies) are 
still free to move. This means that a grain with a fast growing boundary may 
grow around an other grain which happens to have a slower boundary migration 
in that particular direction. The results show that this “growing around mecha-
nism” strongly reduces the effects of anisotropic growth on the overall recrystal-
lization kinetics [13]. An example is shown in Fig. 14.4. Only for very extreme 
anisotropy e.g. aspect ratios of 4 or above the recrystallization kinetics is signifi-
cantly affected. For recrystallization such large aspect ratios are not common, 
and anisotropy does not need to be included in JMAK modeling if the preferred 
growth directions of the grains are randomly oriented. 
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Fig. 14.4 Volume fractions of recrystallized material VV (t) are plotted as a function of time. 
The full line is the JMAK model and the points are for simulations with various aspect ratios as 
given in the list. The inset shows the Avraim parameter p for the simulations [13].  

14.4 Distribution of Nucleation Sites 

3DXRD allows mapping of large sample areas [18] and as it is discussed in the 
introduction it is a very powerful method to use when studying dynamics. If, how-
ever, only statics, like determination of the spatial distribution of nucleation sites, 
are needed, other methods like serial sectioning may be easier to use. 

Fig. 14.5 Visualization 
of the experimentally  
observed 3D distribution 
of nucleation sties in 90% 
cold-rolled aluminum 
(AA1050) annealed 
for 1h at 280°C [19]. 
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For 90% cold-rolled aluminium (AA1050) the position of nuclei very deter-
mined by serial sectioning in 8 sections 5 μm apart each covering a sample area of 
245 μm × 225 μm. The result is visualized in Fig. 14.5. It appears that the distribu-
tions are non-random but clustered on planes. To understand the effects of this 
clustering alone (not including effects of other parameters like growth rate distri-
butions etc.) geometric simulations were carried out using the experimentally 
determined sites of the nuclei (x, y, z) as input but otherwise applying standard 
JMAK assumptions. The simulation results reveal that the clustering of the nuclei 
strongly affects the evolution of the kinetics curve, which starts deviating from 
JMAK already when the sample is less than 50% recrystallized. Also the recrystal-
lized grain size distribution is significantly broadened. 

14.5 Discussion and Conclusion 

Reasons for developing and using models are manifold. An obvious reason is to be 
able to predict some overall parameters as the average grain size or the crystallo-
graphic texture as a function of process parameters like the deformation strain and 
annealing temperature. Another obvious reason is to use the model to get a better 
understanding of some underlying physical mechanism(s). 

Validation of a model may be quite different in the two cases. In the first case care 
must be taken to examine the processing interval well enough and not to extend the ap-
plication of the model too far beyond the examined parameter and material range. But 
otherwise the model requirements may not be too critical and simplifying assump-
tions are often acceptable and useful. In the second case the validation is more com-
plex as the result of the modeling i.e. the physical understanding typically depends so 
intimately on every modeling step and often it is not enough to measure experi-
mentally simple parameters like grain size and texture to be sure the modeling result is 
correct. As an example of this, it can be mentioned that in a simulation of recrys-
tallization where only the nucleation rate (instantaneous or continuous), the distri-
bution of nucleation sites (random or clustered) and the relative growth rate of two 
orientations of grains were varied, 15 out of 59 conditions i.e. 25% of the simulations 
gave identical texture and average grain size results [20]. If also the nucleation density 
was allowed to vary the percentage of very different nucleation and growth conditions 
giving the exact same texture and grain size result would have been even larger.  

Advancing in particular the second type of modeling depends on the experi-
mental possibilities. Here 3D and 4D (3D plus time) methods may be of impor-
tance. In the present paper 3 and 4D recrystallization results are presented and 
recrystallization modeling is discussed. It is shown that the recrystallized micro-
structures depend on growth rate distributions, anisotropic growth and on the dis-
tributions of nucleation sites. Although not discussed above, it is clear that these 
3 parameters may also strongly affect the evolution of the recrystallization texture 
– for example if grains of certain orientations have growth rates in the high end of 
the growth rate distribution, have more anisotropic growth or are less clustered 
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than other grains. Also the recrystallization kinetics is affected but here the growth 
anisotropy is of less importance for the kinetics if the preferred growth directions 
of the individual grains are randomly oriented in space. 
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Chapter 15  
3D Image-Based Viscoplastic Response 
with Crystal Plasticity 

Anthony D. Rollett, Sukbin Lee, and Ricardo A. Lebensohn 

Abstract. An efficient digital FFT-based viscoplastic method was applied to 
calculating the viscoplastic stress-strain response on a 3D image of a serial sec-
tioned nickel alloy. A single strain step under uniaxial tensile loading was calcu-
lated using crystal plasticity. Analysis of the results indicated higher stresses near 
grain boundaries than in the bulk of grains. All types of grain boundary gave simi-
lar results and no special cases, such as the twin boundaries, were identified. 
A new analysis for clusters of high stress points was introduced; the distribution of 
sizes of high stress clusters was found to be close to log-normal. 

15.1 Introduction 

As 3D images of polycrystalline materials become available from sources such as 
serial sectioning, there is a self-evident need to investigate the dependence of 
properties on microstructure and understand that which was not accessible from 
conventional methods. Such 3D datasets are inevitably large with millions of 
points in current images and the prospect of billion-voxel sets in the near future. 
Methods are being developed to generate finite element (FE) meshes from such 
images and perform FE calculations. This approach is limited, however, by both 
the challenges of generating uniformly high quality meshes and the computation 
time required for problems with a large number of degrees of freedom. Accord-
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ingly we present an alternative approach well suited to materials problems in 
which the viscoplastic response is calculated directly on the image. Use of digital 
Fast Fourier Transforms means that the solution procedure is highly efficient. This 
numerical method was proposed (1) for approximating linear and nonlinear me-
chanical properties of materials based on voxelized microstructural data. The 
method provides an exact solution of the equilibrium equation, has better numeri-
cal performance than small-scale FEM, and has been successfully modified to 
approximate the elastic or viscoplastic response of either polycrystalline or com-
posite materials. It is limited, however, to cases where the representative volume 
element (RVE) is subject to periodic boundary conditions and the dimension of 
each direction must be a power of 2. The requirement for periodic boundary con-
ditions can be relaxed, however, by inclusion of a buffer layer that does not par-
ticipate in the deformation (2). Here, we examine the local stress and strain-rate 
field, based on the rate-sensitivity approach, under unaxial tension loading. 

Clearly there is an extensive literature on simulation of stress-strain behavior of 
polycrystalline solids using crystal plasticity constitutive: see (3) for a recent re-
view. Certain groups have focused on grain-scale effects, see for example (4) 
although this has largely been conducted in two dimensions. The recent availabil-
ity of 3D images has made it possible to perform calculations on actual micro-
structures although the destructive serial sectioning technique means that one only 
obtains the initial structure; see (5, 6) for recent examples. 

15.2 FFT Method 

Since the complete derivation of the local solution of a heterogeneous viscoplastic 
medium undergoing an applied strain has been described in detail elsewhere 
(7, 8, 1) we present, in brief, some essential features of the algorithm. Given 
a heterogeneous representative volume element (RVE) with periodic boundary 
conditions as shown in Fig. 15.1, the local constitutive equations for stress and 
strain-rate for each Fourier point are solved. The key point of the approach is to 
introduce the local heterogeneity parameters in a homogeneous reference medium 
of stiffness when solving the differential equations. Applying the Green’s function 
method, one can find the solutions for the velocity gradient and the strain rate 
fields as convolutions in the real space. Since any convolution in the real space 
can be, however, expressed as a tensor product in the Fourier space, we can calcu-
late the strain rate field using the Fast Fourier Transform (FFT) algorithm. The 
stress and strain rate at each Fourier point is obtained in an iterative manner using 
the standard power law relationship (9):  

 ′= ∑ s s s n
o o

s

x m x m x x x( ) ( ) ([ ( ) : ( )] / ( ))ε γ σ τ  , (15.1) 

where ms(x) is the Schmid tensor for a specific slip system s, ⎮o
s(x) is the critical 

resolved stress, and oγ  is a normalization factor. n is known as the viscoplastic, or 
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rate-sensitivity exponent and, in general, the value of n for viscoplastic behavior is 
set equal to or greater than 10 so that texture development is in the rate-insensitive 
regime. The updated deviatoric stress tensor ′

ijσ  is used for calculation of the 
stress field. 

15.3 3D Image of Nickel Alloy 

Figure 15.1 shows the set of aligned EBSD maps from a series of cross-sections of 
a Ni-based alloy obtained through serial sectioning in a dual-beam FEI system. The 
data was collected and provided by Air Force Research Laboratory (AFRL) (10). 
The number of serial sections was 98 and the area of each scanned section was 
about 502 μm2, with a point spacing of 0.25 µm. The registration was based on the 
assumption that all layers were sufficiently parallel to each other that the only ad-
justment required was a translation confined to integer valued shifts along x and y 
directions in each plane (i.e. the layers could be assumed to be parallel to one an-
other, with no rotations between layers). We used the orientation information in-
herent in the EBSD maps to align the successive layers, which exhibited significant 
displacements relative to one another (11). The average disorientation (D) was 
calculated as shown in Eq. 15.2 as the average of the product of disorientation, ∆g, 
between each well-indexed pixel in the upper layer and its one or more neighboring 
pixels in the layer below and a weighting factor, w, that decreases the contribution 

Fig. 15.1 Visualization of the 
191 × 203 × 98 image of a serial-
sectioned sample of IN100 
Ni-based alloy. Pairs of layers 
were aligned by minimizing the 
misorientation between adjacent 
pixels. 
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to D from points in the layer below having a low confidence index and low image 
quality. The expectation is that good alignment will generate a small average dis-
orientation between pixels in adjacent layers.  

 
D = 1

N
wi Δgi

i

∑ ,
wi =1, if CIneigh ≥ 0.1 and IQneigh ≥100

wi = (2.0−10.0 × CIneigh ), otherwise

⎧ 
⎨ 
⎩ 

(15.2)

A 128 × 128 × 128 subset of the image was extracted for use in the FFT model 
described in the next section. This was chosen so as to include the entire thickness 
(98 voxels deep) in the x-direction and padded with a single orientation of a dif-
ferent material whose strength was set to be very low compared with the material 
of interest. The resulting structure is periodic in both the y and z directions. This 
introduces some mismatch between grains on the x-z and x-y surfaces. The pertur-
bation in the behavior is expected to be minor, however, based on previous experi-
ence with calculating misorientation development in work that compares calcu-
lated with measure evolution in a copper sample (2). A single strain step in 
uniaxial tension parallel to the y-direction was applied to the image. The calcula-
tion required of the order thirty minutes on a multiprocessor Macintosh computer 
with eight cores and used the FFTW (www.fftw.org) parallel FFT package for 
computing discrete Fourier transforms. Each grain was assigned the average orien-
tation determined during the registration and alignment procedure described 
above. The standard description of crystal plasticity in fcc metals was used with 
twelve {111} <110> slip systems and a strain rate exponent of ten. 

15.4 Results and Discussion 

Figure 15.4 shows a view of the simulated structure colored by von Mises stress 
level. Since the critical resolved shear stress is set at one, the stress shows the 
Taylor factor in effect. Variations in the stress at the grain scale are evident, with 
significant variations within individual grains. The number of grains in the image 
used was 1,156; the stress in each grain was uncorrelated with size, as expected in 
a model that does not incorporate any length scale in the constitutive relations. As 
mentioned above, the main objective was to determine the characteristics of highly 
stressed regions and their association, if any, with grain boundaries. Accordingly 
the structure was analyzed and each voxel was assigned a boundary type accord-
ing to whether it was adjacent to a particular boundary type or in the bulk of 
a grain. Boundaries were classified as low angle if the disorientation was less than 
15°, or general high angle, or a coincident site lattice (CSL) if the disorientation 
satisfied Brandon’s criterion for nearness to, e.g., the Σ3 type; see Fig. 15.3 for 
area fractions. Note that about two-thirds of the boundaries are general high angle 
boundaries, one-third are twin boundaries (mostly coherent annealing twins) and 
a small fraction belong to some other CSL type. Omitting the low angle bounda-

and
otherwise
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ries makes little difference to the fractions because of the low fraction of such 
boundaries. Figure 15.5 shows the stress (von Mises equivalent) at points adjacent 
to Σ3 grain boundaries only, in a magnified view. Note how the stress varies from 
high to low across individual twin boundaries.   

Fig. 15.2 Visualization 
of the 1283 volume ele-
ment used for FFT-
viscoplastic calculations. 
The grid is colored 
by grain number to reveal 
the polycrystalline nature 
of the material. Note that 
there is a high density 
of annealing twins pre-
sent, which are apparent 
as thin plates in the  
microstructure. 

Fig. 15.3 Histogram 
of the relative frequency 
of different types of grain 
boundary according 
to CSL sigma value. Note 
that about two-thirds 
of the boundaries are 
general high angle 
boundaries, one-third are 
twin boundaries (mostly 
coherent annealing twins) 
and a small fraction 
belong to some other CSL 
type. Omitting the low 
angle boundaries (light 
color bars makes little 
difference to the  
fractions). 
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This typing of voxels according to grain boundary adjacency thus permitted 
a simple analysis of relative stress (and strain rate) levels near to boundaries ver-
sus the bulk of grains by simply calculating averages and variances in stress and 
strain rate in the various types of voxels. Table 15.1 displays the results from this 
analysis. 

Analysis of the results indicated higher stresses near Σ3 grain boundaries than 
in the bulk of grains. The same averages calculated including all types of high 
angle grain boundary, however, gave essentially identical results. The conclusion 
is that any high grain boundary tends to be more highly stressed than the interiors 
of grains. It appears that twin boundaries were not any more likely to generate 
high stresses than any other boundary type. This result is very similar to hat ob-

Fig. 15.4 View of the 
simulated volume show-
ing the local von Mises 
equivalent stress. Since 
the critical resolved shear 
stress is set at one, the 
stress shows the Taylor 
factor in effect. Variations 
in the stress at the grain 
scale are evident, with 
significant variations 
within individual grains. 

Fig. 15.5 Stress (von Mises equiva-
lent) at points adjacent to S3 grain 
boundaries, in a magnified view. Note 
how the stress varies from high to low 
across individual twin boundaries. 
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tained by the NRL group (12). One caution however, is that no account was taken 
in this analysis concerning grain boundary plane; this is likely to be important 
because the (deviatoric) loading on any given grain boundary region will vary 
depending on the inclination of the boundary with respect to the loading axis. 

Another view of the mechanical response is obtained by thresholding the image 
for high stress regions. Figure 15.6 shows the clusters of high stress points for 
a threshold of 3.5, the total volume of which is 2.6% of the simulated volume. The 
sizes of the clusters are obviously widely distributed. However, when the logarithm 
of the sphere equivalent radii of the grains, normalized by the mean value, is 
binned and the cumulative distribution plotted on a probability scale, Fig. 15.7, the 
distribution is log-normal. Lastly, Fig. 15.8 shows the fraction of voxels in each 
cluster that are adjacent to either a grain boundary (without distinguishing the type) 
or adjacent to a Σ3 grain boundary. The results suggest that high stress clusters 
occur close to grain boundaries, regardless of size, as expected from the analysis 

Table 15.1 Stresses and Strain Rates. 

 Average  
stress 

Standard deviation  
in stress 

Average  
strain rate 

Standard deviation  
in strain rate 

Bulk of grains 1.94 1.34 1.13 0.52 
Adjacent to Σ3  
boundaries 

2.79 0.45 1.14 0.47 

 

Fig. 15.6 Visualization of high stress locations (von Mises equivalent stress above 3.5). Clus-
ters of high stress points are evident and there is a wide range of sizes present. 
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Fig. 15.7 Probability plot of the cumulative distribution (CDF) for the log of the normalized 
size (sphere equivalent radius) of clusters of points with stress > 3.5. The CDF is close to 
a straight line, indicating that the distribution is close to log-normal. Note that the average radius 
is only 2.03 voxels. 

 

Fig. 15.8 Plot of the fraction of voxels in each cluster that are adjacent to either a general grain 
boundary (round symbols) or to twin boundaries (square symbols). The average values roughly 
match the overall fractions (Fig. 15.3) although the smaller clusters show high fractions. 
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performed above. The fractions of voxels corresponding to twin boundaries is 
lower simply because twin boundaries comprise only about one third of all bounda-
ries. Again, no strong variation in the fraction with size is apparent. 

15.5 Summary 

An efficient FFT-based method for analyzing the viscoplastic response of poly-
crystalline materials was applied to a microstructure with a high fraction of anneal-
ing twins. The microstructure was derived from a serial section dataset. The results 
showed that high stresses tend to occur next to grain boundaries but no specificity 
in terms of boundary type when analyzed according to the coincident site lattice 
(CSL) theory. A new analysis for clusters of high stress points was introduced; the 
distribution of sizes of high stress clusters was found to be close to log-normal. 

Acknowledgement The authors are grateful to R.A. Lebensohn for use of his viscoplastic FFT 
code, and to C.W. Roberts for parallelizing the FFT calls. M. Uchic and M. Groeber of the AFRL 
are thanked for supplying the image. Use of facilities provided by the MRSEC at CMU under 
NSF grant number is DMR-0520425 is gratefully acknowledged. 

References 

1. Moulinec H, Suquet P. 1998. A numerical method for computing the overall response of 
nonlinear composites with complex microstructure. Computer Methods in Applied Mechan-
ics and Engineering 157:69–94. 

2. Lebensohn RA, Brenner R, Castelnau O, Rollett AD. 2008. Orientation image-based mi-
cromechanical modelling of subgrain texture evolution in polycrystalline copper. Acta ma-
ter. in press. 

3. Mishnaevsky Jr L, Schmauder S. 2001. Continuum mesomechanical finite element model-
ing in materials development: A state-of-the-art review. Applied Mechanics Reviews 54: 
49–74. 

4. Ma A, Roters F, Raabe D. 2006. Studying the effect of grain boundaries in dislocation 
density based crystal-plasticity finite element simulations. International Journal Of Solids 
And Structures 43:7287–303. 

5. Lewis AC, Geltmacher AB. 2006. Image-based modeling of the response of experimental 
3D microstructures to mechanical loading. Scripta mater. 55:81–5. 

6. Lewis AC, Suh C, Stukowski M, Geltmacher AB, Rajan K, Spanos G. 2008. Tracking 
correlations between mechanical response and microstructure in three-dimensional recon-
structions of a commercial stainless steel. Scripta mater. 58:575–8. 

7. Lebensohn RA. 2001. N-site modeling of a 3D viscoplastic polycrystal using Fast Fourier 
Transform. Acta mater. 49:2723–37. 

8. Michel JC, Moulinec H, Suquet P. 1999. Effective properties of composite materials with 
periodic microstructure: a computational approach. Computer Methods in Applied Mechan-
ics and Engineering 172:109–43. 

9. Kocks UF, Tomé C, Wenk H-R, eds. 1998. Texture and Anisotropy: Cambridge University 
Press, Cambridge, UK. 675 pp. 



264 A.D. Rollett, S. Lee, and R.A. Lebensohn 

10. Uchic MD, Groeber MA, Dimiduk DM, Simmons JP. 2006. 3D microstructural characteri-
zation of nickel superalloys via serial-sectioning using a dual beam FIB-SEM. Scripta ma-
ter. 55:23–8. 

11. Rollett AD, Lee SB, Campman R, Rohrer GS. 2007. Three-dimensional characterization of 
microstructure by electron back-scatter diffraction. Annual Review of Materials Research 
37:627–58. 

12. Lewis AC, Geltmacher AB, Spanos G. 2008. Determination of Critical Microstructural 
Features in an Austenitic Stainless Steel Using Image-Based Finite Element Modeling Met-
all. Mater. Trans. in press. 

 

A.D. Rollett 
Professor 
Department of Materials Science & 
Engineering 
Carnegie Mellon University 
Pittsburgh, PA 15213-3890 
USA 
 

 



 

Part IV 
Specialized Characterization Techniques 

 



 

 



267 A. Haldar, S. Suwas, and D. Bhattacharjee (eds.), Microstructure and Texture in Steels, 
© Springer 2009 

Chapter 16  
Diffraction Techniques in Steel Research: 
An Overview 

Stefan Melzer and Jaap Moerman 

Abstract. Acquiring knowledge about microstructures and textures is crucial for 
the improvement and development steel products, because these two characteris-
tics are controlling factors for the properties of steel. Diffraction techniques using 
X-rays, electrons or neutrons are suitable to study microstructures (e.g. phase rela-
tionships) and textures (crystallographic orientations). X-ray diffraction (XRD) 
and electron backscatter diffraction (EBSD) are generally available techniques 
within an industrial research environment.  

Different examples from daily research within Corus RD&T are shown, where 
these diffraction techniques have been used. For the development of new high-
tech multi-phase steels we study phase composition and microstructure to optimise 
product properties. Retained austenite may easily be detected and quantified by 
XRD, using the right approach. Moreover, using an area-sensitive 2D-detector, 
such as e.g. the GADDS system, the textures of ferrite and austenite components 
may be identified simultaneously during a single measurement. Micro XRD (beam 
diameter down to 100 µm) allows us to study small-scale welding joints within 
TRIP steels and how these welds evolve with time. Even more interesting is the 
possibility to study recrystallisation and phase transformations in situ at high tem-
perature in real time, e.g. to make phase transformations visible during inter-
critical annealing.  

Another fascinating and beneficial attribute of XRD and EBSD is to study coat-
ings/platings such as Ni in relation to the underlying steel substrate. Not only it is 
possible to identify the thickness of a plating or the phases in a coating, but textural 
and microstructural relations between the substrate and the surface layer can also 
be visualised. The understanding of microstructure opens the way to grain bound-
ary engineering in coated products to help improve the corrosion properties. 

__________________________________ 

S. Melzer and J. Moerman 
Corus RD&T, IJmuiden, The Netherlands  
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16.1 Introduction 

Properties of steel or other metals are generally visible on a macroscopic scale 
(e.g. surface roughening, tensile strength, corrosion). These material properties 
are, however, controlled by microstructure and texture. The control of microstruc-
ture and texture evolution during the fabrication processes of steel is therefore 
essential to meet specified product properties. In turn, for the improvement and 
development of steel products it is a prerequisite to acquire knowledge about the 
evolution of textures and microstructures during various rolling and annealing 
steps. Diffraction techniques using X-rays, electrons or neutrons are widely used 
to characterise microstructure and texture of steel, because most process steps re-
sult in phase transformations or significant changes in crystal orientations that can 
be detected by diffraction techniques. 

X-ray diffraction (XRD) and electron backscatter diffraction (EBSD) are the 
most commonly used diffraction techniques in industrial environments. Therefore, 
we will concentrate on XRD and EBSD and demonstrate how suitable and valu-
able these techniques have been and are for steel research, and how new devel-
opments (e.g. high temperature XRD; new detectors) can take us one (or more) 
step(s) further. We will present various examples from the daily research within 
Corus RD&T where these diffraction techniques have been used. 

16.2 Experimental Details 

16.2.1 Equipment 

X-ray diffraction measurements have been performed using fully automated 
Bruker D8 (texture analyses, micro-XRD, HT-XRD) and Panalytical X’pert Pro 
(retained austenite) diffractometers equipped with an area-sensitive detector 
(GADDS) and position-sensitive detector (Xcelerator), respectively. EBSD analy-
ses have been done using either a conventional Jeol 5900 SEM equipped with 
a HKL channel 5 EBSD system (steel substrates Ni-platings) or a Zeiss Ultra 55 
FEG-SEM equipped with a TSL OIM EBSD system (TRIP steels, Ni-platings).  

16.2.2 Techniques 

Both diffraction techniques, XRD and EBSD, can detect phases and crystallo-
graphic orientations, but the area from which the information is obtained is gener-
ally totally different (Fig. 16.1). It is easy to analyse a few mm2 or even cm2 using 
XRD, but it is very time consuming to scan one mm2 using EBSD. Moreover, data 
obtained by EBSD are from the upper few nm of steel surface, whereas the pene-
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tration depth of XRD reaches at least a few µm. On the other hand, an EBSD sys-
tem mounted on a FEG-SEM allows the analysis of microstructure on a nm scale, 
while the spatial resolution of XRD is limited to 100 µm. Therefore, the two dif-
ferent techniques are complementary rather than competitive. Frequently, results 
from both methods are required to understand and solve problems related to the 
microstructure and texture of steel alloys. 

16.3 Characterisation of Advanced High-Strength Steels 

Transition induced plasticity (TRIP) steels belong to a group of advanced high-
strength steels that show a good formability along with high strength. This steel 
type is definitely of significant importance for the automotive industry to produce 
lighter cars. 

In the course of the development of new high-tech multi-phase steels, the 
knowledge about texture, phase composition and microstructure is essential to 
optimise product properties. Fast and accurate methods are required within a steel 
company to deliver reliable data on time for further development steps. 

16.3.1 Texture Measurement of Ferrite and Austenite Phase  

Because TRIP steels are composed of austenite and ferrite, texture measurements 
are necessary for both the phases to understand mechanical properties. Using a clas-
sical texture goniometer equipped with a point detector (Fig. 16.2) individual mea-
surements have to be performed for ferrite and austenite phases. Moreover, in 

 

Fig. 16.1 Schematic sketch illustrating the differences between EBSD and XRD. 



270 S. Melzer and J. Moerman 

circular scanning mode (see e.g. Bunge and Puch, 1984) a large number of pole-
figure points are needed to achieve an acceptable angular resolution.  

A texture goniometer equipped with an area detector (Fig. 16.2) allows certain 
pole figures of ferrite and austenite to be obtained simultaneously with a single 
measurement. A modern multi-wire detector such as the GADDS has a high sensi-
tivity and a very fast read-out such that short data acquisition times are possible. 
The two dimensions of the detector are used in 2Θ-direction (Bragg angle) and 
χ-direction (angle along a Debye-Scherrer ring) such that for these two dimensions 
higher angular resolutions may be achieved (Fig. 16.3). 

The second dimension of the pole figure φ still has to be derived by step-
scanning. Therefore a complete (110) pole figure of ferrite is determined from 236 

Fig. 16.2 Schematic 
sketch of texture gonio-
meter equipped with 
a conventional detector (a) 
and an area-sensitive 
detector (b). 

 

Fig. 16.3 Single frame recorded with an area-sensitive detector. 
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individual frames (Fig. 16.4). Besides step-scanning, sample movement during the 
measurement is another time-consuming step, but is absolutely necessary to obtain 
good statistics. Therefore the measurement of a complete pole figure takes about 
50 minutes.  

However, at least for multiple-phase steels containing austenite and ferrite, the 
total data acquisition time is reduced to about 3 hours, in comparison to 6 hours 
measuring the textures of both the ferrite and austenite phases, using a conven-
tional point detector. Figure 16.4 shows a typical intensity plot of the (110) pole 
figure obtained for the ferrite phase in TRIP steels. 

16.3.2 Retained Austenite  

An important quality parameter of TRIP steel is the volume fraction of retained 
austenite, because austenite is responsible for the TRIP effect. X-ray diffraction is 
commonly used to quantify the amount of austenite in TRIP steels. In the past, 
a more or less empirical method, using simple peak-fitting along with calculated 
theoretical line intensities, was used to derive the proportion of austenite (Jatczak 
et al. 1980). Rietveld analysis is increasingly coming to replace this analytical 
approach. The Rietveld method provides numerous advantages over the conven-
tional quantitative analysis methods. Since the method uses a full pattern-fitting 
algorithm, all lines of each phase are explicitly taken into account. Preferred orien-
tation of crystallites, i.e. the crystallographic texture, is not a major problem with 
full-pattern methods, at least for powder samples. 

Nevertheless, the X-ray patterns of strongly textured metals have to be refined 
carefully, and a suitable correction procedure for preferred orientations has to be 

 

Fig. 16.4 Complete pole figure (ferrite) derived from 236 single frames (a) and corresponding 
calculated intensities (b). 
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performed. Figure 16.5 (a) shows the refined X-ray pattern of conventional TRIP 
steel using the GSAS software package (Larson and Van Dreele, 1985) without 
any texture correction. An enormous misfit between the measured and the refined 
pattern is observed. The steel would contain 14.4 wt% austenite according to this 
poor refinement.  

Crystallographic textures can be described using a spherical harmonics model 
that is available in GSAS. Moreover, it is possible to refine the coefficients within 
the model using orthorhombic sample symmetry as a constraint. This is also used 
for texture analysis of rolled metals at half thickness. Such a high symmetry low-
ers the number of coefficients, and consequently the degrees of freedom in the 
refining algorithm. Highly symmetric phases, such as austenite and ferrite, show 
few reflections. Having too many refinable parameters may potentially result in 
over-parameterisation and incorrect phase fraction estimates. 

Using the spherical harmonics model (for correcting preferred orientation and 
forcing it to orthorhombic sample symmetry) even extremely textured TRIP steels 
may be refined (Fig. 16.5 (b)). Using this procedure an amount of 11.5 wt% of re-
tained austenite is detected, which is as expected for this type of TRIP steel. This 

Fig. 16.5 Measured 
X-ray pattern (crosses) 
along with refined pattern 
(light grey line) (a) with-
out any texture correction 
and (b) applying the 
spherical harmonic cor-
rection procedure. 
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volume fraction is in good agreement with the austenite content derived by other 
techniques.  

Even using advanced correction methods, the 2Θ-range of data acquisition is 
very critical. For Cu-Kα radiation, upper 2Θ-limits to 100° and 130° will yield 
austenite fractions of 13.5 wt% and 12.5 wt%, respectively. These values are sig-
nificantly high. By cutting off ferrite reflections at higher 2Θ-angles (which are 
relatively strong as a result of the strong texture) the deviation is clear.  

However, an adequate refinement will give reliable and consistent volume frac-
tions of austenite and ferrite. Figure 16.6 shows the tensile test results of two dif-
ferent TRIP steels. As expected, in both TRIP steels the amount of austenite de-
creases with increasing elongation. 

16.3.3 Detection of Complex Microstructures 

Electron back-scatter diffraction is used to characterise the microstructure of com-
plex multi-phase steels. It is relatively easy to distinguish austenite and ferrite due 
to their different crystal structures (Fig. 16.7 (a)). However, it should be men-
tioned that the amounts of austenite derived by EBSD sometimes differ signifi-
cantly from those obtained by XRD or using magnetic methods. A possible expla-
nation is the different penetration depth of the techniques, see Sect. 2.2. The 
magnetisation saturation measurement (e.g. Zhao et al. 2001) is clearly a bulk 
method and specimens of several cm3 may be studied. X-rays still reach a few µm 
beneath the surface. Electrons only penetrate the upper few nm of steel specimen. 
Another artefact to keep in mind is that polishing of the sample during preparation 
may result in a spontaneous transformation of austenite located at the surface. It is 
clear, that surface sensitive techniques as EBSD are affected by this phenomenon. 

Bainite plays an important role in the stabilisation of austenite, and hence the de-
tection of bainitic regions is essential. Bainite is composed of ferrite and carbides. 
Bainitic ferrite shows significant internal stresses (caused by the combined diffu-
sive-displacive transformation) that result in reduced pattern qualities (band-
contrast) compared to normal ferrite (big blue grains in Fig. 16.7 (a)). To identify 

Fig. 16.6 Amount of austenite 
in two different TRIP steels as 
a function of elongation  
for tensile specimens. 
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bainitic regions a band contrast map can be used. Figure 16.7 (a) shows the band 
contrast with a phase map as an overlay. Some ferritic regions show a significantly 
lower band contrast (dark blue regions in Fig. 16.7 (a)) than other regions. One 

 

Fig. 16.7 Microstructure of a TRIP steel showing (a) the two crystallographically different 
phases austenite and ferrite. (b) The band contrast was used to identify bainitic or martensitic 
regions.  

 

Fig. 16.8 Misorientation of grain boundaries along a traverse within a bainitic/martensitic re-
gion (green grains). 
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possibility is to assume that all these low band contrast locations consist of bainite. 
(indicated in violet in Fig. 16.7 (b)). 

One problem is that the violet regions could also be martensite, because the 
structure of martensite is also highly strained, and consequently martensite also 
appears as ferrite with a lower band contrast in an EBSD map. To solve this prob-
lem often the misorientation of grain boundaries is taken into account.  

The austenite-ferrite phase transformation is characterised by special crystallo-
graphic orientation relationships, namely the Kurdjumov-Sachs correspondence 
and the Nishiyama-Wasserman correspondence. Both relationships are used to 
describe the orientation correlation between parent-austenite and daughter-ferrite. 
Misorientation angles typically are close to 0° or around 60°. These characteristic 
values are visible for ferritic grains present in a highly strained region (Fig. 16.8). 
However, the orientation relationships hold for martensite and bainite 

Another possible approach to identify bainitic or martensitic locations is to use 
Kernel local misorientation plots. Average misorientations are calculated between 
one point and all its direct neighbours. Strained locations such as bainite or mar-
tensite show high average misorientations (Fig. 16.9).  

16.3.4 Welds 

Producing acceptable welds in TRIP steels is often difficult, and sometimes im-
possible. For automotive applications the welding behaviour of the steel and the 
mechanical properties of the weld are very important. In order to understand weld-
ing problems, we analysed the microstructure around welds using XRD and 
EBSD. 

 

Fig. 16.9 Microstructure of a TRIP steel showing (a) austenite and ferrite phases. (b) Local 
misorientation was used to identify bainitic or martensitic regions. 
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Fig. 16.10 Data collection and processing procedure using an area sensitive detector during 
micro XRD-analysis (beam diameter 800 µm) of a welded TRIP steel.  

Failing of welds may be related to phase transformations occurring during the 
welding process. To investigate this, the variation of phase fractions has been 
studied across a weld using micro XRD (Fig. 16.10).  

 

Fig. 16.11 X-ray patterns recorded across the centre of a weld (0 mm) in TRIP steels along with 
identified phases. Enlarged inserts show the differences between the centre and the edge of the 
weld. 
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Using a beam diameter of 800 µm (Fig. 16.10), it is possible to measure varia-
tions in phase fractions between the centre of the weld, the heat-affected zone and 
the original TRIP steel. Figure 16.11 shows that the centre of weld contains less 
austenite compared to the unaffected TRIP material. Moreover, ferrite reflections 
close to the centre (0 mm in Fig. 16.10) are relatively broad compared to the re-
flections of ferrite located far away from the weld (2.4 mm in Fig. 16.10). The 
stressed lattice of martensite results in broader reflections. This indicates the pres-
ence of a higher fraction of martensite in the weld than in the TRIP steel. 

16.4 Characterisation of Nickel Plated Battery Steels 

Most of the sheet steel is coated or plated by various materials, e.g. Zinc or Nickel. 
Galvanised steels are used for the automotive industry. Nickel plating is used for 
battery cans to prevent corrosion. Characterisation of the Ni-plating and the corre-
sponding steel matrix is done for a better understanding of the corrosion behaviour 
of batteries. 

Phases in thin layers can be identified using the grazing incidence technique 
(Fig. 16.12). Using the conventional Bragg-Brentano geometry, the detection of 
phases in the coating is obscured by their relatively low concentration in the pene-
trated volume. It is possible to significantly increase the contribution of the top 
layer to the total diffracted intensity by keeping the incident beam angle ω small 
(Fig. 16.12 top right). To study platings or coatings the incident beam angle ω is 
fixed whereas the diffracted beam angle varies (Fig. 16.12 bottom).  

 

Fig. 16.12 Schematic sketch illustrating the relation between incident X-ray beam angle ω and 
irradiated volume (penetration volume). The contribution of the surface layer to the total dif-
fracted X-rays is clearly higher for lower incident beam angles. 
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Fig. 16.13 X-ray intensities as a function of 2Θ and incident beam angle. The first appearance 
of ferrite reflections corresponds to the thickness of the Ni-layer, (a) outside and (b) inside of the 
battery can. 

To measure the thickness of the Ni-layer, the penetration depth of the X-ray 
beam has been varied by using different incident beam angles (Fig. 16.13). For an 
incident beam angle of 1°, the penetration depth of CoKα-radiation is 0.8 µm, 
whereas for an incident beam angle of 8° the beam penetrates about 5.8 µm into 
the Ni-layer. The penetration depth, for which the first ferrite reflection appears, 
corresponds to the thickness of the Ni-layer (Fig. 16.13). Using this technique, 
thicknesses of 3.2 µm and 2.4 µm have been derived for the inside and the outside 
of the battery can, respectively. 

Using EBSD it is also possible to characterise the microstructure and texture of 
the Nickel plating. Possibly, the properties of the Ni-plating are related to the 
texture and grain characteristics of the steel substrate. 

Adequate sample preparation is a prerequisite to obtain sharp and high-contrast 
EBSD patterns, because of the very thin Ni-layer (1–3 µm). Generally, mechanical 
polishing and subsequent electro-polishing give suitable sample surfaces. There-
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fore, surface specimens have been prepared by only soft electro polishing. Follow-
ing this approach only a few µm of material has been removed and only the Ni-
structure has been detected in the surface layer. 

The inverse pole figure maps demonstrate that the steel substrates of all samples 
have a {111}-fibre texture (Fig. 16.14 left). The equiaxed grains visible in the first 
sample are a result of severe cold rolling and subsequent recrystallisation. The sec-
ond specimen shows an elongated grain structure; pancake formation due to interac-
tion of AlN precipitation during recrystallisation. The corresponding Ni-layers are 
composed of much smaller grains with a weak cube texture (Fig. 16.14 right). 

Grain size distributions have been calculated for the steel substrate and the corre-
sponding Ni-layers to determine possible relations between their microstructures 
(Fig. 16.15 top). The inverse pole figure maps (Fig. 16.14) give the impression that 
larger ferrite grains possibly trigger the formation of larger Ni-grains. This impres-
sion does not hold, when grain size distributions of all different samples are consid-
ered. There is at least one other sample (dark green curves in Fig. 16.15), where the 
steel substrate consists of significantly larger crystals, but where the Ni-grains are 
rather small. Orientation distribution functions show strong maxima along the 
γ-fibre for the steel substrate typical for recrystallised material. In the Ni-layers 
a weak cube texture has been developed that is characteristic for recrystallised FCC 
metals. There is no indication of a relation between the texture of the Fe-substrate 
and that of the Ni-plating. 

 

Fig. 16.14 Inverse pole figure maps of steel with different microstructures (full thickness 
transverse plane view) used for battery cans along with orientation maps of the corresponding 
Ni-plating (normal plane view). 
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Fig. 16.15 Grain size distributions for various steels and corresponding Ni-platings used for 
battery cans. For two samples (border colours correspond to curve colours at the top) the ODF 
plots of steel base and Ni-plating are shown. 

Grain boundary engineering become increasingly popular in recent years to im-
prove the corrosion properties of metals. For Nickel it is known that the amount of 
Σ3-bounderies shows a direct correlation with the corrosion resistance. Grain 
boundaries can be detected well using EBSD, and the amount of Σ3-boundaries 
can be easily derived (Fig. 16.16). Interestingly the proportion of Σ3-boundaries 
varies strongly between different materials. In the next step, the corrosion behav-
iour of the different Ni-platings will be studied to see whether large amounts of 
Σ3-boundaries improve the corrosion resistance of thin Ni-plating as well.  

16.5 In situ Real-Time Measurement Techniques 

Process related research is normally based on characterisation of samples taken 
before and after certain process steps. Generally, this approach is successful and 
often the only way to obtain reliable and suitable results. But occasionally, it is not 
possible to detect mechanisms responsible for textural and microstructural phe-
nomena, because they occur at high temperatures and are simply not quenchable. 
This lack of information may result in insufficient information about process pa-
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rameters or model constraints. Moreover, this experimental approach is often 
extremely time-consuming and very expensive, because large numbers of samples 
are required. 

Recently experimental techniques have been developed to analyse microstruc-
tures and textures in situ at high temperatures in real time. Recrystallisation of 
metals after rolling changes the texture completely. By high-temperature X-ray 
diffraction (HT-XRD) the texture change can be used to study the recrystallisation 
kinetics. The recrystallisation kinetics of hot-rolled aluminium have been derived 
using this technique (Melzer et al. 2004). Heating rates in this method are limited 
to 20°C/minute. Modern area-sensitive detectors and different types of heating 
stages (Fig. 16.17), allow heating rates of up to 200°C/minute,close to those ob-
tained in continuous annealing lines. So the recrystallisation of steel can be moni-
tored. The ferrite-austenite transformation also can be detected. Figure 16.18 
shows individual frames of diffraction patterns recorded during heating of a DP 
steel grade. The X-ray patterns demonstrate the change of the microstructure with 
increasing temperatures. At 500°C the recorded part of the Debye-Scherrer ring for 
ferrite (Fer (110) in Fig. 16.18 (a)) is a continuous line without any spottiness. At 
590°C the material starts to recrystallise and spots appear (Fig. 16.18 (b) and (c)) 
due to the growth of larger individual crystallites. Finally, the ferrite transforms 
into austenite (Fig. 16.13 (d) to (f)).  

 

Fig. 16.16 Grain boundary map for a typical Ni-plating (left) showing Σ3-bounderies. The 
amount of Σ3-bounderies significantly differs from sample to sample (right). 
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Fig. 16.17 Anton Paar 
Heating stage DHS1100 
mounted on a Bruker D8 
diffractometer equipped with 
an area-sensitive detector 
and an open Euler cradle,  
(a) open to mount sample 
and (b) closed with a graph-
ite dome to use an inert 
gas atmosphere. 

In order to quantify the results, the integral intensities for a specific reflection 
(e.g. Fer 110) have been calculated for the entire part of the Debye-Scherrer ring. 
Figure 16.19 shows the variation of these intensities as a result of increasing tem-
peratures. For ultra-low carbon steel the recrystallisation starts at 700°C (see in-
tensity drops for both the (110) and the (200) reflection of ferrite). Between 910°C 
and 920°C the ferrite transforms into austenite. This observation indicates that the 
temperature control at the hot stage is quite accurate.  

Dual phase steel recrystallises at lower temperatures. The intensity of the (110) 
reflection of ferrite decreases sharply. The (200)-reflection does not change, in 
contrast to ULC-steel. The transformation behaviour differs from that observed for 

 

Fig. 16.18 Frames recorded for DP steel. (a) 500°C; 0 min, (b) 590°C; 5 min, (c) 720°C; 
11.5 min, (d) 790°C; 15 min, (e) 870°C 19 min and (f) 930°C; 22 min. 
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ULC-steel. Firstly at 750°C, within a short range of about 10°C, ferrite located in 
perlitic areas transforms into austenite. Up to 820°C the relative fractions of ferrite 
and austenite remain constant. Above 820°C the rest of the ferrite continuously 
converts into austenite. 

From this data, it is possible not only to derive recrystallisation kinetics of dif-
ferent materials, but also to identify different mechanisms of microstructure de-
velopment in steel. 

16.6 Summary 

Within a modern steel research laboratory, diffraction techniques are quite unique 
and crucial to study microstructures and textures of steel products. Besides routine 
analyses, such as identification and quantification of phases, in situ methods to 
simulate processes such as continuous annealing are becoming ever more impor-
tant. We have demonstrated here, with several examples of work done at Corus 
RD&T, that EBSD and XRD deliver data that are required for process control and 
for the development of new steel qualities. Ongoing development is necessary to 
match the demands and challenges of future research. 
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Chapter 17  
Non-Contact Non-Destructive Measurement 
of Texture Using an Electro-Magnetic 
Acoustic Transducer (EMAT) Sensor 

C.L. Davis 

Abstract. The formability of sheet metals is strongly influenced by, and can be 
predicted from, crystallographic texture, and is generally assessed in terms of an 
r-value and/or n-value off-line from tensile test samples. There is interest in the 
development of a non-destructive, cheap and simple to operate system for texture 
assessment. Ultrasonic velocity is directly related to a material’s elastic modulus 
and metal single crystals can have significantly different elastic properties along 
their principal crystal axes. Hence, if a polycrystalline sample has preferred tex-
ture then variations in ultrasonic velocity with angle to the rolling direction are 
expected. In this work the ultrasonic velocity anisotropy, measured using a non-
contact electro-magnetic acoustic transducer (EMAT) system, with respect to 
sheet rolling direction was determined and compared to calculated elastic modulus 
anisotropy, using quantified texture components (from X-ray diffraction or EBSD 
and their known individual anisotropies), and mechanically measured modulus 
values, at 0°, 45° and 90° to the rolling direction, for aluminium and steel sheets. 
Predictions of elastic anisotropy based on surface texture determination, as charac-
terised by X-ray diffraction or surface EBSD, gave poor correlations with EMAT 
velocity anisotropy for aluminium sheets that contained significant through thick-
ness texture variations, however, accounting for this using multiple EBSD scans 
through thickness gave good correlations. For steel it was found that the EMAT 
velocity anisotropy matched the measured modulus variation with angle, with 
differences between samples with different textures (as-rolled and heat treated 
conditions) being observed. However the predicted modulus variation did not 
show much difference between samples, resulting in some discrepancies with the 
EMAT velocity and measured modulus values. Results from this work, and data 
from the literature, suggest that monitoring the recrystallisation process in alumin-
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ium using an EMAT sensor is much more straight forward than for steel due to 
aluminium showing greater differences in elastic modulus, and hence ultrasonic 
velocity, anisotropy between the as-rolled and recrystallised textures. 

17.1 Introduction 

Metal single crystals can have significantly different elastic properties along their 
principal crystal axes, Table 17.1. Bunge [2] developed expressions for the anisot-
ropy in the modulus of elasticity of a crystal (described by direction cosines l, m 
and n), which are well described by Nye [2], and reported in detail by numerous 
other researchers [3, 4]. The variation in elastic modulus with angle for the major 
texture components seen in aluminium alloys and steels can then be calculated and 
are given in Figs. 17.1 and 17.2 respectively. 

From Figs. 17.1 and 17.2 it can be seen that the different texture components 
have significantly different elastic anisotropies. It can also be seen that mea-
surements of the elastic modulus at a limited number of angles with respect to 
the rolling direction, for example 0°, 45° and 90°, are likely to give a reasonable 
indication of the anisotropy in behaviour, however not all the textures would be 
distinguished, for example the {110} < 001 > and {110} < 1–1 2 > textures would 
not be fully described. For polycrystalline metals complex textures are seen, for 
aluminium the rolling textures are typically mixtures of Copper, S and Brass, 

 

Fig. 17.1 Variation in elastic modulus with angle (in degrees) for the major texture components 
seen in aluminium alloys. 
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whereas the annealing textures are typically mixtures of Cube, CubeND and Goss. 
In practice commercially produced aluminium sheet contains varying amounts of 
all six texture components. Analysis of steel sheets is more complex due to the 
larger number of texture components seen and the fact that strip often contains 
mixed rolling, recrystallisation and transformation textures. In addition Fig. 17.2 
indicates that the {111} texture components, which are highly desirable in deep 
drawing and interstitial free (IF) grades as they give high r-values, do not  
show any significant elastic anisotropy. However, it can be seen from the ODF 
presented in Fig. 17.3 that the associated rolling/transformation textures of 
{554} < –2–2 5 > and {332} < –1–1 3 >, which have similar elastic anisotropy to 
each other, and {112} < 1–1 0 >, {223} < 1–1 0 > and {113} < 1–1 0 >, which 
also have similar anisotropies (see Fig. 17.2), are very close in position to {111} 
< –1–1 2 > and {111} < 1–1 0 > respectively. Therefore steel strip with high 
r-values, and therefore high gamma fibre texture, would be expected to show 
significant elastic anisotropy. The {554} < –2–2 5 > texture is also purposefully 
introduced in thin sheet (particularly can-stock material) to reduce earring. 

It is well known that the ultrasonic velocity in a material is directly related to the 
material’s elastic modulus. Therefore ultrasonic velocity will vary with propaga-
tion direction through a single crystal and, if a polycrystalline metal sample has 
preferred texture (i.e. a preference of crystallographic orientations along, for ex-
ample, the rolling direction of a sheet) then variations in ultrasonic velocity with 

Table 17.1 Elastic modulus values (GPa) for single crystals along different directions [1]. 

 < 100 > < 110 > < 111 > 

Steel 125.0 210.5 272.7 
Aluminium  063.7 072.6 076.1 
Copper 066.7 130.3 191.1 

 

Fig. 17.2 Variation in elastic modulus, with angle (in degrees) to the rolling direction, for the 
major texture components seen in steels. 
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angle to the rolling direction are expected. The use of electro-magnetic acoustic 
transducer (EMAT) and laser systems has been reported in the literature for mea-
suring ultrasonic velocities in sheet metals for texture determination (e.g. predic-
tion of pole figures from ultrasonic data) and r-value prediction [6–10]. However, 
the methods often require empirical constants (that may vary with material grade) 
and the determined pole figures did not contain all the information seen in the cor-
responding X-ray pole figure. Agnew et al. showed that equal channel angle extru-
sion of copper samples resulted in a moderately strong deformation texture with 
peak intensities of 10 × random [11]. Predicted and measured longitudinal ultra-
sonic velocities showed reasonable agreement, whilst an anisotropy with respect to 
orientation based on the expected elastic modulus variation with angle was de-
tected, however only measurements at 0°, 45° and 90° were taken and no mechani-
cally measured elastic modulus values were presented. Sayers and Proudfoot re-
ported measured and predicted (from neutron diffraction texture) ultrasonic wave 
velocities with respect to angle for a range of face centred cubic sheet metals (alu-
minium, copper, stainless steel) and showed good agreement for propagation at 
0°, 45° and 90°, however at other angles they found beam skewing to affect results 
[12]. Artymowicz et al. predicted ultrasonic velocities for thin (< 0.3 mm) sheet 
steels with varying texture components (rolled and annealed) and found good 
agreement with measured EMAT values [13]. 

This paper presents an experimental quantification of texture in aluminium and 
steel sheets using electron backscattered diffraction and X-ray techniques, which 
is used to predict the elastic modulus anisotropy. These values are compared to 
mechanically measured elastic modulus values and measured ultrasonic (via 
EMAT) velocity variations with angle. It is worth noting that very few papers 
previously have reported mechanically measured elastic modulus values for com-
parison with the ultrasonic velocity anisotropy. A discussion on the potential for 
using an EMAT sensor to measure elastic anisotropy (and hence texture) in alu-
minium alloys compared to steels is also included. 

 

Fig. 17.3 ODF showing the position of the texture components commonly seen in rolled steels. 
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17.2 Materials and Experimental Method 

An EMAT-EMAT non-contact sensor system was used to measure the angular 
variation in ultrasonic velocity (S0 wave) for the metal sheets tested. The EMAT 
system consists of a single broadband transmit EMAT optimised to generate zero-
order symmetric Lamb waves, and one or two broadband receive EMATs opti-
mised to detect the same. Each EMAT consists of a single cylindrical neodymium 
iron boron magnet with pole orientation orthogonal to the plane of the sheet under 
test, as shown in Fig. 17.4. A number of turns of insulated wire are wrapped 
around each magnet (varying in wire diameter and coil width between the transmit 
and receive EMAT(s)). A broad band (temporally sharp) current pulse is passed 
through the wire coil of the transmit EMAT. The transient magnetic field set up by 
this pulse generates a reciprocal current in the metal sheet over which the EMAT 
is placed. This current exists in a superposition of both the transient magnetic field 
from the coil, and the permanent magnetic field from the magnet. Each of these 
fields exerts a force on the moving electrons, which is transmitted to the metal of 
the sheet as a whole as shown in Fig. 17.4. By configuring the coil and magnet 
directions to generate a dominantly in-plane force in the sheet, the transmit EMAT 
can be optimised to produce a symmetric Lamb wave which, for a current pulse 
centre frequency of approx. 200 kHz, is effectively entirely zero-order for the 
thicknesses of sheet considered (0.25–4 mm). Detection of the Lamb wave by the 
receive EMATs happens by a similar process in which the motion of the sheet 
(due to the ultrasonic wave) in the presence of the magnetic field causes eddy 
currents in the sheet which in turn induce current in the coil of the EMAT. The 
fact that the EMATs couple electromagnetically with the sheet under test means 
that they can be held at a standoff (typically 0.5 mm) above the sheet surface and 
rotated on an arm, as shown in Fig. 17.5. This allows a comprehensive measure-

Fig. 17.4 Operation of a simple 
transmit EMAT. 
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ment of the variation of Lamb wave velocity (and thus effective elastic modulus in 
the sheet) at all angles in the plane of the sheet.  

The average elastic modulus at a particular angle (from the rolling direction) 
was also estimated from the volume fraction of the texture components present 
( nTexV ) and their elastic moduli ( nE ) 

 = ∑
∑

nTex n
avg

nTex

V E
E

V_θ  (17.1) 

The materials examined in this study were commercially pure aluminium sup-
plied at varying thicknesses and temper conditions (annealed, half hard) and 
a 0.8 mm thick deep-drawing grade (DC04) steel in the cold rolled as-received 
(sample designated SG4) and heat-treated conditions (to provide varying texture 
components). The heat treatments were: 690°C for 4 hours and air-cooled (sample 
designated SG1 having a predominantly recrystallised texture), 950°C for 1 hour 
and air-cooled (sample designated SG2 having a transformation texture), and 
1140°C for 30 minutes and air-cooled (sample designated SG3 having a stronger 
transformation texture and larger grain size). The samples were prepared for opti-
cal metallography by sectioning, mounting in bakelite, grinding, polishing and 
etching. The texture pole figures were measured by an X-ray texture goniometer 
and the orientation distribution functions were calculated using Labotex software 
by the Bunge series expansion method. The texture of the aluminium sheets was 
also determined using through thickness or surface (for comparison) samples using 
a JEOL 7000 SEM system fitted with an Oxford Instruments INCA Crystal EBSD 
system. Texture quantification was carried out using an angular spread of 15° 
around the ideal texture angular position since the crystallographic orientations of 
grains in practice are rarely perfectly aligned to the ideal position. Any ‘remainder’ 

 

Fig. 17.5 Rotating assembly for measuring Lamb wave velocity as a function of angle in the 
plane of a sheet. 
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texture reflects the random crystallographic alignment of other grains (i.e. not close 
to the defined angles for the main texture components). A 15° angular spread was 
selected since it was found that a 5° spread was not particularly sensitive to texture 
variations and the 10° and 15° results did not show any significant differences in 
the ratios of texture components present for the steel samples [14] and gave better 
matching to the mechanically measured modulus values for the aluminium sam-
ples. Using an angular spread larger than 15° would result in significant overlap 
between the texture peaks during quantification. Mechanically measured elastic 
modulus values were determined at the National Physical Laboratory (NPL) using 
tensile samples conforming to standard ASTM E8 [ASTM E8 2003] with strain 
gauges bonded to both sides of the specimen to take bending into account and en-
sure a reliable modulus value. With the exception of the aluminium 2 mm thick 
sheet (fully annealed condition), which had a very low proportional limit and 
yielded almost immediately upon loading, a series of repeat loading-unloading 
tests were carried out and an average value of modulus calculated for each material 
and orientation. In most cases the test was repeated on a second sample. With the 
NPL setup, typical uncertainties of ~0.5% in the measured modulus could be ex-
pected for a homogeneous material, but the scatter was significantly larger than 
this, probably due to a combination of practical difficulties associated with the 
testing of thin sheet and variation within the materials themselves. 

17.3 Results and Discussion 

The predicted elastic modulus anisotropy (for quantified texture measurements), 
measured elastic modulus anisotropy and ultrasonic velocity anisotropy were com-
pared for several aluminium sheet samples. Whilst the ultrasonic wave velocity can 
be predicted from the texture components (using the orientation distribution coeffi-
cient, ODC, values), or the elastic modulus predicted from the ultrasonic velocity 
using well established relationships, e.g. [13, 15], in this work only a comparison of 
wave shape is carried out because the EMAT sensor was not calibrated for absolute 
velocity, which varied because of lift-off and residual stress differences between 
the sheets being tested. There are also some uncertainties about the exact Lamé 
constants to use for aluminium samples [16]. Therefore values of elastic modulus 
were not calculated from the velocities, but the trends in data with respect to angle 
from the rolling direction should still hold and these were assessed in this work.  

Initially elastic modulus values were predicted using the standard surface X-ray 
diffraction texture data, however it was found that some of the aluminium sheets 
analysed contained significant through thickness texture variations, which can form 
during hot rolling due to the shear-influenced deformation near surface changing to 
plane strain compression at the centre during the rolling process [17]. Subsequent 
cold rolling and annealing will not completely remove texture variations established 
during hot rolling. Additionally, cold rolling of aluminium alloys using different roll 
gap geometries has been shown to generate different texture gradients through thick-
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ness [18, 19]. Through thickness texture quantification can be carried out using neu-
tron diffraction or by using multiple X-ray or EBSD measurements on slices removed 
at varying thickness positions, or from through thickness samples. In this work 
through thickness EBSD scans were used to assess the through thickness texture. Re-
sults for a 3 mm thick aluminium sheet (supplied in the half-hard condition) are 
shown in Fig. 17.6, it can be seen that there are significant variations in the amount of 
Cube (recrystallisation) and S (rolling) type textures in particular through thickness, 

 

Fig. 17.6 (a) (111) and (200) X-ray pole figures for the surface (3 mm position in (c)) and 
centre of the sheets (b) EBSD scan from surface (left hand side) to centre showing variation in 
texture components, and (c) quantified through thickness texture components from EBSD mea-
surements for the 3 mm thick aluminium sheet. 
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which have very different elastic anisotropies, see Fig. 17.1. The average texture in 
the sheet was calculated and used for subsequent prediction of elastic modulus; this 
was found to give good agreement with the EMAT velocity anisotropy (the S0 wave 
travels through the bulk of the sample for thin sheets hence it is influenced by the av-
erage through thickness texture), Fig. 17.7. It can be seen from Fig. 17.7 that the sur-
face EBSD prediction and Labotex X-ray surface prediction are very similar, as 
would be expected as they are both quantifying the surface texture levels, and show 
a profile strongly influenced by the S texture anisotropy (see Fig. 17.1), whereas the 
average through thickness profile shows a much stronger influence of the Cube tex-
ture anisotropy. 

Further aluminium sheets were assessed using EBSD and EMATs and compared 
to mechanically measured elastic modulus values, determined from tensile tests. The 
results for a second 3 mm (called sheet 2, also in the half hard condition) and a 2 mm 
(annealed) sheet are given in Fig. 17.8. In each case the results are plotted as a devia-
tion from average as comparison is being made between three values on different 
axes (the mechanically determined and EBSD predicted modulus values are not 
equivalent as the EBSD modulus value depends on the angular spread used [14, 20]). 
Figure 17.8 clearly shows that the trend in variation in modulus with angle can be 
predicted well compared to the measured values, however the amount of variation is 
less than the mechanical measurements suggest. This may be explained for the EBSD 
predicted values in that the amount of texture quantified depends on the angular 
spread taken. An increase in angular spread increases the amount of texture quanti-
fied, and will therefore increase the amount of predicted modulus variation, however 
if too large an angular spread is taken then overlap between neighbouring textures is 

 

Fig. 17.7 Plot for the 3 mm half hard aluminium sheet showing similarity between the pre-
dicted modulus values from surface X-ray and surface EBSD texture quantification but poor 
agreement with the EMAT velocity profile. Good agreement between the through thickness 
EBSD modulus prediction and EMAT velocity with angle to the rolling direction on the sheet 
can be seen. 
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seen with a corresponding loss in accuracy. Results for velocity and predicted 
modulus anisotropy variation for a 1 mm sheet (in the as-rolled condition) are given 
in Fig. 17.9, which shows that there is little through thickness texture variation result-
ing in excellent agreement between the surface and through thickness predicted elas-
tic anisotropy, and good agreement to the velocity anisotropy. It can also be seen that 
the strong rolling texture present (high quantified values of S and brass texture com-
ponents) results in a large elastic modulus variation (approx 4 GPa compared to 
approx 1 GPa for the 3 mm half hard sheet). The shape of the anisotropy curves be-
tween 0° and 90° to the rolling direction (‘hill’ rather than ‘trough’) also indicates that 
the recrystallisation process, i.e. the reduction in rolling (S and brass) textures and 
increase in recrystallisation (Cube) texture, can be readily followed for aluminium 

 

Fig. 17.8 Comparison between EMAT velocity, EBSD predicted modulus and measured (from 
tensile samples) modulus values for (a) 3 mm (sheet 2) and (b) 2 mm aluminium sheets. 
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alloys because of the distinct curves produced. The differences in the elastic (and by 
inference the velocity anisotropy) curves for rolling and recrystallisation textures has 
also been observed in the literature, for example by Zeng et al. [21] and shown in 
Fig. 17.10. Thompson et al. has also observed a ‘trough’ shaped curve for the S0 ul-
trasonic wave using an as rolled nominally pure aluminium sheet [22]. 

Analysis of the steel sheets used in this study was more complex due to the larger 
number of texture components present and the close proximity of some of the ‘ideal’ 
texture angular positions, especially {111} < –1–1 2 >, {554} < –2–2 5 > and 
{332} < –1–1 3 > components, Fig. 17.3. Since steel sheets contain significantly 
more texture components than the eight given in Fig. 17.2, full analysis of the sheets 
was carried out, identifying 19 separate texture components. However, it was found 
that there was no significant difference in the predicted elastic modulus anisotropy 
when using the eight or nineteen texture components [14], despite the greater overlap 
in texture seen when using nineteen components. This is probably due to the fact that 

 

Fig. 17.9 (a) Through thickness EBSD texture quantification and (b) plot for the 1 mm as-
rolled sheet showing agreement between the predicted modulus values (based on surface X-ray 
texture quantification and through thickness EBSD texture quantification) and EMAT velocity 
profile with angle to the rolling direction on the sheet. 
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many of the additional texture components showed very similar anisotropy, as might 
be expected from the similarity in texture type, e.g. five additional {hkl} < 1–1 0 > 
textures were identified in the sheets, with four of them showing very similar an-
isotropy (the exception was {hk0} < 1–1 0 > where in-plane < 001 > is sampled) [14]. 
Since full quantification to nineteen texture components did not produce different 
elastic anisotropies only the 8 major textures are considered in the analysis below. 

 

Fig. 17.10 Elastic and shear modulus predicted from bulk average texture data determined by 
neutron diffraction (using the Voigt, Reuss and Hill methods represented by ----; -- --; - - - - 
respectively) and measured values (solid circles for elastic and open circles for shear modulus, 
determined by a resonance technique) for (a) recrystallised 8090 sample A, (b) unrecrystallised 
8090 C, (c) unrecrystallised 2090 sample E, d) recrystallised sample F. Graphs from Zeng et al. 
[21]. 
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The different heat treatments, used to create a range of texture types (as-rolled, re-
crystallised, transformation), resulted in visually similar X-ray pole figures (except 
for sheet SG2), with all showing relatively weak texture (maximum texture level 1.9 
seen for the as-rolled (SG4) sample compared to a maximum intensity of 2.6 for the 
3 mm aluminium sheet and 4.2. for the 1 mm aluminium sheet discussed earlier), 
Fig. 17.11. The LaboTex X-ray quantification of texture components, given in  
Table 17.2, using a 15° angular spread about the ideal texture position, suggests that 
the majority of grains show a preferred orientation despite the weakly textured pole 
figures; this is due to the overlap of texture components. Comparing the different 
textures present (as a percentage of the total defined texture, i.e. excluding the ‘re-
mainder’ texture), Table 17.3, indicates that the four steel sheets do not show that 
much difference in the texture components present, with the exception of the 
(001)[1–1 0] texture, which is significantly increased in the SG3 sheet. Therefore it is 
not surprising that the predicted elastic modulus anisotropies for the four sheets are 
very similar. The results for the predicted modulus anisotropy, the measured modulus 
and the velocity anisotropy are plotted in Fig. 17.12. It can be seen in Fig. 17.12 that 
the measured elastic modulus anisotropy is small (< 4% i.e. < 8 GPa) due to the com-
paratively weak texture of the samples (it should be noted that the anisotropy of single 
crystal iron is significantly greater than that of single crystal aluminium, where  
the measured elastic modulus anisotropy has been found to be less than 5% (< 4 GPa) 

 

Fig. 17.11 (110) X-ray pole figures for the deep drawing (DC04) as received steel sheet and the 
three heat-treated conditions. 
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with a stronger texture (X-ray maximum texture strength of 4.2 compared to this steel 
of 1.9) observed in the samples. However, even allowing for the above comments, the 
trends in measured elastic modulus anisotropy are well represented by the EMAT 
velocity data, with correlation between the angles at which maxima and minima ap-
pear in both data sets. The variation in predicted modulus value based on X-ray data 
shows similar trends to the measured modulus values, except for sheet SG1, however 
the deviations are greater than seen with the EMAT data. This is partially due to the 

 

Fig. 17.12 (a), (b) Comparison between EMAT velocity, X-ray predicted modulus and meas-
ured (from tensile samples) modulus values for the deep drawing (DC04) as received steel 
sheet SG4 (a) and the three heat-treated conditions (b) SG1 (690°C), (c) SG2 (750°C) and (d) 
SG3 (1140°C). 
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angular spread being used to determine the predicted modulus resulting in significant 
overlap and hence large quantified texture percentages, but also the X-ray data were 
taken from much smaller samples than either of the other measurements (the EMAT 
technique determines the velocity between a send and receive EMAT spaced by 
150 mm, comparable with the gauge length in the tensile test). The discrepancy ob-
served for sheet SG1 cannot presently be explained. It is possible that there is some 
texture variation through thickness in sheet SG1, which could occur if full recrystalli-
sation during the heat treatment was not achieved; this remains to be confirmed. It can 

 

Fig. 17.12 (c), (d) Comparison between EMAT velocity, X-ray predicted modulus and meas-
ured (from tensile samples) modulus values for the deep drawing (DC04) as received steel sheet 
SG4 (a) and the three heat-treated conditions (b) SG1 (690°C), (c) SG2 (750°C) and (d) SG3 
(1140°C). 
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Table 17.2 Quantified amounts (%) of the eight main texture components in the as received 
deep drawing (DC04) steel sheet and the three heat-treated samples. 

Texture Source of texture SG4 SG1 SG2 SG3 

(111)[1–2 1] Cold rolling, annealing 11.2 07.0 08.9 09.6 
(554)[–2–2 5] Cold rolling, annealing 10.9 07.2 09.1 09.7 
(332)[–1–1 3] Transformation 10.5 07.2 08.9 09.5 
(111)[1–1 0] Cold rolling, annealing 11.0 06.9 09.3 08.9 
(112)[1–1 0] Cold rolling 11.7 05.7 08.4 09.1 
(113)[1–1 0] Transformation 12.0 04.9 07.3 10.0 
(001)[1–1 0] Transformation 09.5 05.2 04.6 15.3 
(110)[001] Transformation 03.6 02.2 03.1 04.1 
Remainder  19.7 53.7 40.4 26.8 

be noted that as the strength of texture increased (e.g. SG4 compared to SG1-3) the 
discrepancy was reduced. 

The data presented for the DC04 as-rolled and heat treated sheets are similar to the 
results found by Artymowicz et al. for four cold rolled packaging steel samples [13]. 
X-ray ODF maps of the four sheet samples in Fig. 17.13 show that for the two differ-

 

Fig. 17.13 Sections through Euler space with φ2 = 45° for sheet materials (II ~ 45°) (a) steel 
A fully recrystallised 0.14 mm thick sheet, (b) steel A 70% recrystallised 0.17 mm thick sheet,  
(c) steel B cold-rolled 0.22 mm thick sheet and (d) steel B fully recrystallised 0.24 mm thick 
sheet: calculations were performed with Voigt, Hill, and Reuss approximations. Graphs from  
Artymowicz et al. [13]. 
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ent steel compositions examined (A and B, no details given) the fully recrystallised, 
partially recrystallised and cold rolled textures are very similar. This is reflected in 
the predicted (using the X-ray texture quantification and Christoffel’s equation) and 
measured (using an EMAT sensor) ultrasonic velocity anisotropy as shown in 
Fig. 17.14 [13]. It can be seen that the shape of the predicted and measured velocity 

 

Fig. 17.14 Calculated and experimental propagation velocities for S0 modes in specimens (a) 
steel A fully recrystallised 0.14 mm thick sheet, (b) steel A 70% recrystallised 0.17 mm thick 
sheet, (c) steel B cold-rolled 0.22 mm thick sheet and (d) steel B fully recrystallised 0.24 mm 
thick sheet: calculations were performed with Voigt, Hill, and Reuss approximations. Graphs 
from Artymowicz et al. [13]. 

Table 17.3 Texture component as a percentage of total defined texture (i.e. excluding ‘re-
mainder’ texture) in the as received deep drawing (DC04) steel sheet and the three heat-treated 
samples. 

Texture SG4 SG1 SG2 SG3 

(111)[1–2 1] 13.9 15.1 14.9 15.2 
(554)[–2–2 5] 13.6 15.6 15.3 15.3 
(332)[–1–1 3] 13.1 15.6 14.9 15.0 
(111)[1–1 0] 13.7 14.9 15.6 14.1 
(112)[1–1 0] 14.6 12.3 14.1 14.4 
(113)[1–1 0] 14.9 10.6 12.2 15.8 
(001)[1–1 0] 11.8 11.2 07.7 24.2 
(110)[001] 04.5 04.8 05.2 06.5 
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anisotropy is extremely similar to the elastic modulus anisotropy predicted from the 
X-ray texture of the DC04 sheets, and the EMAT measurements (except sheet SG1). 
It is interesting to note that there is no obvious change in shape of the curves following 
partial or full recrystallisation for the two steel chemistries examined. Artymowicz 
et al. suggest that annealing of the thin sheet steels could be monitored using the 
change in absolute velocity at the 90° to the rolling direction position (compare 
Fig. 17.14 (c) and (d)). However, extreme care would be required in any industrial 
application since changes in steel chemistry could affect the results obtained, as 
would any changes in lift off during testing. 

It is also worth noting that the ultrasonic velocities reflect the elastic modulus 
variation that exists in the material but, in theory, this elastic modulus variation can be 
generated by different texture component combinations in the material. For example 
in aluminium the CubeND single crystal elastic modulus profile is very similar to the 
‘S’ single crystal elastic modulus profile, see Fig. 17.1, although the former is a re-
crystallisation texture and the latter a rolling texture, and they have very different pole 
figures, Fig. 17.15. Other combinations of texture components in aluminium can give 
the same elastic modulus variation, although a difference in absolute value (which 
may not be detected if the sensor is not calibrated to absolute values, or experiences 
measurement error due to lift off variation). For example Fig. 17.16 shows how com-
bined Cube and CubeND (recrystallisation textures) can give similar elastic modulus 
variation as combined ‘S’ and Brass (rolling textures) in aluminium. A similar situa-
tion can occur in steel; Fig. 17.17 shows how combined {110} < 001 > with 
{112} < 1–1 0 > gives a similar profile to {332} < –1–1 3 >, although these textures 
would have unique (200) pole figures, Fig. 17.15. Obviously the exact texture com-
binations described are unlikely and any industrially produced metal sheet will have  
a complex set of texture components, but this analysis does indicate that whilst 
EMAT (and other ultrasonic techniques) can show elastic modulus anisotropy,  
deconvolution of these signals to texture components is not possible unless the  

 

Fig. 17.15 (200) pole figures for the single textures seen in cubic metals [ref. 23, with CubeND 
added in this analysis]. 
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approximate texture levels/types are already known. For example Hoddinott and 
Davies, working with iron and niobium cold rolled to 95%, related elastic modulus 
values, determined using the transverse resonant-vibration method, to varying 
fractions of texture components assuming that only a combination of four defor-
mation textures ({100} < 011 >, {112} < 110 >, {111} < 110 > and {111} < 112 >) 
were present [24]. This problem in determining texture components may also 
cause potential errors in extending any ultrasonic analysis to considering r-value 
determination. 

In summary it can be seen that recrystallisation of rolled aluminium sheet, with 
the associated change in texture from predominantly S and Brass types, to pre-

 

Fig. 17.16 Combined aluminium textures Cube (12%) {100} < 001 > and CubeND (38%) 
{100} < 0–11 > with remaining background to produce a similar profile to S (25%) {123} < 63–4 > 
and Brass (25%) {110} < 1–12 > with background. 

 

Fig. 17.17 Combined steel textures {110} < 001 > (25%) with {112} < 1–1 0 > (5%) and back-
ground (70%) gives a similar profile as {332} < –1–1 3 > (50%) with remaining background. 
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dominantly Cube, can be monitored using EMAT sensors due to the significant 
change in elastic modulus anisotropy, and hence velocity anisotropy, with angle to 
the rolling direction. Changes in texture due to recrystallisation and transformation 
in steel are more complex and do not necessarily result in significant differences in 
elastic modulus or ultrasonic velocity anisotropy curves.  

 

17.4 Conclusions 

X-ray diffraction, with associated texture quantification software (Labotex), and/or 
EBSD (INCA) quantification was used to determine the texture levels in nominally 
pure aluminium in the half hard or annealed conditions, and as-rolled and heat 
treated steel sheets. The quantified texture levels were used to predict the elastic 
modulus anisotropy with angle to the rolling direction. This predicted elastic 
modulus anisotropy was compared to measured elastic modulus values at 0°, 45° 
and 90° to the rolling direction and to the ultrasonic velocity anisotropy, measured 
using an EMAT sensor. The main conclusions of the work are as follows: 

• For aluminium sheets containing through thickness texture variations surface 
X-ray diffraction determined texture, and hence elastic modulus anisotropy, did 
not agree well with through thickness EBSD elastic modulus anisotropy or 
EMAT velocity anisotropy. Through thickness EBSD texture determination 
gave good agreement with the EMAT results. 

• The recrystallisation process can be easily followed using an EMAT sensor for 
aluminium sheets due to the distinct differences in the velocity anisotropy 
curve shapes for rolled and recrystallised textures. 

• Velocity anisotropy showed reasonable good agreement with the variation in 
mechanically measured modulus values for the steel sheets. Agreement was 
less good with the predicted (from X-ray diffraction texture quantification) 
modulus anisotropy. 

• Recrystallisation is more difficult to monitor in steel sheets, compared to alu-
minium sheets, due to the smaller differences in the velocity anisotropy curves. 

• Similar elastic modulus anisotropy has been shown to be possible from differ-
ent texture combinations. Whilst these different textures can be distinguished 
using X-ray diffraction or EBSD quantification they would not be identifiable 
from ultrasonic measurements. 
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Chapter 18  
Texture Transition in Steel ST37K, in situ 
Measurement at High Temperatures 
Using High-Energy X-rays 

H.-G. Brokmeier, S.B. Yi, and J. Homeyer 

Abstract. High energy X-rays are well known due to there high penetration 
power particular in materials testing devices. For diffraction experiments high 
energy X-rays with more than 50 keV can be obtained at storage rings or using 
a tungsten X-ray tube. According to the high penetration power, these beamlines 
offer a very high photon flux and an excellent brilliance. That means measure-
ments can be carried out fast. As an example, the complete texture measurement at 
one position of a steel shaft with 34 mm in diameter has taken 45 minutes non-
destructively. On the other hand the high photon flux allows to measure foils or 
thin wires down to 50–100 µm. These new and fast options make it possible to 
measure in situ textures under tension, compression and at high temperatures. We 
have used 100 keV X-ray to measure the texture transition as well as the phase 
transition in a steel sample. The experiments were done at the high energy beam-
line BW5 (Hasylab at Desy/Hamburg). 100 keV X-rays have a wavelength of 
0.1240 Å which means due to the Bragg’s law very low scattering angles. Using 
a MAR345 image plate detector one obtains a set of complete Debye-Scherrer 
cones in a 2θ-range of 7° in about 1 sec. At room temperature we found 100% 
ferrite. During heating up till the austenite region we were able to investigate the 
thermal expansion and the texture relation between ferrite and austenite, which 
follows in our case the Kurdjumov-Sachs model. Furthermore, the program pack-
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age MAUD offers the possibility to follow the phase transition, so that the compo-
sition at all temperatures can be documented during heating. It has to be pointed 
out that the texture influence on the quantitative phase analysis can be included by 
MAUD, so that even for strong crystallographic textures the relation fer-
rite/austenite can be given very well.  

18.1 Synchrotron Radiation 

In materials science high energy X-rays are long-time restricted to material test-
ing. Standard material testing devices operate from 120 keV to 450 keV due to 
their application field for non-destructive testing (NDT), such as failure analysis in 
pipelines, quality control in wheel rims and many other technical products. Typi-
cal diffraction experiments for phase, texture and strain analysis were carried out 
by conventional X-ray equipments using Cu-, Co or Cr-tubes with much lower 
X-ray energies. Firstly, the development of synchrotron storage rings opens the 
field of diffraction for high energy X-rays, which ranges from about 50 keV up to 
450 keV [1, 2, 3]. 

One main advantage of high energy X-rays is the penetration power. Fig-
ure 18.1 shows the penetration length into some metals (Mg, Al, Ti and Fe) in the 
range up to 250 keV. The penetration length is given in cm for a loss of 50% of the 
primary beam intensity. The two marked lines present on one hand Cu Kα X-rays 
with 9 keV as X-ray tube voltage (1.5418 Å) and on the other hand our mainly 
used synchrotron wavelength of 0.124 Å wavelength with 100 keV. In the case of 
200 keV X-rays the penetration length is in the same order as for thermal neutrons, 
which are well known in materials science applications (texture and strain analy-
ses) as high penetrating radiation. [4, 5]. 

In comparison with laboratory scale X-ray devices a storage ring has a much 
higher photon flux. But to get an optimized flux for the so called hard X-rays one 

Fig. 18.1 X-ray transmission 
of Fe, Ti, Al and Mg as func-
tion of the energy. 
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need special arrangements of the wiggler, which is realized recently at the new 
hard wiggler beamline HARWI-II of the GKSS Research Center Geesthacht 
GmbH at the Hasylab storage ring Doris, DESY-Hamburg (Germany). With BW5 
and Harwi-II two high energy X-ray beamlines are available at Hasylab/DESY 
Hamburg. 

According to the much higher flux of these synchrotron beamlines one gets 
a fantastic brilliance. High brilliance means an excellent parallel photon beam, so 
that only those grains are in reflections condition, which have the ideal orientation 
to the incoming beam. Even small misorientations of crystallites to the Bragg 
condition results in the fact that these crystallites cannot be seen, like single crys-
tal orientation determination.  

The combination of a high penetration power, a high photon flux and an excel-
lent brilliance offers new options for diffraction experiments in materials science 
applications. Firstly, a high photon flux results in a good counting statistics and 
short counting times [3]. Short counting times are the bases of time resolved in-
vestigations (recrystallization or phase transitions) and for in situ studies [6, 7, 8]. 
Secondly, the excellent brilliance combined with the high photon flux allows local 
measurements in the µm-scale [8]. Thirdly, the high penetration power on one 
hand and the high photon flux on the other hand made it possible to measure rather 
small samples such as wires or foils [9] but also relatively large samples of some 
cm in diameter such as a steel shaft. In Fig. 18.2 special sample holders including 

Fig. 18.2 Two exam-
ples of for successful 
synchrotron texture 
analysis, (a) Fe-foil 
of 10 µm thickness  
and (c) steel shaft 
of 34 mm thickness 
including two (110)  
pole figures (b) and (d). 
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a thin Fe-foil of 10 µm (Fig. 18.2 (a)) and a comparably heavy steel sample of 
34 mm thickness and 100 mm high (Fig. 18.2 (c)) are shown. Both samples were 
measured at the high energy beamline BW5 and evaluated by the iterative series 
expansion method for quantitative texture analysis. In both cases a beam cross 
section of 1 × 1 mm² was used. The recalculated (110) pole figures are presented in 
Fig. 18.2 (b) (Fe-foil) and in Fig. 18.2 (d) (steel shaft). 

18.1.1 Hard X-ray Instrumentation  

The beam path of a high energy synchrotron diffractometer is close to a conven-
tional pin whole device, which is long-time used by film techniques [10]. A sys-
tem of magnets called bending magnet, undulator or wiggler generates a synchro-
tron beam over a white range of energies between 1 keV up to 400 keV. Firstly 
a filter and secondly a monochromator are used to produce a high intense mono-
chromatic beam. Figure 18.3 (a) shows the beam path at BW5 including the mono-
chromator tank (yellow) and the sample stage with an Eulerian cradle. The heavy 
sample stage is able to carry different equipments such as furnaces, loading cells 
and so on. Following the pin-whole camera technique the monochromatic beam is 
guided by different diaphragms (D), which can be driven automatically to get 
a very precise beam cross section. The pin-whole technique in conventional X-ray 
diffractometry allows the transmission as well as the reflection method. According 
to the high penetration power of high-energy X-rays, the transmission method is 
preferred, as shown in Fig. 18.3 (b).  

Due to the high energy of about 100 keV the wavelength with 0.124 Å is short 
and consequently one can get a set of complete Debye-Scherrer cones on an area 
detector. In Fig. 18.4 (a) one can see the image plate picture of Fe-powder ob-
tained in 5 sec. using a MAR345 image plate detector. All Debye-Scherrer rings 
show random orientate grains with nearly identical intensities around the rings. 

 

Fig. 18.3 Beam path of a synchrotron diffractometer (a) BW5-instrument; (b) pin whole tech-
nique (D – diaphragms, R – Bragg-reflections on the detector, B – beam stop). 
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The sum-diffraction pattern calculated by integration along the rings is given in 
Fig. 18.4 (b) with (110) as dominating reflection. 

18.1.2 Texture Measurements by High Energy 
Synchrotron Radiation 

The working horse for texture measurements is still based on laboratory X-rays, 
which is described in many papers [11]. The principles of the pole figure mea-
surement using synchrotron radiation is very close to that of conventional X-rays 
with an X-ray tube. That means, the texture analysis using high energy X-rays 
with a two-dimensional position sensitive detector is firstly a step back to the early 
methods well known as film techniques [12, 13, 14] and secondly a big step for-
ward to combine a brilliant radiation source with modern detectors such as CCD-
cameras and image-plate detectors. Experiments recently carried out at Harwi-II 
(Hasylab@Desy) using a new MAR555 detector, take only 5–10 min for a com-
plete texture measurement.  

Two main differences exist between X-ray energies of 100 keV (λ = 0.124 Å) 
and of 9 keV (λ = 1.5418 Å). In both cases a set of complete Debye-Scherrer rings 
can be detected simultaneously by an area detector, depending on the sample to 
detector distance (see Fig. 18.4 (a)). The stereographic projection of one Debye-
Scherrer cone in the case of perpendicular transmission is shown in Fig. 18.5 (a). 
The circle in the stereographic projection is connected with the reflection angle 2θ 
and the radius of the projected circle in the ‘pole figure’ is 90°–θ.  

On one hand one can conclude that for very low θ-values only an ω-rotation is 
necessary (Fig. 18.5 (b) and Fig. 18.5 (c)) but that on the other hand a blind area 
for higher θ-values exists (13). Moreover, due to the high penetration power of 

 

Fig. 18.4 Diffraction pattern of Fe-powder; (a) complete Debye-Scherrer rings on an area 
detector, (b) sum pattern after integration over the complete Debye-Scherrer rings. 
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synchrotron radiation one obtains complete pole figures in the case of round sam-
ples. The second advantage of 100 keV synchrotron radiation is also related to the 
low scattering angle because a low scattering angle needs only a comparable small 
opening angle of shielding and so on. In comparison with only one rotation axis 
this allows the construction of special loading cells and furnaces which are not 
available for conventional X-rays.  

The high brilliance of high energy synchrotron radiation yields to a very special 
pole figure window [15]. Due to the quantitative texture itself Δω has to be cho-

 

Fig. 18.5 (a) Pole figure with the projection of one Debye-Scherrer ring with θ = 17.4°  
(b) sample table with only one ω-rotation table (c) projection of the Debye-Scherrer ring for 
different ω-rotations. 
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sen, so that the texture sharpness has to be reproduced correctly. The nearly paral-
lel synchrotron beam allows the investigation of very sharp textures if ω is scan-
ned in small steps (Δω = 1° or less). Another point of interest is that for low sym-
metric textures ω must be scanned from –90° till +90°. A typical beam size is 
between 1 mm × 1 mm and 1 mm × 4 mm, which is comparably small to neutron 
diffraction the favoured method for global texture measurements. In the case of 
round samples, see Fig. 18.2 (c), one need in single phase materials no materials 
dependent corrections. For other sample shapes (rectangular sheets, semi finished 
products) corrections for absorption and constant volume has to be carried out. 

As already pointed out synchrotron radiation is much more intense than con-
ventional X-rays and therefore the total counting can be much lower. Thus time 
resolved in situ texture measurements are possible, such as in situ investigations of 
texture evolutions under tensile load [16], compressive load [17] or high tempera-
tures [18]. 

18.2 High Temperature Measurements by High-Energy 
Synchrotron Radiation 

Due to the high photon intensity of synchrotron radiation fast in situ measure-
ments can be carried restricted mainly by the read-out time of the detector and the 
heating rate of the furnace. Moreover, the high penetration power allows the 
transmission of furnace wall and heating shield without any problems.  

18.2.1 Sample Description and Experimental Conditions 

The investigated test sample was a steel ST37 K with a chemical composition of 
0.10C, 0.01Si, 0.72Mn, 0.027P, 0.027S balanced Fe. For the synchrotron mea-
surement a stick of 5 × 5 mm² with a high of 10 mm was prepared. In addition 
neutron diffraction was performed to control the results of room temperature 
measurements. Therefore, a sample cube of 10 × 10 × 10 mm³ was prepared. 
A dome furnace (Fig. 18.6 ), constructed by Hasylab, was positioned on the omega 
table, see Fig. 18.5 (b).  

The couple of the dome furnace was SiO2-glas, so that for all sample rotations 
in omega and a wide range of sample tilt identical conditions exist. Heating was 
realized by a graphite foil heating system (Fig. 18.6 (b)). Graphite as a light ele-
ment has very high transmission for high-energy X-rays so that the graphite was 
not seen by the synchrotron radiation. The whole area under the graphite foil has 
nearly identical temperature. In the centre of the graphite foil the sample sheet was 
positioned. To control the temperature a thermocouple was fixed at the lower part 
of the sample, which is not in the beam. In Fig. 18.6 (c) one can see the furnace as 
central part of the instrumentation with the MAR345 area detector in the back. 
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The measurements were carried out with a primary slit system of 1 × 1 mm² and 
a wavelength of 0.124 Å (100 keV). 

The list of experiments include a texture measurement at room temperature, 
a measurement in the two phased region, texture measurements after cooling and 
phase analysis at different temperatures during heating and cooling. To verify the 
temperature a DTA analysis was included seeing the phase transition. The crosses 
show the measurement points of the in situ heating experiment with five points 
below the phase transition (bcc-phase), one point in the two phased region and two 
points in the fcc-phase region. 

 

Fig. 18.6 Dome furnace mounted at the high energy beamline BW5, Hasylab at Desy, Hamburg. 
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The phase analysis was carried out with single shots for each point with expo-
sure times of 15 and 7 sec. Due to the readout time of about 90 sec., some addi-
tional measurements in the two-phased region with constant temperature and the 
cooling cylcle, where we also take data, the whole experiment takes about 50 min. 
For quantitative texture analysis a set of individual measurements with Δω of 5° 
from ω = –90° till ω = +90° were done, which take much more time than the phase 
analysis. Therefor, the texture analysis was carried out at room temperature before 
and after heating and in the fcc-region. 

18.2.2 In situ High-Temperature Phase Analysis of ST37K 

In Fig. 18.8 one can see three typical image plate pictures for the different regions. 
Firstly, at room temperature the set of Debye-Scherrer rings (see Fig. 18.8 (a)) 
shows identical configuration as already explained for the powder spectra in 
Fig. 18.4 (a)., i.e. ferritic bcc. The main difference between the powder measure-
ment and the solid material is that the intensity distribution along the Debye-
Scherrer ring varies. This is an indication of preferred orientation in the sample. 
Secondly, in Fig. 18.8 (c) the measurement at 820°C is shown. All Debye-Scherrer 
rings are spotty, which results from an unsufficient grain statistics. That means, at 
820°C the material is much coarser. It can also bee seen that the positions of the 
Debye-Scherrer rings have changed. The diffraction pattern in Fig. 18.8 (c) repre-
sents now the finger print of the austenite phase with the hkl sequence (111), 
(200), (220), (311), (222).  

In Fig. 18.8 (b) an overlap of both diffraction pattern were obtained. On one 
hand bcc ferrite is observed which has spotty Debye-Scherrer rings. That means 
less ferrite grains in the scattered volume. This can be explained by two reactions, 
one is the decreasing volume fraction by partly phase transition to the fcc-phase 
and second is a grain growth. A soft grain growth was observed during heating 

Fig. 18.7 DTA of ST37 K 
including the measurement 
points of the in situ heating 
experiment. 
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from room temperature to 550°C. On the other hand one can see more or less good 
developed Debye-Scherrer rings of fcc austenite with sufficient grain statistics. 
Further heating to 750°C and 820°C result in grain growth of austenite grains that 
the Debye-Scherrer rings became spotty. It has to be noticed that the data analysis 
of two-phase steel is always influenced by the narrow Bragg-reflections of bcc 
(110) and fcc (111) as shown in Fig. 18.9. This picture is a zoom of a part of the 
complete Debye-Scherrer ring of Fig. 18.8 (b). In the case of the individual grains 
on the Debye-Scherrer ring the error bar of the lattice constant determination is 
much to high.  

The data evaluation for lattice constants, thermal expansion coefficient and 
volume fraction in the two-phased region was carried out by MAUD [19] a free 
software package for Rietveld analysis [20] and quantitative texture determination. 
In a first step detector corrections for precize center of the mage plate picture and 
a misalignment by little tilt and rotation must be done. Due to the sample to detec-
tor distance of 100 cm small errors in the detector position can influence the lattice 
constants determination in the Å-range. Next step is the calculate sum-diffraction 

Fig. 18.8 Diffraction 
pattern of ST37 K at room 
temperature, at 680°C and 
at 820°C. 

Fig. 18.9 Partly diffraction pattern of ST37 K 
at 680°C with narrow reflections of bcc (110) 
and fcc (111). 
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pattern to integrate over the whole Debye-Scherrer cone. A better grain statistics 
results and the influence of preferred orientation is minimized. A Rietveld refine-
ment varried out with MAUD results in the lattice constants and the linear thermal 
expansion coeffizient. The linear thermal expansion coefficient α was calculated 
by the following equation to 0.9 × 10–6 K–1. 

 α = l(T) – lo / lo – T = εtherm / T 

Lattice parameters for ferrite vary from 2.83135 Å at RT to 2.85076 Å at 
550°C, see Fig. 18.10. 

The composition of the sample at 680°C was investgate for phase analysis. 
A first shot was made directly after reaching the tempearture of 680°C and a sec-
ond measurement was carried out 5 min later. It results a ratio of 64.2% : 35.8% of 
ferrite : austenite for the first measurement, while after 5 min the austenite concen-
tration increases to a ratio of 57.5% : 42.5% (ferrite : austenite).  

18.2.3 In situ High-Temperature Texture Analysis of ST37K 

As already pointed out, texture analysis is much more time consuming than phase 
analysis. Nevertheless synchrotron measurements are comparably fast due to the 
reduced number of single measurement, see Fig. 18.5. In the case of triclinic sam-
ple symmetry one needs a scan with 37 measurements having a resolution in ω 
of 5°. Two methods can be used to extract the pole figure data from the area detec-
tor data. In both cases one has to define a set of sections as shown in Fig. 18.11. 
γ is the angle along the Debye-Scherrer ring and with Δγ the resolution in γ and 
the size of the section is defined. For our investigation we worked with Δγ = 5° 
and Δγ = 1°. Sectioning can be done for each Debye-Scherrer ring (pole figure) 
separatly as realized by program systems of Sangbong Yi [21] or Ulf Garbe [22]. 
Each section is given by 2θ, ω and γ and the averaged reflection intensity of the 

Fig. 18.10 Lattice 
constant of ferrite  
between room  
temperature  
and 550°C. 
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reflection hkl. A second possibility is to extract complete diffraction patterns for 
each section and to use a Rietveld refinement program like MAUD to obtain si-
multaneously all pole figures, which are included in the area detector data. The 
main difference is that Rietveld refinement needs the crystallographic data of the 
investigated material, while other programs work only with indexing the pole 
figures (hkl). In both cases a transformation has to be carried out to calculate the 
pole figure angles (α, β) from the reflection angle 2θ, the sample rotation angle ω 
and the section angle γ. A detailed description of the transformation was give by 
Bunge and Klein [23].  

Three texture measurements were carried out, at room temperature, at 820°C 
and at room temperature after cooling. A scanning routine with a set of 37 image 
plate pictures take between 60 min. 

Fig. 18.12 Ferrite 
pole figures measured 
at room temperature  
(counter levels 
1.0, 1.1, 1.2, 1.3 …). 

Fig. 18.11 Sectioning of an area detector 
measurement for quantitative texture analysis 
(Δγ = 5°). 
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Fig. 18.13 Austenite pole 
figures measured  
at 820°C (counter levels 
1.0, 1.1, 1.2, 1.3 …). 

The data transformation gave an equal angular set of values in α and β, such as 
a 5 × 5 matrix or a 5 × 1 matrix. Thereafter, the orientation distribution was calcu-
lated using the iterative series expansion method with a lmax = 22 as degree of 
series expansion. In Fig. 18.12 recalulated pole figure of ferrite measured at room 
temperature were shown. Mrd stands for multiple random. In the present case 
a weak texture was determined.  

18.3 Conclusion 

High-energy synchrotron radiation has many advantages over other technqiues 
such as conventional X-rays (CuKα) or neutron diffraction. For crystallograhic 
texture analyses a broad spectrum of applications is available to measure small 
samples and local textures on one side and comparbly large semi-finished products 
on the other side. One point of interest is the combination of a high photon flux, an 
excellent brilliance and a low wavelength which is favoured for in situ experi-
ments. Using an ST37 K sample in situ phase development, thermal expansion 
coefficient and texture transition has been demonstrated. The thermal expansion 
coefficient was caclulated to α = 0.9 × 10–6 K–1. Integration over complete Debye-
Scherrer ring allows the determination of volume fractions ferrite/austenite ratio in 
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about 60 sec. counting time with minimized texture influence. With a MAR345 
and a dome furnace one needs about 60 min. to obtain quantitave textur data. First 
test with a new detector system and less readout time have shown that 5 to 10 min 
is realistic for a complete texture measurement. In future, a more detailed in situ 
textur analysis is possible than demonstrated in this paper. For the present example 
we detect an α ⇔ γ transformation following the Kurdjumov-Sachs model. 

Acknowledgements This work has been funded by the German Ministry of Education and 
Research (BMBF) under the contract number 05KS1MCA/2. 

 

References 

[1] O.V. Mishin, E.M. Lauridsen, N.C. Krieger Lassen, G. Brückner, T. Tschentcher, B. Bay, 
D. Juul Jensen and H.F. Poulsen, J. Appl. Crys. 33, 2000, 364. 

[2] H.-R. Wenk and S. Grigull, J. Appl. Cryst. 36, 2003, 1040. 
[3] H.J. Bunge, Adv. X-ray Analysis 47, 2004, 359. 
[4] H.-G. Brokmeier and Sang Bong Yi, In: W. Reimers, A. Pyzalla, A. Schreyer, H. Clemens 

(eds.), Neutrons and Synchrotron Radiation in Engineering Materials Science, Wiley VCH 
Verlag, Weinheim, 2008 in press. 

[5] H.-G. Brokmeier, Physica B: Condensed Matter 385–386, Part 1, 2006, 623. 
[6] H.-G. Brokmeier: In: Advanced Materials 2005 eds: M. Farooque, S.A. Rizvi, J.A. Mirza 

KRL Rawalpindi Pakistan, 2007, 292. 
[7] H.-G. Brokmeier, S.B. Yi, B. Schwebke and J. Homeyer, Z. Kristallographie, Supl. 26, 

2007. 
[8] D. Juul Jensen, E.M. Lauridsen, L- Marulies, H.F. Poulsen, S. Schmidt, H.O. Sørensen and 

G.B.M. Vaughan, Materials Today 9, 2006, 18. 
[9] H.-G. Brokmeier, B.Weiss, S.B. Yi, W. Ye, K.D. Liss and T. Lippmann, Mater. Sci. Forum 

495–497, 2005, 131. 
[10] B.D. Cullity, Elements of X-ray diffraction, Addison Wesley, 1978. 
[11] H.- F. Kocks, C. Tome, H. R. Wenk, Texture and Anisotropy, Cambridge University Press 

1998. 
[12] J.F.H. Clusters: Philips Techn. Rundschau Vol. 7 (1942) 
[13] G. Wassermann and J. Grewen: Texturen Metallischer Werkstoffe, Springer Verlag Berlin 

1962. 
[14] H. R. Wenk; Schweiz. Min. Petr. Mitt. 46, 1966, 518. 
[15] K. Moras, A.H. Fischer, H. Klein and H.J. Bunge, J. Appl. Cryst. 33, 2000, 1162. 
[16] S.-B. Yi, C.H.J. Davis, H.-G. Brokmeier, R.E. Bolmaro, K.U. Kainer and J. Homeyer, Acta 

Mat. 54, 549–562, 2006 
[17] C.H.J. Davies, S.B. Yi , J. Bohlen, K.U. Kainer, H.-G. Brokmeier and J. Homeyer, Materi-

als Science Forum 495–497, 2005, 1633. 
[18] Sangbong Yi, H.-G. Brokmeier, J. Homeyer, Materials Science Forum 561–565, 2007, 183. 
[19] L. Lutteroti, http://www.ing.unitn.it/~maud/  
[20] H.M. Rietveld, J. Appl. Cryst. 2, 1969, 65. 
[21] Sangbong Yi, PhD Theses TU Clausthal 2005 
[22] Ulf Garbe private communication 
[23] H.J. Bunge and H. Klein, Z. Metallkunde 87, 1996, 465. 
[24] Z. Nishiyama, Martensitic Transformation, Academic Press, New York, 1978 



18 Texture Transition in Steel ST37K, in-situ Measurement at High Temperatures 321 

 

Heinz-Guenter Brokmeier 
Professor 
Institute of Materials Science and Engineering 
Technical University Clausthal 
Clausthal Agricolastr. 6 
38678 Clausthal-Zellerfeld 
Germany 
 

 
 



 

 



 

Part V 
Texture and Microstructure Development 

During Special Processes and Materials 

 



 

 



325 A. Haldar, S. Suwas, and D. Bhattacharjee (eds.), Microstructure and Texture in Steels, 
© Springer 2009 

Chapter 19  
Ultra-fine Grain Materials 
by Severe Plastic Deformation: 
Application to Steels 

Satyam Suwas, Ayan Bhowmik, and Somjeet Biswas 

Dedicated to Prof. Ranjit Kumar Ray for his invaluable 
teaching and guidance to the scientific community working 

on texture of materials 

Abstract. Severe plastic deformation techniques are known to produce grain 
sizes up to submicron level. This leads to conventional Hall-Petch strengthening 
of the as-processed materials. In addition, the microstructures of severe plastic 
deformation processed materials are characterized by relatively lower dislocation 
density compared to the conventionally processed materials subjected to the same 
amount of strain. These two aspects taken together lead to many important attri-
butes. Some examples are ultra-high yield and fracture strengths, superplastic 
formability at lower temperatures and higher strain rates, superior wear resistance, 
improved high cycle fatigue life. Since these processes are associated with large 
amount of strain, depending on the strain path, characteristic crystallographic 
textures develop. In the present paper, a detailed account of underlying mecha-
nisms during SPD has been discussed and processing-microstructure-texture-
property relationship has been presented with reference to a few varieties of steels 
that have been investigated till date. 

19.1 Introduction 

Grain size strengthening is one of the fewer methods where one can expect im-
provement in strength as well as ductility [1–4]. In view of this, ultra-fine grained 
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materials have generated a lot of interest. Materials with ultra fine grain size offer 
ultra high yield and fracture strength, superior formability even at lower tempera-
ture and higher strain rates as well as better wear resistance. In this context, it is in 
place to define the term ‘ultra-fine’ grain size. According to Prangnell et al. [5, 6], 
a grain size aggregate having an average spacing of high angle grain boundaries 
(misorientation angle greater than 15°) less than 1 μm in all orientations are known 
as ultra-fine grained materials. Typically, the grain size within ultra-fine grain 
materials varies from 100–1000 nm and the ratio of high angle grain boundaries to 
the total boundary area in the material greater than 70%. The strength of such 
materials is derived from the Hall-Petch relationship,  

 σy = σo + k dg
–1/2 

[7, 8] as shown in Fig. 19.1, however with a reduced value of the hardening coef-
ficient, k, where σy represents the yield stress, σo, the friction stress and dg, the 
diameter representative of the grain size. 

In the recent past, coupled with the spurt in activities on nanostructured materi-
als, a number of methods have been employed to obtain ultra-fine/nanometer scale 
grain sizes in bulk materials. These processes include grain refinement by adding 
various elements during solidification that act as grain refiners, mechanical work-
ing involving phase transformation, mechanical milling followed by consolidation, 
pulse electro-deposition, and recently developed severe plastic deformation tech-
niques [10–13]. However, of all the processes, severe plastic deformation (SPD) 
possess certain convincing advantage, overcoming a number of difficulties associ-
ated with residual porosity in compacted samples, impurities from ball-milling, 
addition of costly alloying elements during solidification, processing of large-scale 
billets and complexities of thermo-mechanical treatments. With large deformation 
during rolling or drawing resulting in highly elongated grains with sub-structure 
having low angle grain boundaries, the substructures formed from SPD are gener-
ally equiaxed, at least after several passes, bounded by high angle boundaries, in 
majority. 

Fig. 19.1 The variation of  
Hall-Petch relationship with  
varying range of grain size. 
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19.2 General Characteristics of Severe Plastic Deformation 

Severe Plastic Deformation refers to a class of mechanical deformation process 
that imparts very large plastic strain in materials [14–16, 18]. These processes are 
generally carried out at low temperatures and under high pressure [17, 19–21] to 
avoid any restoration processes like recovery to set in the materials; however, in 
many cases it cannot be completely avoided. Refinement of grains to produce 
ultra-fine grain microstructure has been found to accumulate strains ~ 4 or more. 
Thus, the basic requirement of grain refinement by SPD is a very large increase in 
grain boundary area. This can either occur by extension of pre-existing boundaries 
which results from boundaries extending in proportion to the strain [22] or by 
generation of new high angle grain boundaries (HAGB) by grain sub-division, 
which is a consequence of crystallographic nature of plastic deformation [23]. 
This stage is followed by mechanisms leading to sub-grain rotation. Hence, the 
underlying principles of grain refinement involves: i) increase the dislocation 
density by heavily deforming the materials, ii) formation of ordered arrangement 
of dislocation walls, and iii) transformation of those dislocation walls into grain 
boundaries [5, 6, 24–26]. 

The mechanism of grain refinement during SPD is now universally accepted. 
The first stage of deformation involves subdivision of grains by arrangement of 
trapped glide dislocations into cell boundaries [5, 6, 23, 27–29, 31], leading to de-
formation banding. The misorientation between deformation bands increases as the 
deformation proceeds leading to a tendency of rotation towards one of the nearest 
stable orientations. This decides the texture for a given deformation mode. If orien-
tations diverge greatly, new boundaries with high angle misorientations can be 
formed. The interaction amongst the grains as well as other heterogeneities may 
lead to strain gradients by local variation. Subdivision of grains occurs first at larg-
est length scale, that is, within primary deformation bands. As the strain increases, 
it gradually perpetuated to the next available level (cell blocks or microband 
boundaries). In addition to these well-known mechanisms, a few additional factors 
may also play an important role in the deformation processes. For example, at high 
strains, flow softening can lead to concentrated slip occurring in shear bands. This 
may cause the rotation of material within a shear band leading to the creation of 
additional HAGBs. In addition, changes in strain path may also contribute to the 
process of grain refinement, by promoting shear banding and disrupting directions 
deformation structure. Alloys in which slip is restricted may develop high misori-
entation boundaries by twinning under the action of imposed deformation.  

The mechanisms leading to grain refinement at various intermediate strains  
of SPD has been elaborated by Humphreys et al. [30, 32] (Fig. 19.2 (a)–(d)). At low 
von Mises strain (εvm < 2), original grains split into zones of varying misorientations 
by the classical deformation banding. On increasing the strain (εvm >3.5), the 
misorientations between the cell blocks increase and they get aligned along the 
direction of shear leading to the formation of ‘lamellae’-like structures. At moderate 
strains (εvm ≈ 4.5), the average spacing of lamellar boundaries (grain width) slowly 
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Fig. 19.2 Mechanism 
of formation of submicron 
grains with different 
levels of strains, namely, 
(a) Initial grain structure, 
(b) Subgrains and grain 
subdivision, (c) Align-
ment of high angle grain 
boundaries (HAGBs),  
(d) Ribbon grain structure 
[30]. 

decreases to the dimension of a subgrain. The resulting deformation structure 
consists of thin ribbons with high aspect ratio and variable length. This structure 
has high stability. At very high von Mises strains (εvm ≈ 6), these ribbons progres-

 

Fig. 19.3 Schematic representations of three severe plastic deformation processes namely  
(a) Equal Channel Angular Extrusion, (b) Accumulative Roll Bonding.
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sively break up into shorter segments, eventually giving rise to a homogenous sub-
micron grain structure. 

In spite of the fact that during the process of SPD, dislocations get generated and 
absorbed at the grain boundaries, ultimately leading to HAGBs, the microstructure 
are characterized by a high density of non-equilibrium grain boundaries [33–35]. 
The two main features of such boundaries are: (a) excess grain boundary energy 
and (b) the presence of long range elastic stresses resulting from discontinuous 
distortion of an otherwise crystallographically ordered structured grain boundary.  

Of all the SPD processes, Equal Channel Angular Extrusion (ECAE) [36–45] 
and Accumulative Roll Bonding (ARB) [51–58] and are the most experimented 
ones. The schematic representations of these processes have been given in 
Fig. 19.3 (a) and (b). In addition to the above processes, a few other methods of 
SPD process that have been tested include – High Pressure Torsion (HPT) [46–50], 
Repetitive Corrugation and Straightening (RCS) [59–62], Conshearing Process 
[63], Continuous Confined Strip Shearing (C2S2) [64], and ECAP-Conform [65]. 
However, due to complicated design and other constraints they have not been so 
actively pursued. 

19.2.1 Equal Channel Angular Extrusion 

Amongst the SPD processes, ECAE has received maximum attention because it 
provides an easy means to produce an ultra-fine grain size in bulk material with 
improved mechanical properties [66–73]. In this process, large strains can be given 
without changing sample dimension significantly resulting in a refined microstruc-
ture and a characteristic texture. As it can be seen in Fig. 19.3 (a), in the ECAE 
setup the inlet and the outlet channels of the die have the same cross-section and 
the material gets sheared through as it passes over a shear zone around the plane of 
intersection of the two channels of the die. The strain imparted along the pass de-
pends on the interchannel die angle as given equation 19.1, and for a 90° die the 
strain per pass is about 1.16 [44]. Using the geometry of the die (Fig. 19.3), the 
shear strain introduced per pass of ECAE can be calculated as follows: 

 α = π/2 – φ 

 b/a = tanα = cotφ 

 γ = 2b/a = 2a.cotφ/a = 2cotφ,  

where φ is the interchannel die angle and α is the angle subtended by the outer arc 
of the channel. The von Mises strain is given by  

 ε = γ /√3 = (2cotφ) /√3 (19.1) 

The three possible variations, namely routes A, B and C of the ECAE process are 
depicted in Fig. 19.4. In Route A, the sample from the previous pass is re-inserted 
into the die without any rotation about its longitudinal axis. In the case of route B, the 
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sample is rotated by 90° about the longitudinal axis after each pass. When the rota-
tion is in the same sense, either clockwise or anticlockwise (+ or –90°), it is called 
route Bc; on the other hand, when the sample rotated by alternating + and –90°, the 
route is named as BA. If during each subsequent pass, the rotation about the longitu-
dinal axis is 180°, it is termed route C. The shearing characteristic of each route and 
pass, considering a cubic element in the starting material, is shown in Fig. 19.4 [82].  

The evolution of grain shape during ECAE as a function of passes has been re-
ported in addition to the grain size. It reveals that an initial spherical grain of 
0.1 μm elongates to form an elliptical grain with major axis scaling to 0.45 μm 
after two passes (Fig. 19.5). The gradual change in the grain structure over multi-
ple passes of ECAE through a die with inter-channel die angle of 90° is presented 
in Table 19.1. An enormous increase in the aspect ratio of the grains accompanied 
by a decrease in the angle of inclination with respect to the extrusion direction 
could be easily visualized. 

(a) (b) (c) 

d ∼0.45mm d∼0.1mm d∼0.25mm 

 

Fig. 19.5 Schematic representation of the shape and size of a grain (a) initially, (b) after one 
pass, and (c) after two passes of ECAE following route A. ‘d’ represents the length of the major 
axis of the ellipse [73]. 

 

Fig. 19.4 Various possible routes of ECAE and schematic illustration of shearing after different 
passes [82]. 
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Table 19.1 Table showing comparison of the equivalent strain achieved in conventional roll-
ing, extrusion and ECAE processes. Here t0 represents the thickness of the initial plate during 
rolling process, D0 refers to the diameter of the starting billet for extrusion and D stands for the 
diameter of then final product obtained in all the three cases-conventional rolling, extrusion and 
ECAE. 

Equivalent reduction  
ratio 

Original plate  
thickness, t0 

Original billet  
diameter, D0 

Number  
of passes 

00003.2 00003.2D 001.8D 1 
00105.0 00105.0D 010.2D 4 
10100.0 10100.0D 100.0D 8 

Like most SPD processes, during ECAE, in general, the grains are refined as 
a result of subdivision due to activation of the slip systems which is a characteris-
tic of the crystal structure. In the second pass, slip direction is changed in accor-
dance with rotation of the sample between the two passes. It is to be mentioned 
here that all the routes of ECAE, including Route A, lead to change in strain path. 
This can be visualized in the schematic diagram given in Fig. 19.6. In this condi-
tion it is quite likely that other possible slip systems get activated in order to ac-
commodate further deformation. This leads to the development of misorientation 
gradients across the grains. Formation of dislocation cells or subgrains is facili-
tated by this process. By further ECAE passes, cell/subgrain boundaries become 
high angle boundaries. This could be either by the rotation of subgrain boundaries 
in order to achieve even shear strain distribution at all the boundaries or by the 
absorption of lattice dislocations in the pre-existing grain boundaries. 

A comparison between multi-pass ECAE and conventional rolling and extru-
sion, the two most popular metal working processes in Table 19.2, shows that 
strain induced after four pass of ECAE is equivalent to a reduction ratio of 105 in 
case of rolling and about 10 for extrusion. It is therefore, quite obvious that the 
strain level achieved after eight passes of ECAE is virtually beyond the scope of 
conventional processing techniques. 

in

First p  dnoceSssa pass

in out in out out 

 

Fig. 19.6 Schematic representation showing the change in strain path during subsequent passes 
of ECAE following route A. The dotted plane represents the shearing plane in the preceding pass. 
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Table 19.2 The variation of grain morphology with number of ECAE passes. 

Number of 
passes 

Von 
Mises 
strain 

Equivalent 
ratio of 
reduction 

Equivalent 
reduction of 
area (%) 

Angle of 
element 
inclination 
(degrees) 

Aspect 
ratio of 
element 

Element 
surface area 
ratio 

0 0.00 00000.0 00.00 00 001 1.0 
1 1.15 00003.2 69.00 22 005 1.4 
2 2.31 00010.2 90.00 13 017 2.0 
4 4.62 00105.0 99.00 07 065 3.4 
8 9.24 10100.0 99.99 03 257 6.0 

19.2.2 Accumulative Roll Bonding 

Another very important variant of SPD process is accumulative roll bonding 
(ARB). Figure 19.3 (b) illustrates the principle of ARB process. It is well known 
that rolling is the most important process for continuous production of bulk sheets; 
however, the total reduction in thickness, which corresponds to the total strain 
achieved, is limited because of decrease in strip thickness with increasing reduc-
tion [53, 58]. In ARB, the rolled material is cut, stacked to be equal to the initial 
thickness and rolled again. Therefore, the achieved strain is unlimited in this proc-
ess because one can repeat this process theoretically endlessly. In case of ARB, 
referring to Fig. 19.2 (b), when the reduction is 50% per cycle, thickness of the 
initial strip after `n´ cycles is given by 

 t = to/2n, 

where to is the initial thickness of the strips. The total reduction r, after n passes is 
given by 

 r = 1 – (t/to) = 1 – (1/2n) 

Assuming plane strain condition, the von Mises strain after n passes is calcu-
lated as 

 ε = {(2/√3) ln (1/2)}∗ n 

To achieve good bonding, surface of the adjoining sheets is treated by proc-
esses like degreasing and wire-brushing. The sheets are then stacked together. 
Rolling at elevated temperature is advantageous for joining the sheets, though too 
high temperature would induce restoration processes and reduce the accumulated 
strain. Therefore, it is crucial to optimize the process parameters. Generally, ARB 
process is carried out at moderate temperatures. 
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19.3 Severe Plastic Deformation Processes as Applied to Steels 

Steels are technologically one of the most important classes of materials that have 
shown itself worthy of a wide spectrum of engineering applications. Although 
numerous investigations have been carried out on tailoring the optimal microstruc-
ture-property relationship and many of them are quite successful, of late, special 
interests have generated to improve the mechanical properties by means of grain 
refinement as ultra-fine grained steels with relatively simpler compositions. Grain 
refined lean alloyed steels could be a potential alternative for High Strength Low 
Alloy (HSLA) steel. The drive to improve the properties of steel by means of grain 
refinement is due to the fact that it offers strengthening of the material along with 
improved toughness. In addition, lowering of ductile-brittle transition temperature 
is also an important driver for grain refinement. A comparison of the extent of 
grain refinement of ferrite possible for various conventional processing techniques 
like rolling shows that a final grain size of 1μm and 5 μm is obtained for conven-
tional hot rolling followed by air cooling plus controlled rolling with water cool-
ing respectively with an increase in the yield strength by about 80 MPa. However, 
on decreasing the grain size from 5 to 1 μm, there is an increase in yield strength 
by ~ 350 MPa alongside lowering of ductile-to-brittle transition temperature by 
about 200°C (–20°C to –200°C). On further reduction of grain size to 0.2 μm, 
there is an increase in yield strength by ~ 680 MPa takes place leading to a resul-
tant yield strength 1000 MPa even for steels having lean composition. 

The two most widely used methods to produce ultra fine grain (UFG) steels are 
advanced thermomechanical processing and severe plastic deformation. While the 
former ones involve continuous treatments involving phase transformations, the 
latter ones are discontinuous methods more suited for relatively softer materials. 
Of these two the major benefits derived out of refining grains by SPD means are 
high yield stress and excellent toughness at minimal alloying. This could lead to 
cost benefit as well as energy benefit by skipping complicated additional heat 
treatments like soft annealing, quenching and tempering. Another advantage could 
be an improved weldability of the resultant steels owing to the reduced required 
content of carbon and other alloying elements. Of all the SPD processes, ECAE 
and ARB are the two most common SPD processes that have been applied suc-
cessfully on steels. 

19.3.1 Equal Channel Angular Extrusion 

Low Carbon Steels: Equal Channel Angular Extrusion process has potential ap-
plication for rods and bars. The microstructure-property relationship has been 
quite extensively studied [83–88] for low carbon steels processed via. ECAE. Shin 
et al. [83] obtained sub-micron size equiaxed grains in low carbon ferrite-pearlite 
steels reaching a von Mises strain, εvm ~ 4. This steel exhibited UTS over 900 MPa 
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Fig. 19.7 Variation of tensile properties of low carbon steel as a function of ECAE passes [83]. 

and a reasonable ductility ≈ 10% at room temperature, Fig. 19.7. The fatigue proper-
ties of ultra fine grain low carbon steel processed through ECAE had shown degrada-
tion due to less tortuous path that the crack had to propagate through compared to its 
coarse grained counterpart, leading to a lower fatigue crack growth resistance [87].  

Fig. 19.8 Isotropic view of 
the die used to carry out the 
ECAE experiments [74]. 
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Dual-Phase Steels: ECAE of ferrite-martensite dual phase steel (0.15% C, 
0.25% Si, 1.06% Mn, < 0.01 % P, < 0.008% S, 0.003% N) was reported by Son et al. 
[89] up to four passes (ε ≈ 4) with subsequent intercritical annealing at 730°C for 
10 min followed by water quenching. The microstructure constituted of martensite 
islands of ~ 1 mm uniformly distributed throughout the UFG ferrite matrix without 
being confined to the former pearlite colonies. This may result from dissolution of 
carbon atoms from pearlite, cementite and their concurrent diffusion into UFG ferrite 
during ECAE, making the average carbon content reach the equilibrium content to 
form austenite during subsequent inter-critical annealing. The details of the micro-
structural features and the mechanical properties [89] are summarized in Table 19.3. 
There is a notable reduction in the size of both martensite islands as well as grain of 
ferrite matrix with the increase in the yield strength and elongation values. 

Interstitial-free steels: Interstitial-free (IF) steels constitute an important class 
of steels having carbon percentage as low as below 0.01. These steels are exten-
sively used in automotive industries for making car bodies owing to the high 
formability that they possess. In recent years, efforts have been made to improve 
the strength of these classes of steels by means of grain refinement mostly through 
SPD processes. Studies on the microstructural and texture evolution of IF steel 
during ECAE following various routes and passes have been reported by various 
authors [73, 75–81]. However, there is a lack of unanimity amongst these investi-
gators. For example, Kim et al. [73] reported that grain refinement during ECAE 
of IF steels is more rapid in route A than in route C. Li et al. [77, 79] conducted 
ECAE of IF steel up to eight passes for all the four routes A, BC, BA and C. It was 
found that the rate of grain refinement rate was highest in route C after two passes 
but in route BC after four passes.  

The present authors investigated ECAE of IF steel using the die shown in 
Fig. 19.8. The die has a design similar to that of a modified square die due to 
Mathieu et al. [74]. The extrusions were carried out at a temperature of about 300°C 
upto four passes using routes A and Bc .The microstructure obtained are shown in 
Fig. 19.9 in the form of inverse pole figure maps superimposed on pattern-quality 
maps obtained by electron back scatter diffraction (EBSD). It can be seen that grain 
sizes below 0.5 μm could be achieved. The grain size in both the routes got satu-
rated after second pass and remained almost constant till the fourth pass. 

Table 19.3 Table showing microstructural features and mechanical properties of coarse  
and UFG ferrite-martensite dual phase steel [89] where Vm is the martensite volume fraction;  
dm, martensite island size; df, ferrite grain size; σYS, yield strength; σTS, ultimate tensile strength; 
εu, true uniform strain and εf, the total engineering elongation. 

Microstructure Vm  
(%) 

dm  
(μm) 

df   
(μm) 

σYS  
(MPa) 

σTS  
(MPa) 

εu  
(%) 

εf  
(%) 

Coarse grain 22 9.8 19.4 510 843 9.8 13.5 
UFG 28 0.8 00.8 581 978 9.3 17.6 
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Fig. 19.9 Inverse Pole Figure map superimposed on pattern quality maps of (a) route A, pass 2, 
(b) route B, pass 2, (c) route A, pass 4, (d) route B, pass 4. 

19.3.1.1 Texture Development During ECAE of Steel 

It is well-known that texture development is an important attribute of ECAE process-
ing. A few researchers have studied textures of different grades of steels processed by 
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ECAE. The typical experimental textures that develops during ECAE are character-
ized by {110} < uvw >θ and {hkl} < 111 >θ, where θ stands for rotation about the TD- 
axis to transform the x-y (ED-ND) co-ordinate system into new x′-y′ co-ordinate 
system as shown in the Fig. 19.10, where x′and y′ corresponds to the macroscopic 
shear direction and the normal to the shear plane respectively. The ideal (110) pole 
figure after first pass, shown in the Fig. 19.11, represents that of a negative simple 
shear rotated by θ about the TD-axis [76, 78, 80]. Table 19.4 documents the position 
of the ideal orientations and fibers in a single pass of ECAE using a die having inter-
channel die angle of 90°, for bcc materials. 

Fig. 19.11 Ideal (110) pole 
figure after first pass of ECAE. 

 

Fig. 19.10 Schematic representation of the ECAE die. The x-y sample co-ordinate axes are 
related to the x′-y′ axes by rotation through angle, θ, about TD-axis. 
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A detailed study on texture evolution in ECAE processed IF steel were carried 
out by the present authors [92]. The experimental (110) pole figures are shown in 
Fig. 19.12. As expected, monoclinic sample symmetry with TD as the dyad axis is 
seen in the texture components developed in the case of route A. No such symme-
try is evident in the pole figure of route Bc processed material, which is due to the 
perpendicular rotation of the specimen about the longitudinal axis. The texture 
component present in the previous pass does not get aligned in symmetric position 
with respect to the deformation in the next pass. The experimental textures show 
the presence of {110}θ and < 111 >θ fibers which reflects the tendency of the crys-

 

Fig. 19.12 Experimental pole figures for (a) route A, and (b) route B. 
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tallographic slip planes and direction to rotate along the macroscopic shear plane 
and shear direction. As seen from the figure, the starting material almost had 
a typical shear type bcc texture. After the first pass, a decrease in the intensity of 
texture is observed. In route Bc, the intensity increased after the next pass and then 
monotonically decreases till the end of the fourth pass. However, no such trend is 
exhibited by samples processed through route A. 

19.3.2 Accumulative Roll Bonding 

As mentioned earlier, Accumulative Roll Bonding (ARB) is an efficient method 
for development of fabricating ultra-fine grained bulk materials in the form of flat 
products. Tsuji et al. have carried out ARB on interstitial- free (IF) steels at 500°C 
till upto 5 [91] and 7 [58] cycles. The von Mises strain per pass in his experiment 
was ~ 0.8. Starting from an initial grain size of ~ 20 μm. ARB processed materials 
are characterized by longitudinal ‘pancake’-like shape grains with dlength = 700 nm 
and dwidth = 210 nm in the first case, and dlength = 900 nm and dwidth = 200 nm in the 
latter case. Costa et al. [90] also obtained almost similar grain dimensions along the 
width, dwidth = 0.3 mm with IF steel rolled at 500°C upto three cycles. The authors 
of this paper also carried out some ARB of IF steel [93]. In this study, it was noted 
that well elongated grains formed at the center of the sheet while the grains are less 
elongated at the subsurface region where the grains are more refined. It was also 
noted that an inherent heterogeneity of texture prevailed along the thickness of the 
roll bonded strip. At the surface, a shear type texture forms which was expected to 
be due to the shear strain developed on the surface due to high friction generated 
between the strip surface and the rolls. At the center, however, typical rolling tex-
ture formed. 
 

19.4 Summary and Perspective 

It was understood that severe plastic deformation is a useful method for grain 
refinement in bulk metallic materials. The capability of the process is well under-
stood with reference to FCC metals and alloys. However, there is a lot to under-
stand with regards to the extent of grain refinement and the stability of the grain 
structure as well as the implication of the refined grains on different properties. 
There has been relatively a fewer studies on severe plastic deformation of steels, 
therefore a lot of work is needed. Although, ECAE is the most popular and well 
investigated SPD technique, the potential for scaling up this process is yet to be 
explained. The other SPD processes, for example, accumulative roll bonding 
shows a great potential for being an industrially viable process. However, the 
important attributes like microstructural and texture development and benefits 
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from this process in terms of mechanical properties of ARB processed materials is 
not yet established. In nut-shell, there is an ample scope of study the issues per-
taining to SPD processes, both in steels as well as other materials. 
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Chapter 20  
Development of Texture from the HAZ 
to Weldmetal Across the Fusion Boundary 

Martin Strangwood and Claire Davis 

Abstract. The textures and grain sizes within the heat affected zone (HAZ) and 
weldmetal regions of single phase bcc (Fe-3 wt% Si; 430 stainless steel) and fcc 
(AA5182 and 5251) alloys in spot and metal inert gas (MIG) welds have been 
determined using electron back-scattered diffraction (EBSD); optical and scanning 
electron microscopy (SEM) techniques. In all the situations studied, the grains that 
developed into the columnar weldmetal grains from the HAZ had a misorientation 
of less than 10° between < 100 > and the maximum thermal gradient (∇Tmax). The 
initial weldmetal columnar grain width can be related to the HAZ grain diameter 
at the fusion boundary by a simple relationship involving the proportion of grains 
with the favourable low misorientation texture in weldmetal and HAZ. This rela-
tionship does not hold throughout the whole weldmetal region due to competitive 
growth between columnar grains (steel) and a columnar-to-equiaxed transition 
(CET; Al-based alloys). 

20.1 Introduction 

A number of models, both academic and commercial, exist for the thermo-me-
chanical conditions associated with various welding processes [1, 2]. These are  
supplemented by the models for the development of microstructures and properties 
through the heat affected zone (HAZ) and weldmetal. The foundations for these 
models are the mechanisms of recovery, recrystallisation, nucleation and growth  
of phases and precipitates, and the dependency of these on temperature and stress. 

__________________________________ 
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Phase Transformations and Microstructural Modelling Group, The University of Birmingham, 
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The models use a range of techniques in order to describe the different aspects of 
HAZ and weldmetal behaviour, and their accuracy tends to be greater when applied 
to ferrous systems, for which more extensive databases exist. 

The solid-state transformations within the HAZ altering aspects such as grain 
size [3, 4], phase fraction [5] and precipitate distributions [6–8], have been mod-
elled and verified against model and real alloy systems. In addition, the solid-state 
transformation within the weldmetal have also been addressed [9], although these 
aspects often require the solidification grain size to be assumed or used as an in-
put. Currently, this reduces the ability of models to predict weldmetal microstruc-
ture (and properties) without either the production of a trial weld or for a narrow 
range of conditions around a well-characterised weld structure. 

Weldmetal solidification by the epitaxial growth of solid on the melted-back 
HAZ grains has been established for many years [10]. It is expected that there will 
be a dependence of weldmetal grain width on the grain size in the coarse grained 
(CG) HAZ, but no quantitative relationship has yet been established. The high 
thermal gradients established through the solidifying weldmetal result in largely 
columnar grains and, for cubic metallic alloys, the development of columnar 
grains with small mismatches between < 100 > and maxT∇  so that the orientation 
of the CGHAZ grains will need to be considered as well as their size. Whilst the 
CGHAZ grain size and weldmetal grain width can be readily measured using 
appropriate etches and automated image analysis software, the traditional ap-
proach to texture determination, i.e. X-ray pole figures, has made the localised 
determination of texture across the fusion boundary far less easy. The develop-
ment of faster and more reliable electron back-scattered diffraction (EBSD) tech-
niques in scanning electron microscopes (SEMs) has opened up the possibility to 
determine local textures and so investigate relationships between HAZ and weld-
metal grain sizes and orientations across the fusion boundary. 

This paper will report initial studies into these relationships using single-phase 
ferrous and aluminium-based alloy systems. 

20.2 Experimental 

Single-phase bcc (ferritic stainless and electrical steel) and fcc alloys (two com-
mercial Al-Mg alloys), Table 20.1, have been used in the present work in order to 
reduce the effects of solid-state transformation on the solidification texture. Spe-
cifically 430 (1.2 mm thick), Fe-3 wt% Si (0.25 mm thick), 5251H34 (1.2 and 
2.0 mm thickness) and 5182 (1.5 mm thickness) sheets were used as typical non-
heat treatable alloys with different tempers.  

Initially, overlapping 1.2 mm thick 430 stainless steel and 0.25 mm thick Fe-3.5 
wt% Si were spot welded using 5 mm diameter copper electrodes, 7 kA current, 
clamping force of 3 kN and welding times between 0.2 and 0.5 s. 1.5 mm thick 
5182 sheets were spot welded using a 6 kN electrode force for 200 ms, a preheat 
current of 2 kA for 40 ms prior to welding at 27.5 kA for 80 ms followed by 200 ms 



20 Development of Texture from the HAZ to Weldmetal Across the Fusion Boundary 347 

hold before removal of the electrodes. The use of resistance spot welds with a sta-
tionary heat source allowed the grain structure and texture to be related to the varia-
tion in maxT∇ . Sheets of 2.0 mm thick 5251 measuring 450 mm × 150 mm, were 
welded with automated wire feed gas metal arc welding (MIG) perpendicular to the 
rolling direction of the work piece. Filler wire 5356 of 1.2 mm diameter was used. 
The welding parameter were 19.4 V, 116 A and a travel speed of 0.9 m/min. to give 
a heat input of 0.15 kJ/mm; argon gas shielding was used. 

After solidification the welds were sectioned through the sheet thickness across 
the weld nugget diameter/bead width. These sections were mounted in Struers 
Durofix and polished to a 0.4 μm OPA paste finish. Weldment dimensions were 
determined using Axiovision 4 software and an MRc5 digital camera. The speci-
mens were then examined in a Jeol 7000 operating at 20 kV and the grain orienta-
tions from basemetal through HAZ and across the nugget were mapped using 
INCA EBSD software at a spacing of 600 μm and count time of 0.2 s. The grain 
size variation longitudinally and through thickness in terms of length, breadth and 
area using KS400 software on a Zeiss Axioskop 2 microscope. 

20.3 Results and Discussion 

20.3.1 Fe-3 wt% Si Steel 

The Fe-3 wt% Si steel was an electrical grade, which had been rolled and annealed 
to produce a large grain size (mean value 0.5 mm) with a strong GOSS texture (up to 
40 × random in X-ray pole figures). The combination of large grain size and domi-
nant texture for a single-phase material meant that no HAZ variation was expected. 

Processing and heat treatment of the Fe-3 wt% Si steel sheet resulted in grains 
extending through thickness with dominant < 100 > along and within ± 20° of the 
rolling direction. The large grain size and high annealing temperature used meant 
that there was no significant change through the HAZ up to the fusion boundary. 
EBSD of the weldmetal and HAZ, Fig. 20.1, showed that the weldmetal was formed 
by extension of a suitably oriented grain directly across the weld nugget before any 
growth from the other side, which corresponded to a misorientation of 15–20° from 

maxT∇ . The growth rate was also fast enough to be complete before surface nuclea-
tion occurred.  

Table 20.1 Compositions (wt%) of sheet alloys used in this study. 

Alloy Composition 

Fe-3 wt % Si Fe-0.002 C-3.012 Si-0.068 Mn-0.001 S-0.017 Ni-0.019 Cr 
430 Stainless Steel Fe-0.12 C-1.0 Mn-1.0 Si-18.0 Cr-0.04 P-0.03 S 
AA5251 Al-1.72 Mg-0.37 Si-0.5 Fe-0.13 Mn-0.15 Cr-0.15 Cu-0.15 Zr 
AA5182 Al-4.52 Mg-0.07 Si-0.2 Fe-0.32 Mn-0.006 Cr-0.04 Cu 
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Fig. 20.1 Texture map of spot weld and adjacent unjoined sheets of Fe-3 wt% Si. 

20.3.2 430 Stainless Steel 

20.3.2.1 HAZ and Weldmetal Structure 

The Fe-3 wt% Si steel sheet is an extreme case of weldmetal solidification with 
very limited competition between HAZ grains, but shows that grains with suitably 
oriented < 100 > in the HAZ can dominate the weldmetal structure. The 430 
stainless steel sheet was pinch-rolled and offers a number of grains through thick-
ness, whose orientations vary from pre-dominantly {110}/{111} at the surfaces 
with a greater proportion of {100} towards the centre of the sheet, Fig. 20.2 (a). 
Overall, Fig. 20.2 (b), X-ray pole figures show a weak texture, quantified (with a 
12° spread) at 32% {110}, 10% {100} and 9% {111}.  

The finer grain size (average equivalent circle diameter of 55 μm) of the 430 
stainless steel sheet and stored energy from cold rolling resulted in recrystallisation 
and grain growth in the HAZ. Recovery is unlikely due to the rapid heating rates 

 

Fig. 20.2 (a) EBSD images of grains on the ND-RD plane; and (b) (110) X-ray pole figure of 
430 sheet. 
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experienced in spot welding. Under the electrodes there is increased driving force 
due to the pinch rolling pass applied, but the electrodes apply a clamping force dur-
ing welding, which can alter the grain growth behaviour in these regions and is 
manifested as a sinking in of the sheet surface. The recrystallisation results in an 
increase in {100} and {111} type grain orientations at the expense of {110}, 
Fig. 20.3. The recrystallisation and grain growth occurring through the HAZ deter-
mine the size and orientations of the grains at the fusion boundary (FB), from which 
the columnar weldmetal grains develop. As seen in Fig. 20.3, these columnar grains 
extend throughout the weld nugget from FB to the original sheet interface. The 
transformations taking place through the HAZ below the electrodes is therefore: 

 
{ } { } { }

{ } { } { } { }
→

→ ↑ ↓ → →

recrystallisation completed with grain growth

solidification

110 / 111 / 100

111 / 100 / 110 100
 

The overall fractions of each texture type varies as shown by EBSD quantification 
using image analysis, whilst detailed examination of the precise orientations of HAZ 
grains shows that the grains belong to the five specific types listed in Table 20.2. 
These ideal grain orientations will present < 100 > fast solidification directions at 
different angles to the rolling direction and so would be parallel to the maximum 
thermal gradient, ∇Tmax, at different positions around the diameter of a spot weld 
nugget. Sections through the diameter of the weld nugget will represent a 2-D section 

Table 20.2 430 stainless steel spot weld HAZ grain and angular positions from the rolling 
direction with minimum misorientations of < 100 > from ∇Tmax. 

Grain orientation Angle from rolling direction for minimum <100>:∇Tmax (°) 

{100}< 011  > 90.0 
{111}< 011  > 54.7 

{111}< 012 > 30.0° out of plane at 54.7 
{110}< 001 > 00.0 
{112}<110 > 15.0° out of plane at 90 

 

Fig. 20.3 EBSD map of textures in HAZ and weldmetal grains for spot weld in 430 stainless steel. 
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where ∇Tmax lies within the plane of the section. If this section is parallel to the rolling 
direction then ∇Tmax will be parallel to the rolling direction at the ends of the weld 
nugget, occurring at greater angles to the rolling direction until it is normal to the roll- 
ing direction between the electrodes. For this section, Table 20.2, {100}< 011 > 
should dominate the weldmetal grains between the electrodes where ∇Tmax is normal 
to the rolling direction. Beyond the edges of the electrodes the angle between ∇Tmax 
and the rolling direction decreases so that first {111}< 011  > grains become most 
favourable before {110}< 001 > becomes most favourable at the ends of the nugget. 
The {111}< 112  > grains have < 100 > misoriented too far out of the plane of ∇Tmax 
to be viable and are not expected to be observed within the weldmetal, although the 
smaller out-of-plane misorientation of {112}< 110  > means that some grains of this 
orientation may be observed between the electrodes. This is summarised schemati-
cally in Fig. 20.4 (a) along with the EBSD of a 430 stainless steel spot weld in 
Fig. 20.4 (b). From the images in Fig. 20.4 there is general agreement between the 
experimentally observed columnar weldmetal grain orientations and those predicted. 
Whilst qualitatively correct, this mapping does not give the deviations from these 
ideal orientations that can form the columnar weldmetal grains. 

 

Fig. 20.4 (a) Schematic diagram of grains expected to develop from HAZ into columnar weld-
metal grains; (b) EBSD map of basemetal, HAZ and weld nugget in 430 stainless steel spot weld. 
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20.3.2.2 Misorientation Criterion 

The higher resolution of EBSD compared with X-ray texture techniques allows the 
orientations of individual grains to be determined. Figure 20.5 shows a magnified 
image of the central nugget section shown in Fig. 20.4 (b), covering the complete 
range of ∇Tmax directions with respect to the rolling direction. This example image 
has a selection of weldmetal grains numbered (7–12), which represent grains that 
have continued through the weld nugget (8–11) and those that have been pinched-off 
(7 and 12). The precise grain orientations have been determined along with the direc-
tion of ∇Tmax with respect to the rolling direction at the fusion boundary, i.e. at the on-
set of columnar grain growth from the HAZ. From these results the minimum mis-
orientations between < 100 > and ∇Tmax have been determined and are presented in 
Table 20.3. 

The values in Table 20.3 show that grains with a minimum misorientation of < 10° 
between < 100 > and ∇Tmax are able to grow across the weld nugget, whereas those 
with higher values get pinched-off by adjacent faster growing grains. Table 20.3 is 

Table 20.3 Orientations of grains 7–12 from Fig. 20.5 along with the minimum misorientation 
of < 100 > from ∇Tmax. 

Grain 
number 

Grain orientation  
(with respect to rolling direction) 

Minimum misorientation  
between <100> and ∇Tmax 

Pinched-off? 

07 (632) 566⎡ ⎤⎣ ⎦  30.0 Yes 

08 (191) 712⎡ ⎤⎣ ⎦  08.9 No 

09 (3 214) 230⎡ ⎤⎣ ⎦  06.5 No 

10 (651) 106⎡ ⎤⎣ ⎦  09.0 No 

11 (1415) 1371⎡ ⎤⎣ ⎦  02.5 No 

12 (035) 453⎡ ⎤⎣ ⎦  30.0 Yes 

 

Fig. 20.5 Upper left hand quadrant of EBSD map of 430 stainless steel spot weld showing 
individual grains used for grain orientation studies; grain 12 is arrowed at bottom left. 
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a selection of the grains characterised in this way, but, for all the grains studied, 
a misorientation of < 10° was shown for columnar weldmetal grains that continued 
growing towards the original interface, whilst grains that were pinched-off had 
a misorientation greater than 10°. 

20.3.2.3 Grain Width 

The misorientation criterion established above indicates that the number of co-
lumnar weldmetal grains will be related to the number of HAZ grains with a fa-
vourable orientation. With a small range of misorientations (0–10°) that result in 
columnar grains then there is a dominant texture-type in the different regions 
(noted above) of the nugget. Between the electrodes, for example {100}-type 
textures dominate the columnar weldmetal grains. These grains develop from 
equiaxed HAZ grains, which show a narrow distribution of grain sizes so that it is 
expected that there is a relationship between the fractions of grains with the domi-
nant texture in HAZ and in the weldmetal and the grain sizes in these regions. This 
has been assessed using the texture-type volume fraction and grain widths between 
the electrodes, Fig. 20.6; the weldmetal grain width (b) has been predicted based 
on the HAZ grain size (a), and the volume fractions of {100}-oriented grains in 
the weldmetal (y) and HAZ (x) by: 

 −⎛ ⎞= × +⎜ ⎟
⎝ ⎠

y x
b a a

x
 

As shown in Table 20.4, the prediction is initially good (up to 300 μm from the 
FB), i.e. within experimental scatter, but under-predicts the width at greater depths 
(600 μm from the FB). From Figs. 20.5 and 20.6, this is due to continued lateral 
growth of the columnar grains away from the FB, by a mechanism that has not 

 

Fig. 20.6 Region between electrodes used for linear intercept grain width measurements in 430 
stainless steel spot weld nugget. 
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been identified yet, but when done would need to be incorporated into the simple 
predictive expression above. 

20.3.3 AA5182 Spot Weld 

As for the 430 stainless steel, recrystallisation and grain growth occurred within the 
HAZ of the AA5182 spot, which, being single phase fcc, gave grains with orienta-
tions of { }10 0 011 ; { }123 412 ; { }112 111 ; { }110 0 01 ; and { }110 112 . 
For the central section through the weld nugget where the 2-D nature of heat flow 
means that ∇Tmax lies in the plane of the section throughout, the first four textures 
give < 100 > in the plane or only 8° out of plane and so would satisfy the 10° misori-
entation criterion at some point around the FB. { }110 112 , however, has < 100 > 
at least 35° out of plane and so would not be expected to produce columnar weld-
metal grains that develop across the nugget. The expected grain orientations around 
the weld nugget are shown schematically in Fig. 20.7 (a), which is approximately 
the pattern shown by EBSD analysis of the real spot weld in Fig. 20.7 (b). Analysis 
of the minimum misorientations between < 100 > and ∇Tmax for the grains in 
Fig. 20.7 (b) confirms that the 10° criterion holds for this fcc example as it did for 
the bcc example in Sect. 3.2, Table 20.5. 

Table 20.5 Orientations of grains 1–8 from Fig. 20.7 (b) along with the minimum misorienta-
tion of < 100 > from ∇Tmax. 

Grain 
number 

Grain orientation  
(with respect to rolling direction) 

Minimum misorientation  
between <100> and ∇Tmax 

Pinched-off? 

1 (121) 214⎡ ⎤⎣ ⎦  03.5 No 

2 (1301) 1013⎡ ⎤⎣ ⎦  04.0 No 

3 (011) 111⎡ ⎤⎣ ⎦  45.0 Yes 

4 [ ](121) 101  45.0 Yes 

5 [ ](131) 127  08.0 No 

6 [ ](3 4 0) 001  25.0 Yes 

7 [ ](5 2 3) 161318  04.7 No 

8 [ ](015) 051  02.0 No 

Table 20.4 Measured texture fraction and predicted and measured grain sizes for the 430 
stainless steel spot weld between the electrodes. 

Distance from FB  
(μm) 

% of {100} Measured grain width  
(μm) 

Predicted grain width  
(μm) 

000 042 048 ± 12 – 
300 094 102 ± 26 100 
600 100 134 ± 41 114 
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Having confirmed the misorientation criterion, the equation above was applied 
to the texture proportions and grain widths on the central section between the 
electrodes, Table 20.6. As for the 430 stainless steel spot weld, the relationship 
held for columnar grain widths close to the FB (200 μm), but, further from the FB 
(300 μm), the proportion of {100} texture and grain width decrease. This is due to 
a columnar-to-equiaxed transition (CET), which is a second nucleation event that 
randomises texture and gives isotropic growth until impingement so that the grain 
size is governed by the nucleation rate rather than the HAZ structure. Examples of 
three nucleation events have been observed in the AA5182 spot weld, Fig. 20.8; 

Table 20.6 Measured texture fraction and predicted and measured grain sizes for the AA5182 
spot weld between the electrodes. 

Distance from FB  
(μm) 

% of {100} Measured grain width  
(μm) 

Predicted grain width  
(μm) 

000 28 19 ± 10 – 
200 61 37 ± 14 42 
300 58 26 ± 18 40 

 

Fig. 20.7 (a) Schematic diagram of grains expected to develop from HAZ into columnar weld-
metal grains; (b) EBSD map of basemetal, HAZ and weld nugget in AA5182 spot weld. 
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these are (i) stray grains detached from the HAZ/columnar structure; (ii) nuclea-
tion on high stability intermetallic (Fe-rich) particles introduced into the weldpool 
from the melted back basemetal; and detached dendrite arms from the columnar 
grains. These nucleation sites only become active once the G/R ratio has decreased 
to a suitable level, which is why the columnar weldmetal grains in this spot weld 
maintain a similar length around the nugget. Insufficient examples have yet been 
identified and characterised to quantify or even rank these three mechanisms in 
order of importance. A full description of the weldmetal grain size would require 
the CET mechanism(s) to be identified so that the equiaxed grain size as well as 
the columnar grain widths can be predicted. 

20.3.4 AA5251 MIG Weld 

20.3.4.1 Columnar Grains 

The characterisation of the spot welds has established the solidification behaviour 
for static heat sources and so the analysis was extended for a moving heat source, 
still in single phase material, using MIG welds in AA5251 sheet. Overall, 
Fig. 20.9, these exhibited many features similar to those seen in the AA5182 spot 
weld, namely recrystallisation and grain growth in the HAZ, columnar weldmetal 
grains with a preferred texture growing for a certain distance from the HAZ grains; 
and a CET when the G/R ratio becomes favourable. Although this is a moving 
source weld, the travel speed was such that ∇Tmax at the FB is at 80–85° to the 
welding direction, i.e. only 5–10° out of plane on transverse sections, Fig. 20.9 (b). 
The transverse section of this weld, Fig. 20.9 (a), shows that the columnar weld-
metal grains along the sheet centreline are dominated by {100}-type textures, as 
expected for the HAZ grain textures at the FB ({ }10 0 0 01  and { }110 0 01 , 
which both give < 100 > parallel to ∇Tmax along the sheet centreline). As for the 
spot weld nuggets outside the electrodes, the FB curves towards the surfaces of  
the sheet { }123 412 , then { }110 11 2  and finally { }112 111  become favour-

Fig. 20.8 Example of 
‘comet’ grain with head 
at CET and tail extend-
ing into equiaxed re-
gion of AA5182 spot 
weld. 
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able and develop into columnar grains. Individual grain analysis, taking into ac-
count the out-of-plane angle of ∇Tmax, confirms that grains with < 100 > misori-
ented by < 10° from ∇Tmax develop into columnar grains, whilst those at greater 
misorientations are pinched off at around 300 μm from the FB.  

The solidification front between the electrodes in the spot welds is planar and 
so there is no change interfacial area as the columnar grains grow. In the MIG 
weld the FB is curved and so a single grain, as it grows, would be expected to 
expand latterly due solely to geometric factors. The simple expression above relat-
ing grain size to {100} texture proportion has therefore to be modified to take the 
boundary curvature into account. If this is done then, for the columnar weldmetal 
grains, the agreement between predicted and measured grain widths is good, as 
illustrated for the weld centreline position in Table 20.7. 

Table 20.7 Measured texture fraction and predicted and measured grain sizes for the AA5251 
MIG weld at the weld centreline. 

Distance from FB  
(μm) 

% of {100} Measured grain width  
(μm) 

Predicted grain width  
(μm) 

000 40 43 ± 14 – 
300 47 58 ± 18 61 
600 56 83 ± 22 89 

 

Fig. 20.9 EBSD maps of HAZ and weldmetal regions of AA5251 MIG weld (a) transverse 
section and (b) plan view, showing example ∇Tmax. 
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20.3.4.2 CET 

As for the AA5182 spot weld there is a CET in the MIG weld at 900–1000 μm 
from the FB, which is associated with a randomising of the texture and an 
increase in grain size. This would suggest that the nucleation rate is lower in 
the MIG weld compared with the spot weld as the equiaxed grains in the MIG 
weld can grow to a larger size before impingement. The nucleation events ap-
pear to be similar in the spot and MIG welds. Secondary dendrite arm spacings 
(SDAS) have been measured and used to estimate local solidification rates, R, 
through the weld beads/nuggets, whilst SYSWELD has been used to model 
thermal profiles through the HAZ (verified by thermocouple measurements for 
the MIG weld). The thermal balance at the FB has been used to estimate the 
cooling rate, G, through the weld beads/nuggets. These values were used to 
construct the variation in G/R through the weld bead/nugget, e.g. Fig. 20.10. 
The G/R value at CET has then been determined for the Al-based alloy welds; 
30 for AA5251 MIG weld and 7.1 for AA5182 spot weld. At the corresponding 
position to the AA5182 CET in the 430 stainless steel weld G/R was 10.5, 
which suggests that formation of equiaxed grains is feasible, but that viable 
nucleation sites are absent. This would support the role of heterogeneous nu-
cleation on inclusions as the 430 stainless steel was very clean, but both Al-
based alloys contained significant numbers of large Fe- and Mn-rich intermetal-
lic particles, Table 20.8. 

 

Fig. 20.10 Variation of G/R with distance from the FB for the AA5251 MIG weld. 
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Table 20.8 Average basemetal particle dimensions, area % and range of values seen. 

Alloy  Area (μm2) Breadth (μm) Length (μm) Aspect ratio Area % 

Average 2.50 ± 00.71 1.22 ± 0.19 2.56 ± 00.34 0.52 ± 0.06 0.59 ± 0.22 5182 

Range 0.51 – 32.33 0.57 – 6.32 1.00 – 13.06 0.21 – 0.91 0.46 – 1.94 

Average 2.82 ± 00.99 1.04 ± 0.08 1.98 ± 00.15 0.56 ± 0.01 0.83 ± 0.17 5251 
Range 0.54 – 31.24 0.52 – 6.20 1.16 – 14.31 0.20 – 0.91 0.54 – 1.01 

20.4 Conclusions and Further Work 

The grain orientation work has identified a criterion for < 100 > : ∇Tmax of < 10° 
for HAZ grains at the FB to develop into weldmetal columnar grains. Grains with 
misorientations greater than this value were pinched off by more favourably ori-
ented grains. 

The width of the columnar weldmetal grains has been shown to be related to 
the HAZ grain size at the FB and the proportion of {100} texture in the HAZ and 
weldmetal. Hence, weldmetal grain width and texture could be predicted if that in 
the HAZ could be measured or predicted from basemetal recrystallisation and 
grain growth behaviour. 

These trends have been found for single phase bcc and fcc alloys for static (fcc 
and bcc) and moving (fcc) heat sources. The precise room temperature as-
solidified textures and grain sizes will vary for allotropic alloys, but the solidified 
grains can be dealt with using this analysis. 

Full quantification of weldmetal grain structures will need the mechanism of 
and parameters for CET to be defined, whilst the mechanism of lateral columnar 
grain growth also requires determination. 
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Chapter 21  
Evolution of Recrystallization Texture 
in AISI300 Series Austenitic Stainless Steels 
After Cold Rolling to Large Strain 

Sandip Ghosh Chowdhury, P. Sahu, B. Mahato, and P.K. De 

Abstract. The present paper deals with the evolution of texture in austenitic 
stainless steels during annealing after 95% cold rolling. After 95% cold rolling, 
the texture is mainly of the brass type {110} < 112 > along with a scatter towards 
the S orientation {123} < 634 > and Goss orientation {011} < 100 >. Weak evi-
dence of Cu component is observed at this high deformation level. During anneal-
ing, recovery is observed before any detectable recrystallization. After recrystalli-
zation, the overall texture intensity was weak; however, there are some discernible 
texture components. There was no existence of the brass component at this stage. 
Major components are centered on Goss orientation and Cu component 
{112} < 111 > as well as the BR component {236} < 385 >. Also, there are some 
few orientations which come up after recrystallization i.e. {142} < 2 –1 1 > and 
{012} < 221 >. With increase in annealing temperature the textural evolution 
shows emergence of weak texture with another new component i.e. {197} < 211 >. 
The evolution of texture was correlated with the deformation texture through twin 
chain reaction. 

21.1 Introduction 

Austenitic stainless steels are important technological material for nuclear power 
industry, pertrochemical and fertilizer industries. This grade of steels is different 
from other grades of this series due to addition of Mo (~ 2.5wt%). This addition of 
Mo is known to improve both corrosion resistance and hot deformation (creep) 
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behaviour. Mo in solid solution acts as a favourable element in reducing disloca-
tion mobility. This grade of steel has a high work-hardening and that results in 
excellent mechanical properties during deformation. High work-hardening is re-
lated to stacking fault energy (SFE) of the material and magnitude of SFE controls 
the ease of cross-slip and thus, different deformation mechanisms can be activated 
at different stages of deformation [1, 2]. 

Cold rolling textures of FCC materials are very much dependent on the compo-
sition and temperature of deformation. One of the major metallurgical parameters 
that govern the above two factors is SFE. In case of non-ferrous alloys, there are 
a lot of work on the effect of SFE on the development of texture and microstruc-
ture. However in comparison, not much work has been reported on steels. Most 
austenitic steels, such as austenitic stainless steels [3], high manganese Hadfield 
steels [4] and high manganese TWIP steels (Fe-30Mn-3Al-3Si) [5] have low to 
moderate SFE and therefore, tend to form extended stacking faults, deformation 
twins and planar dislocation structures. These different lattice defects strongly 
influence the stress-strain response and the evolution of the texture during cold 
rolling. 

The deformation textures formed by cold rolling in FCC metals can be catego-
rized into two groups: high SFE leads to a copper (or pure metal) type texture 
whereas lower SFE induces a brass (or alloy) type texture [6]. The texture transi-
tion from the copper type to the brass type is a very much controversial subject 
and various microscopic mechanisms have been put forward to account for the 
copper type (normal slip induced deformation) as well as for the brass type texture 
(mechanical twinning, shear banding).  

Recrystallization of deformed metallic materials is accomplished by the forma-
tion of new undeformed grains in the as-deformed microstructures – which is 
commonly denoted as ‘nucleation’ and their subsequent growth into the neigh-
bouring deformed matrix. These mechanisms are characterized by the formation 
and motion of high angle grain boundaries, recrystallization leads to a change in 
the crystallographic texture. While the rolling texture changes with decreasing 
stacking fault energy (SFE), the corresponding recrystallization textures usually 
change more drastically.  

In the present paper, an investigation has been made to study the textural evolu-
tion during cold rolling and recrystallization for medium-low materials. Two 300 
series steel, namely AISI 304L and AISI 316L have chosen for this purpose. The 
SFE of these materials are ~ 18 mJ/m2 for 304L and 64 mJ/m2 for 316L. Therefore, 
considering the SFE of the materials, it is aimed to investigate the evolution of 
recrystallization texture in these two materials with similar deformation texture.  

21.2 Experimental Procedure 

The chemical compositions of the materials in the hot rolled condition are given in 
Table 21.1. Samples were cut from the hot rolled and annealed plate, and cold 
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rolled at room temperature in a two high rolling mill unidirectionally under the 
lubrication of machine oil upto the final thickness of t = 0.4 mm (ε = 2.5). The heat 
treatment of the cold rolled samples had been carried out under isothermal anneal-
ing condition from 500 to 1000°C at an interval of 100°C. For each case, the sam-
ples were quenched in water after annealing. Temperature was maintained with an 
accuracy of ± 2°C in all cases.  

After annealing, texture analysis was performed at the normal direction (ND) 
(i.e. on the sheet plane) with Co-Kα radiation. Texture was measured on an area 
of 24 × 14 mm2 with a flat surface that had been prepared by mechanical polishing 
and grinding. From three incomplete pole figures (0° ≤ α ≤ 80°), i.e. {111}, {200} 
and {220} for 316L and {200}, {220} and {311} for 304L, ODFs were calculated 
after correction without imposing any restriction on symmetry, that is assuming 
triclinic sample symmetry by ADC method [7]. All the ODFs shown here are 
corrected for the elimination of ghost error. 

21.3 Results 

21.3.1 Deformation Texture 

21.3.1.1 316L 

The ODF of the hot rolled and annealed sample is shown in Fig. 21.1. There  
is a weak orientation scatter along the α-fiber. ODFs upto 40% cold reduc- 
tion showed the presence of Cu orientation {112} < 111 > and S orientation 
{123} < 634 > along with the brass component {110} < 112 > with a spread to-
wards the Goss orientation {011} < 100 > (Fig. 21.2 (a)). After 60% reduction, the 
Cu component diminishes whereas the brass component and the Goss component 
become stronger (Fig. 21.2 (b)). Also, at this stage, a scatter around the twin Cu 
orientation {554} < 225 > can be noted. ODF of the 95% cold rolled sample shows 
two major components: the brass orientation {110} < 112 > along with a scatter 
towards the Goss orientation {011} < 100 > and the S orientation {123} < 634 > 
(Fig. 21.2 (c)). Presence of the Cu component {112} < 111 > can also be seen with 
a little volume fraction. The overall texture can be represented as Brass-type tex-
ture. A key graph indicating the position of the texture components is represented 
in Fig. 21.2 (d) [8].  

Table 21.1 Chemical composition of austenitic stainless steel (wt.%). 

 C Si Mn Cr Ni Mo Fe 

AISI 304L 0.06 0.75 1.3 18.1 8.4 – Bal. 
AISI 316L 0.018 1.13 1.75 17.1 8.51 1.82 balance 
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Fig. 21.1 ODF of the hot rolled and annealed 
AISI 316L sample. 

 

 

Fig. 21.2 ODFs of samples after cold rolling (a) 40%, (b) 60%, (c) 95% and (d) ideal ODF. 
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To elucidate more into the textural evolution with the degree of cold reduction, 
various fibers are plotted and presented in Fig. 21.3. Figure 21.3 (a) representing 
α-fiber shows slow increase in the intensity of the Goss {011} < 100 > upto 90% 
reduction. After 60% reduction, the orientation near {110} < 112 > becomes promi-
nent and it becomes strongest after 90% reduction. The brass component is very 
much anisotropic with a scatter towards Goss. It can be seen that there is shift of the 
brass component from its ideal position at ϕ1 = 35°. The corresponding orientation 
changes can be visualized by plotting the densities of orientations with a com-
mon < 110 > transverse direction i.e. τ-fiber (Fig. 21.3 (b)). The Cu orientation, at 
ϕ = 35°, in this fiber shows a gradual decrease with the degree of cold reduction. 

 

Fig. 21.3 Fibers developed during rolling (a) α-fiber; (b) τ-fiber, (c) β-fiber and (d) {111} fiber. 
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The {111} < 112 > orientation which is a characteristic intermediate orientation lies 
at ϕ = 55° and can be seen after 40% cold reduction. The twin Cu orientation which 
lies at ϕ = 75° shows its prominence from 40% cold reduction onwards. The β-fiber 
plot shown in Fig. 21.3 (c) shows that the ratio of copper to brass components de-
creases drastically from 1:2 after 40% reduction to 1:4 after 90% reduction. The re-
duction in the intensity of the Cu orientation which initiates the formation of the 
brass-type texture is known to be caused by mechanical twinning by which copper 
orientation is transformed to a position near the Goss orientation [9]. This apparently 
contributes to the further increase of the Goss orientation. These new orientations as 
well as the orientations that develop due to twinning on further deformation lie out-
side the α and β tubes. They are situated on a so-called γ-fiber corresponding to 
< 111 > parallel ND and stretching along ϕ1 at ϕ = 55° and ϕ2 = 45° from 
{111} < 112 > (ϕ1 = 30°/90°) to {111} < 110 > (ϕ1 = 0°/60°) (Fig. 21.3 (d)). A close 
look on the {111} fiber shows presence of a weak fiber upto 60% cold reduction. 
Initially, the intensity along the fiber decreased quite a lot; however, after 90% reduc-
tion, some other orientation is formed i.e. {111} < 110 > along with the 
{111} < 112 >. From the τ-fiber it can be pointed out that Goss orientation increases 
with the degree of cold reduction. The formation of this Goss component coincides 
with the evolution of the {111} fiber at this deformation level. 

 

Fig. 21.4 ODF of 95% cold rolled AISI 304L steel. 
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21.3.1.2 304L 

ODF of the austenite phase after 95% cold rolling has been presented in Fig. 21.4. 
The major components are brass orientation {110} < 112 > along with a scatter 
towards the Goss orientation {011} < 100 > and the S orientation {123} < 634 >. 
The overall texture can be represented as Brass-type texture. 

21.3.2 Microstructure 

316L Samples after 20% cold rolling show inhomogeneous presence of slip 
bands in some of the grains. With the increase in rolling reduction, formation 
of bands is pronounced. After 90% reduction and onwards, the grains are elon-
gated to such an extent that it becomes a fibrous structure indicating extensive 
homogeneous deformation (Fig. 21.5 (a)). Figure 21.5 (b) and 21.5 (c) show 
presence of shear bands within this fibrous structure. The darkly etched shear 
bands signify localized non-homogenized deformation. The length of these 
bands remains within the level of grain scale in few cases. Extension of these 
bands over several grains can also be seen in few cases (marked with arrow in 
Fig. 21.5 (c)).  

Deformation after 40% cold reduction shows accumulation of dislocations in 
the form of bands. It might be the beginning of the formation of lamellar struc-
ture. After 60% deformation, proficiency of twinning increases (Fig. 21.6). Twin-
ning as primary deformation mechanism leads to nanoscale layered structures, 
because of the small thickness of the twins (~ 100 nm). At large strains it is diffi-
cult to observed the active deformation mechanisms in the grains because of the 
elongation and the fragmentation of the grains.  

 

Fig. 21.5 (a), (b) (a) Lamellar structure after 95% cold rolling; (b) formation of copper-type 
shear bands within grains.
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Fig. 21.5 (c) Formation of brass-type shear bands across the grains. 

Fig. 21.6 Formation 
of twins after 95% cold 
rolling. 
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21.3.3 Recrystallization 

21.3.3.1 316L 

ODFs of samples annealed isothermally at various temperatures are presented in 
Fig. 21.7. In comparison to the cold rolled state, there is not much change in the tex-
ture components even after annealing at 700°C (Fig. 21.7 (a)). The rolling texture is 
retained as annealing texture. The intensity of the texture components is also similar 
in nature. Evolution of new texture components is observed only after annealing at 
800°C (Fig. 21.7 (b)). There is a drastic change in the evolution of textural compo-
nents at this stage along with the drop in the overall intensity of the texture (nearly 
half compared to that of the previous). There is no existence of the brass component 
and S component at this stage. Major components are centered around Goss orienta-
tion and ideal Cu component {4 4 11} < 11 11 8 > as well as the BR component 
{236} < 385 > at ϕ1, ϕ, ϕ2 ≡ 80°, 31°, 35°, the typical recrystallization texture com-
ponent observed in materials with low SFE. Also, there are intensity maxima at vari-
ous few points in the ODF: one orientation at ϕ1, ϕ, ϕ2 ≡ 35°, 68°, 15° which is 
equivalent to {142} < 2 –1 1 >. In addition to those components, there are other com-
ponents i.e. ~ {011} < 2 –2 1 > and {213} < –1 –1 1 > at ϕ1, ϕ, ϕ2 ≡ 80°, 34°, 65° 
which are little deviated from the ideal texture components. The orientation 
{011} < 2 –2 1 > is the P orientation which is related to the S orientation through 
a 40° < 111 > relationship. {142} < 2 –1 1 > or ~ {114} < 211 > component is the first 
order twin of Goss orientation. Such orientations have also been described as minor-
ity components in the recrystallization textures of other Cu alloys, especially in Cu 
alloys with medium contents of Zn, Al or Ge [10, 11–16]. Later with increase in an-
nealing temperature, the sharpness of these orientations increases relatively; how-
ever, the overall texture intensity remains same. These components can be seen in 
Fig. 21.7 (c), which is the ODF of the sample annealed at 1000°C for 1 hr. In this 
figure, apart from the other orientations, there is a component ~ {197} < 211 > at 
ϕ1, ϕ, ϕ2 ≡ 20°, 45°, 80°. Therefore, with increase in annealing temperature, the tex-
tural evolution shows emergence of weak texture with a few new components. 

To elucidate more about the emergence of new textural components during iso-
thermal annealing, fibers are plotted in Fig. 21.8. α-fiber presented in Fig. 21.8 (a) 
shows strengthening of the brass component after annealing at 700°C. This might be 
due to recovery of the deformed structure, which in turn reduces the scatter around the 
ideal component at these orientated regions. After annealing at 800°C, there is disap-
pearance of brass component after recrystallization and a gradual decrease in the 
intensity of Goss component. It can be better represented as Bs/G component after 
annealing at 800°C. τ-fiber plot (Fig. 21.8 (b)) shows some unusual changes. Com-
ponent {4 4 11} < 11 11 8 > at ϕ1, ϕ, ϕ2 = 90°, 27°, 45° appears after annealing at 
800°C. This component is 8° away from the Cu orientation {112} < 111 >. After 
annealing at 1000°C, this component rotated around TD and is found at nearly exact 
Cu orientation i.e. ϕ1, ϕ, ϕ2 = 90°, 35°, 45°. This component was observed in the de-
formed state with a very limited intensity. One component {111} < 112 >, which was 
present at the 95% deformed texture disappears after annealing at 700°C whereas the 
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intensity of the Goss component gradually decreases with the increase in anneal-
ing temperature. The {111} fiber plot shows complete dissolution of this fiber 
after recrystallization. The β-fiber plot presented in Fig. 21.8 (c) shows that samples 
annealed upto 700°C are having nearly similar nature to that of the rolled sample. 
After annealing at 800°C, the β-fiber becomes nearly homogeneous; however,  
after annealing at 1000°C, there are orientations at ϕ1, ϕ, ϕ2 = 70°, 35°, 60° i.e.  

 

Fig. 21.7 ODFs of 95% cold rolled and annealed samples of 316L: (a) 700°, (b) 800° and  
(c) 1000°C. 
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~ {213} < –1 –1 1 > along with orientation near Cu orientation. There is some in-
tensity at the brass position; however these are due to presence of near α-fiber 
orientation.  

Hence, from the above analysis it can be pointed out that there is a continuous 
evolution of the texture components depending upon the temperature of annealing 
as well as the extent of recrystallization and thereafter. 

21.3.3.2 304L 

The temperature of annealing is varied from 600°C to 1000°C; these temperatures 
were chosen to differentiate the textural evolution in retained austenite and reverted 
austenite from martensite. At lower temperatures, the martensite phase is transform-

 

Fig. 21.8 Evolution of fibers during annealing : (a) α-fiber; (b) τ-fiber and (c) β-fiber. 
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ing to austenite phase and it has been observed that reversion is nearly complete 
within 700°C [17]. Recrystallization of austenite phase takes place at 800°C. A typi-
cal microstructure of a recrystallized grain with twins can be seen within the recov-
ered bands with subgrains after annealing at 700°C (Fig. 21.9). The evolution  
of texture during annealing of the 95% cold rolled samples is presented in Fig. 21.10. 
Figure 21.10 (a) shows that there is no change in the texture components after anneal-
ing upto 700°C. After annealing at 800°C, there are changes in the texture compo-
nents as well as there is a drop in the overall texture intensity (nearly half compared to 
that of the previous) (Fig. 21.10 (b)). There is large scatter and smearing of the brass 
component and S component. Major components are centered on Goss orientation 
and ideal Cu component {4 4 11} < 11 11 8 > as well as the BR component 
{236} < 385 > at φ1, φ, φ2 ≡ 80°, 31°, 35°, the typical recrystallization texture compo-
nent observed in materials with low SFE. Also, there are intensity maxima at various 

 

Fig. 21.10 (a), (b) ODFs after annealing 95% cold rolled sample: (a) 700°, (b) 800°C. 

Fig. 21.9 Microstructure showing formation 
of twins in the recrystallized grain. 
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few points in the ODF: one orientation at φ1, φ, φ2 ≡ 45°, 70°, 15°, which is equivalent 
to {142} < 2 –1 1 >. In addition to those components, there are other components i.e. 
~ {011} < 2 –2 1 > and {213} < –1 –1 1 > at φ1, φ, φ2 ≡ 80°, 35°, 65° which are little 
deviated from the ideal texture components. There is evidence of rotated Goss com-
ponent along with a scatter around P component along the α-fiber. Later with in-
crease in annealing temperature, the sharpness of these orientations increases rela-
tively; however, the overall texture intensity remains weak. These components can 
also be seen in Fig. 21.10 (c), which represents the ODF of the sample annealed at 
1000°C for 1 hr. The {4 4 11} < 11 11 8 > component is observed to be shifted to-
wards the Cu orientation (112) < 111 >. In this figure, apart from the other orienta-
tions, there is a component at φ1, φ, φ2 ≡ 30°, 80°, 30°, which lies within the scatter of 
Cu component {112} < 111 >. Therefore, with increase in annealing temperature, the 
textural evolution shows emergence of weak texture with a few new components. 

21.4 Discussion 

As evident above, the textural evolution after recrystallization is quite different 
compared to that of the deformed texture. In both the materials, the deformation 
texture is similar. In 304L, there was formation of martensite (α’) after cold rolling 
and that gets transformed back to austenite in the course of reverse transformation. 

Donadille et al. [18] observed retainment of rolling texture components after 
recrystallization; although they observed preferential recrystallization at the shear 
band region. This behaviour is unusual in a sense that generally depending on the 
SFE of the material, evolution of annealing texture from the rolling texture be-

Fig. 21.10 (c) ODFs after annealing 
95% cold rolled sample: (c) 1000°C. 
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haves differently. In high SFE material, Cube texture {100} < 001 > develops after 
annealing from the Cu-type rolling texture. In medium and low SFE materials, the 
brass-type rolling texture transforms to a complex pattern of orientations, which 
are centered on brass recrystallization texture (BR) {236} < 385 > [8]. With con-
tinuous changes in rolling texture with decreasing SFE, the corresponding recrys-
tallization texture changes drastically [15]. In most cases, a good twin relationship 
exists to the rolling texture components (Fig. 21.11 (a)). The recrystallization 
texture can be interpreted as a random nucleation process in the inhomogeneous 
structure with a few new orientations through recrystallization twinning; and the 
resulting change in rolling texture from the copper to the brass type results a dif-
ferent condition for the growth process. The resulting texture may evolve by 
a widely scattered Brass/R (BR) component. It has a preferred 40° < 111 >-
orientation relationship to the main rolling texture components (Fig. 21.11 (b)). It 
forms by a twinning process out of the available spectrum of rolling texture orien-
tations between Goss and Brass orientation. 

BR orientation is known to develop by second order twinning if it is assumed 
that the starting orientation is ~ {110} < 115 > [8]. This orientation, {110} < 115 > 
lies in the rolling texture spread of Brass and Goss components. Therefore, the 
emergence of this BR component may be due to micro growth selectivity. This 
observation is also in line with other observations in 70:30 brass [19, 20] and 
78:22 brass [21]. In highly alloyed brass the complete recrystallization texture i.e. 
the BR orientation along with the minor components of the α-fiber orientations, 
can be explained in terms of a 40° < 111 > growth selection out of a spectrum of 
nuclei being formed by recrystallization twinning i.e. by 60° < 111 > rotations with 
respect to the rolling texture orientations [11]. In the present investigation, nuclea-
tion of recrystallization was observed at the bands and BR orientation emerges as 
the major recrystallization texture component. Hence, it can be concluded that 

 

Fig. 21.11 (a) Twin relationship between the rolling and recrystallization texture components. 
(b) 40° < 111 > relationship between BR component with Brass component. 
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they form by similar mechanisms as in brass, i.e. nucleation in the bands and 
a subsequent preferred growth into the deformed matrix. It must be emphasized 
here, that in comparison to that of Brass, the propensity of shear bands was much 
smaller and hence, the contribution of the recrystallization textures was limited. 

The other investigators have reasoned that due to presence of twinning in the de-
formed microstructure, the next generation of twins may possess the BR orientation 
{236} < 385 > and/or {526} < –2 –4 3 > and this can grow very fast due to its com-
promise character leading to this as a characteristic recrystallization texture [21–23]. 

These recrystallization textures are considerably different from other low to 
medium SFE materials, even though they all have brass-type rolling texture. It can 
be noted that a different [111] axis may have been selected as the rotation axis and 
that may be the reason for having different texture from a common rolling texture. 
It is to be mentioned here that if twins were to form on all four systems of each 
variant, there would be fourteen different twin orientations contributing to the 
texture. There is no evidence that all twin orientations develop uniformly.  

It was reported by Gottstein [23] that the evolution of twin chains leads to the 
occurrence of orientations entirely different from the rolling texture. The twins can 
develop from the scatter of the orientations present in the deformed state. How-
ever, it can be pointed out here that even though the rolling texture was similar in 
various AISI 316L steels, the resulting recrystallization texture is found to be quite 
different. It may be due to restriction of twin formation. Twinning to high genera-
tions leads only to a random texture evolution owing to the scattered recurrence of 
the origin in higher generation.  

In order to avoid random texture evolution during recrystallization, composition 
of 304L steel has been modified to have ferrite of 8–10% within the microstructure. 
The material was cold rolled to 95% reduction without any difficulty. The ODFs 
corresponding to austenite and martensite phases has been evaluated and presented 
in Fig. 21.12. The austenite phase shows evolution of brass-texture and the marten-
site phase shows evoltuion of {111} + {110} fiber texture. The 95% cold rolled 
material was annealed at the temperatures from 600° to 1000° at an interval of 
100°C. At 600°C, the austenite texture gets sharpened due to recovery induced 
rearrangement of defects within the material (Fig. 21.13 (a)). After annealing at 
800°C, the texture is nearly as that of the rolled austenite. Although there is a scat-
ter around the brass and Goss components till annealing at 900°C (Fig. 21.13 (b)); 
the texture after annealing at 1000°C shows retained rolling texture without any 
scatter (Fig. 21.13 (c)). The retention of the rolling texture with annealing at differ-
ent temperatures generally results due to recrystallization through extensive recov-
ery or recrystallization in situ. In the present case, there are evidence of recovery 
prior to the onset of recrystallization. The scatter around the brass orientation ex-
tended towards the ϕ1 = 90° indicates the emergence of B/P orientation. However, 
with increase in annealing temperature, scatter decreases and it is the retention of 
rolling texture. It might be due to presence of ferrites along the austenite grain 
boundaries. The surface tension between ferrite and austenite might be hindering 
the migration of the austenite grain boundaries and that leads to the retention of the 
grain boundaries. The detailed description has been presented elsewhere [24]. 
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Fig. 21.12 ODFs (a) Austenite and (b) martensite after 95% cold rolling. 

 

Fig. 21.13 (a), (b) ODF after annealing of a 95% cold rolled austenite: (a) 600°, (b) 800°C. 
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Fig. 21.13 (c) ODF after annealing of 
a 95% cold rolled austenite: (c) 1000°C.

21.5 Conclusions 

The textural evolution was characterized overall weak texture. There were several 
new orientations after recrystallization; prominent among them are BR orientation 
{236} < 385 >, {4 4 11} < 11 11 8 >, {213} < 1 1 1 > as well as the Goss orienta-
tion. The orientation can be correlated well with the deformation texture by twin 
relationship. After annealing at higher temperature, there are formation of 
{197} < 211 > which has 2nd order twin relationship with BR orientation. 

The recrystallization texture cannot be interpreted exclusively in terms of 
40° < 111 > rotations. Some of the very first components to emerge during recrys-
tallization were related to the diminishing rolling texture components. Other de-
formation texture components were related to the fading rolling texture compo-
nents by 2nd order twinning relationships. It was concluded that only a selective 
with favourable growth criteria could be taken into account for the evolution of 
recrystallization texture in the presence multiple twinning. The precipitation of 
carbides as observed did not play a role in the recrystallization behaviour and the 
associated texture evolution. 

In presence of ferrite (8–10%), the recrystallization texture is basically the re-
tained rolling texture even after annealing at higher annealing temperatures. The 
ferrites present along the austenite grain boundaries put a drag force in hindering 
the migration of the grain boundaries and that lead to retention of rolling texture.  
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Chapter 22  
Deformation and Recrystallization Textures 
in Iron Aluminides 

W. Skrotzki, R. Tamm, K. Kegler, and C.-G. Oertel 

Abstract. Iron aluminides of different composition were deformed at high tem-
peratures by extrusion through a round and rectangular die, approximating tension 
and plane strain deformation, respectively. Depending on temperature and compo-
sition dynamic recrystallization takes place. To investigate post-deformational 
recrystallization annealing treatments have been applied. Global and local textures 
were measured by neutron and electron back scatter diffraction (EBSD), respec-
tively. The EBSD method allows the separation of deformation and recrystalliza-
tion texture components. Moreover, the texture development is correlated with the 
microstructure evolution derived from EBSD mappings. The development of the 
deformation and recrystallization textures is discussed by means of different mod-
els on polycrystal deformation and recrystallization, respectively. Conclusions 
concerning the anisotropy of the elastic and plastic properties are drawn. 

Keywords: FeAl, extrusion, microstructure, texture, simulations 

22.1 Introduction 

B2 structured intermetallic FeAl alloys offer a variety of advantages, some of 
which are low raw material cost, low density, high electrical resistivity and excel-
lent resistance to oxidation and sulfidation [1, 2]. These properties make these 
alloys attractive for high temperature applications. However, so far the low ductil-
ity at low temperatures and the low creep resistance limit their use as structural 
materials. To eliminate these disadvantages, previous research was focused on the 
influence of ternary alloying elements, hydrogen embrittlement and grain structure. 
Systematic investigations of the influence of texture on the mechanical properties 
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Fig. 22.1 Fe-Al phase diagram showing the deformation temperatures of the alloys used. Cir-
cles and rectangles represent extrusions through a round and rectangular die, respectively. 

 

Fig. 22.2 < 111 > slip in the A2 structure and approximate areas of different slip system activity 
in the B2 structure indicated by dark grey (< 111 > Burgers vector) and light grey (< 100 > and 
< 110 > Burgers vectors), after [18]. 
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are still missing. This is surprising because the elastic and plastic behavior of these 
materials is quite anisotropic and therefore texture is of major concern.  

To shed more light on the texture development, in the present study Fe-Al al-
loys of different compositions have been deformed by extrusion. The deviation 
from stoichiometry and the degree of order of FeAl changes with composition and 
temperature (Fig. 22.1). Correleated with this is a change of the slip systems 
(Fig. 22.2) and the grain boundary mobility which strongly determines the defor-
mation and recrystallization behavior, respectively. 

22.2 Experimental 

Cast polycrystalline Fe-Al cylindrical ingots (30 mm diameter) of three composi-
tions (Fe-10Al, Fe-35Al and Fe-50Al, confirmed by electron beam microprobe 
analysis, error ± 1 at.%) were extruded at high temperatures (850°C–1300°C) 
through a round (13 mm diameter) and rectangular (18 mm × 7 mm) die (Fig. 22.1), 
yielding an extrusion ratio of 5.3 and 5.6, respectively. The strain rate was of the 
order of 1 s–1. To diminish friction, the samples were sealed using copper and steel 
cans for extrusions below and above 1000°C, respectively. After extrusion the rods 
were air-cooled. 

The microstructure was investigated on mechanically and electrolytically well-
polished sections in the scanning electron microscope (SEM, Zeiss DSM 962) 
using electron back-scatter electron (BSE) contrast. 

Complete pole figures for {100}, {110} and {111} reflections of the global tex-
ture were measured by neutron diffraction using cylindrical samples with a height 
and diameter of 10 mm. Orientation distribution functions (ODF) were calculated 
using the series expansion method up to a series expansion degree of 22 and axial 
or orthorhombic sample symmetry [3]. In addition, electron back-scatter diffrac-
tion (EBSD) measurements of the local texture were carried out on in the SEM in 
order to correlate texture components with the microstructure shown by orienta-
tion contrast.  

Texture simulations were done with the relaxed constraints (RC) Taylor theory 
[4] applied on a random distribution of 1000 grains. In the case of extrusion 
through the round die, relaxation of eyy–εzz and ezy allows for “curling” around 
the extrusion axis x [5], while for extrusions through the rectangular die the shear 
components εzx and εzy are relaxed (“pancake model”), with x, y and z being the 
extrusion, transverse and normal direction, respectively (Fig. 22.3). In all simula-
tions the strain was achieved in steps of 5%. The slip systems used are 
{110}< 111 >, {110}< 100 > and {110}< 110 >, their activity changing with com-
position and temperature (Fig. 22.2). These slip systems yield 5, 3 and 2 inde-
pendent systems, respectively. For Fe-10Al and Fe-35Al only slip along < 111 > 
was used, while for Fe-50Al < 100 > and < 110 > slip on {110} with equal critical 
resolved shear stresses was assumed. 
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Fig. 22.3 Principle of “curling” in axisymmetric tension along the < 110 > fibre axis (a) and 
relaxations used in the “pancake” model of plane strain deformation (b). (x = extrusion direction, 
y = transverse direction, z = normal direction). 

22.3 Results and Discussion 

The microstructure of the extruded Fe-Al rods shown in orientation contrast 
(Fig. 22.4) is characterized by a banded structure most likely representing the 
elongated original grains. The microstructure varies from band to band in the de-
gree of recovery (subgrain structure) and recrystallization (grain structure, i.e. area 
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recrystallized and grain size). The largest inhomogeneity is observed for Fe-35Al 
(Fig. 22.5). The fraction recrystallized depends on temperature and Al content.  
The subgrain size is about 5 µm, the recrystallized grain size about 50–200 µm [6]  

Fe-10Al Fe-35Al Fe-50Al
after extrusion 

1300°C, X  = 0.95 1300°C, X  = 0.50 1150°C, X  = 0.99 V V V

1000°C, X  < 0.05 1000°C, X  = 0.15 - 0.40 1000°C, X  = 0.20 V V V

after annealing for 4 h 
1000°C 830°C 670°C

100 μm100 μm100 μm

 

Fig. 22.4 Orientation contrast images of the microstructure of Fe-Al samples extruded through 
a round die at different temperatures as well as after annealing for 4 h at the temperatures given 
(longitudinal section, extrusion axis vertical). The volume fractions recrystallized XV are given. 
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compared to the ingot grain size of about 1–2 mm [7]. After annealing for 4 h at 
the temperatures given given in Fig. 22.4 all alloys are fully recrystallized and the 
grain structure compares well with that after extrusion at high temperatures. 

The textures shown in Fig. 22.6 change both with composition and temperature. 
Extrusions through a round die between 850°C and 1000°C with increasing Al con-
tent show a change from a < 110 > fibre texture to a < 100 >–< 110 > double fibre 
texture. Samples extruded at higher temperatures exhibiting a higher degree of re-
crystallization develop weak texture components extending from < 110 > via < 102 > 
to < 114 > in the case of Fe-10Al and a < 111 > fibre in Fe-35Al and Fe-50Al, which in 
the latter alloy primarily goes at the cost of the < 110 > fibre texture. To correlate the 
texture components with the grain structure, orientation imaging microscopy (OIM) 
has been applied. Figure 22.7 shows that the < 100 > and < 110 > fibres of FeAl are 
deformation induced, while the < 111 > fibre is clearly related to the small recrystal-
lized grains. Moreover, the deformed microstructure consists of a subgrain structure 
with the density of subgrain boundaries increasing from the center to the mantle of the 
grains, which represents the area for the onset of recrystallization.  

To distinguish deformation and recrystallization texture components, OIM has 
been applied. Figure 22.8 shows the texture belonging to the recrystallized fraction. 
The inverse pole figures clearly show that in the case of the A2 structure the dy-
namically recrystallized grains have orientations ranging from < 100 > to < 102 >. 
The B2 structured samples show an increased intensity close to < 111 > and 
< 112 >. During recrystallization, the texture strength decreases markedly. The 
weak textures after static recrystallization agree more or less with those observed 
for dynamic recrystallization. 

 

Fig. 22.5 Orientation contrast image of the inhomogeneous microstructure of the Fe-35Al 
sample extruded through a round die at 1000°C (longitudinal section, extrusion axis vertical). 
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Fig. 22.6 Inverse pole figures of the extrusion direction of Fe-Al alloys extruded through 
a round die. The simulated textures may be compared with the experimental ones of 1000°C and 
below (grey areas are below the level of 1.0 m.r.d. (= multiples of a random distribution)). 
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These results may be compared with textures published previously. Cast Fe-
38Al extruded at 1000°C with an extrusion ratio of 16:1 shows a < 110 >–< 111 > 
double fibre texture with < 110 > dominating. Annealing for 24 h at the same tem-
perature yields a change to a < 112 > fibre [8]. Similarly, extruded Fe-40Al pow-
der shows a < 110 >–< 111 > double fibre texture, but now < 111 > is dominating 
and strengthens by annealing [8, 9]. In contrast, extrusion of intensively ball-
milled Y2O3 strengthened Fe-40Al between 1000°C and 1100°C for extrusion 
ratios of 14:1 and 28:1 only leads to a < 110 > fibre [10–13]. There is a change to 
a < 111 > fibre by annealing above 1200°C. 

The textures of the samples extruded through the rectangular die, because of the 
pure shear deformation, have orthorhombic symmetry. They exhibit components 

 

Fig. 22.7 OIM of a cross section of Fe-50Al extruded at 1000°C through a round die (a). Thin and 
thick lines represent low and high angle grain boundaries with misorientation angles between 2 and 
15° and larger than 15°, respectively. The texture of this section (b) is displayed as inverse pole 
figure of the extrusion direction. Grains of the main fibres marked in the inverse pole figure of (c) 
are displayed in (a) as red (< 100 >) and green (< 110 >). Recrystallized grains displayed blue in (a) 
are preferentially aligned with < 111 > parallel to the extrusion direction as shown in (d). 



22 Deformation and Recrystallization Textures in Iron Aluminides 387 

typical of plane strain textures of body-centered cubic metals, i.e. partial coverage 
of the α- and γ-fibre characterized by an alignment of the < 110 > and < 111 > direc- 
tion parallel to the extrusion and normal axis, respectively (Fig. 22.9). These fibres 
can be best seen in the ϕ 2 = 45° section of the ODF representation. With decreasing 
Al content the texture changes from a γ-fibre with predominant {111}< 110 > com-
ponent plus {100}< 100 > cube component to a γ- and α-fibre with predominant 
{100}< 110 > rotated cube component. 

 

Fig. 22.8 Global texture of the Fe-Al alloys extruded through the round die measured by neu-
tron diffraction and texture of the dynamically and statically recrystallized volume fraction 
measured by EBSD. 
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Fe-10Al Fe-35Al Fe-50Al

experiment, 1000°C 

max = 11 max = 6 max = 6 

simulation, RC Taylor 
<111> <100>/<110> = 1/1 

γ-fibre

α-fibre

{110}<110> 

ϕ 2=45° 

ϕ 
1

Φ 

{100}<110> 

{111}<112> {111}<110> 

{100}<100> 

max = 13 max = 17  

Fig. 22.9 Textures of Fe-Al alloys extruded through a rectangular die represented by 2ϕ  = 45° 
ODF sections in comparison with simulated textures. The main texture components are indicated 
in the key figure.  

The main texture components can be well simulated with the RC Taylor model 
taking into account the change of slip system operation with decreasing Al con-
tent. Thus, there is a change of the deformation behavior with ordering energy. 
Stoichiometric FeAl at high temperatures behaves similar to NiAl [14], but an 
easier activation of the {110}< 110 > slip system may be responsible for the addi-
tional < 100 > fibre and cube component in tension and plane strain deformation, 
respectively (Figs. 22.6 and 22.9).  

In axisymmetric tension in all cases a < 110 > fibre develops. Therefore, grains 
with a [011] tensile axis have a [100] and [0–11] direction normal to it 
(Fig. 22.3 (a)). These orthogonal directions in general mechanically behave differ-
ently. Thus, grains with < 110 > fibre axis will preferentially  deform in pure shear, 
i.e. in the extreme case in plane strain. However, as the overall deformation of the 
aggregate is axisymmetric, in order to relax strain incompatibilities folding around 
the tensile axis, so-called “curling”, may take place. As shown in the next section, 
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the main component developing in plane strain deformation is (111)[0–11]. Fold-
ing of grains with such an orientation around [0–11] leads to a [0–11] fibre texture.  

In plane strain deformation the main texture components are well reproduced 
with the RC Taylor model allowing shears not producing too large strain incom-
patibilities (Fig. 22.3 (b)). At higher temperatures such incompatibilities may be 
reduced by diffusional processes and grain boundary sliding. However, compared 
with experiment the simulated textures are too strong. This is a generally observed 
phenomenon which may mainly be attributed to the fact that grain fragmentation 
has not been taken into account. 

The stored strain energy determines the stability of particular orientations. 
Highly strained grains have the tendency to nucleate new grains and those with 
low stored energy (less deformed) have the tendency to grow at the expense of 
their neighbors. Therefore, the texture developing during recrystallization will 
depend on the balance between nucleation (defined by the probability and “critical 
strain” for nucleation) and the boundary mobility. Iron aluminides at all tempera-
tures in tension develop a < 110 > fibre texture. During recrystallization in the 
ordered state, there is a change to < 111 > extending towards < 112 >. The observa-
tion of recrystallized grains in highly strained regions along grain boundaries 
shows that recrystallization in FeAl is nucleation dominated in line with the low 
boundary mobility typical for ordered structures [15]. Moreover, in copper it has 
been found that nucleation starts first in grains with the highest density of stored 
dislocations [16]. In the case of a higher boundary mobility of Fe-10Al a < 100 > 
recrystallization fibre texture would be expected for tension deformed samples as 
the < 100 > oriented grains are stable when deformed by {110}< 111 > slip. Indeed 
such an orientation and/or those close to it are observed as main recrystallization 
components. However, it should be mentioned that the recrystallization textures 
are very weak so that the arguments favoring one or the other mechanism may not 
be too conclusive.  

Concerning the elastic and plastic properties of single crystals, it should be 
mentioned that in the B2 structured iron aluminides the Young’s modulus and the 
yield stress are strongly anisotropic, i.e. they decrease with orientation in the se-
quence < 111 >, < 110 >, < 100 > [17, 18]. Thus, for strength increase, textures 
containing the < 111 > component in loading direction are desirable. This may be 
achieved by recrystallization.  

22.4 Conclusions 

1) Extrusion of Fe-Al alloys leads to specific deformation textures. With increasing 
Al content in tension the texture changes from a < 110 > to a < 100 >–< 110 > 
double fibre texture. In plane strain deformation the change is from a α + γ  
to a γ-fibre texture. 
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2) Dynamic and static recrystallization produces new weak texture components 
which with increasing Al content in tension are extending from 
< 110 > ↔ < 102 > ↔ < 114 > to < 111 > ↔ < 112 >. 

3) The microstructure and texture depend on the degree of order and deviation 
from stoichiometry. 

4) The deformation textures with regard to the main texture components can be 
simulated well with the RC Taylor model. 

5) The recrystallization mechanism changes with ordering. In the disordered 
state the recrystallization texture seems to be controlled by the grain boundary 
mobility while in the ordered state it is controlled by nucleation. 
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Chapter 23  
Effect of Nanocrystallization 
on the Phase Stability of Al-Cu-Ti 
and Al-Cu-Nb Metallic Systems 

S. Bera and I. Manna 

Abstract. The model proposed by Miedema is widely used to calculate the en-
thalpy and Gibbs energy of formation under non-equilibrium conditions, but ig-
nores the possible effect of interfacial component of Gibbs energy change on 
phase evolution. The latter may be significant in aggregates with ultrafine or 
nanometric grain size. In the present study, Miedema model is extended to calcu-
late enthalpy and Gibbs energy of ternary Al-Cu-Ti and Al-Cu-Nb systems after 
incorporating interfacial energy component as a function of grain size. This exer-
cise allows determination of probable composition range of solid state amorphiza-
tion operative below a critical grain/crystallite size for a given solid solution. 

Keywords: Amorphous material, nanostructures, mechanical alloying, thermo-
dynamics, grain boundaries, Al-ternary alloys  

23.1 Introduction 

Age hardenable Al alloys are time tested materials for structural application in avia-
tion and transportation. However, strength of these crystalline alloys is limited to 
about 500–550 MPa. It is known that the amorphous phase or partially crystallised 
amorphous alloys can offer 2–3 times superior yield strength, hardness and modulus 
than their crystalline counterparts [1–2]. Several attempts have been made to develop 
binary and multi-component amorphous Al alloys through different non-equilibrium 
routes [3–5]. Mechanical alloying is one such possibility to synthesize amorphous 
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alloys from appropriate elemental powder blend [3–4]. However, suitable thermody-
namic explanation for solid state amorphization by mechanical alloying incorporat-
ing the possible influence of crystalline size reduction has not been established. 

It is known that a large negative heat of mixing (thermodynamic basis) and wide 
difference in diffusion coefficients (kinetic constraint) of the constituent elements 
constitute the most favourable conditions for solid state amorphization of a solid 
solution [6]. On the other hand, adequate strain energy and grain refinement in-
duced by mechanical attrition alone can account for the necessary driving force for 
amorphization of intermetallic phases/compounds [7]. The enthalpy of formation of 
different products (solid solution, amorphous, intermetallic) in a binary system, 
especially when one of the constituents is a transition metal, can be calculated using 
the models of Miedema [8] and Alonso and Lopez [9]. However, a model suitable 
for calculating the Gibbs energy of a solid solution with different grain size levels is 
not available.  

Thus, an attempt has been made in the present work to calculate the Gibbs en-
ergy of the concerned phases of Al-Cu-Ti and Al-Cu-Nb ternary alloys subjected 
to mechanical alloying using modified Miedema model to predict the phase equi-
librium considering both chemical and interfacial contributions. The modification 
to Miedema model is necessitated to extend this approach for calculating enthalpy 
of ternary systems as this model is otherwise applicable only to dilute binary al-
loys. It may be noted that Al-Cu-Ti and Al-Cu-Nb are chosen as model systems 
for calculation as extensive amount of experimental data on kinetics and mecha-
nism of solid state amorphization by mechanical alloying from our group is avail-
able for comparison and validation. 

23.2 Thermodynamic Model 

Gibbs energy (ΔG) is expressed as 

 TΔ = Δ ΔG H S-  (23.1)  

where ΔH and ΔS are the enthalpy and entropy of mixing, respectively. The en-
tropy of mixing for an ideal solution with components A and B is 

 ( )A A B BR X X X XΔ = − +S ln ln  (23.2) 

where XA and XB represent the respective atomic fraction of the components A and 
B and R is the gas constant. ΔH, as per Miedema model [8] is expressed as 

 C E SΔ = Δ + Δ + ΔH H H H  (23.3) 

where ΔHC, ΔHE and ΔHS are the chemical, elastic and structural contributions 
respectively. Compared to the first two terms, the structural contribution has no 
significant effect [10]. Thus,  

 C EΔ ≅ Δ + ΔH H H  (23.4) 
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Now, ΔHC can be estimated as 

 ( )A B
C A B B Sol A SolX XΔ = Δ + ΔA in B B in AH f H f H  (23.5) 
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where Φ is the effective chemical potential, ΔnWS represents the electron density at 
the boundary of the Wigner-Seitz (WS) cell, V expresses the molar volume and P, 
Q are empirical constants. Furthermore 

 ( )A
B B A BC y⎡ ⎤= +⎣ ⎦f C C1  (23.8) 

 ( )B
A A A By⎡ ⎤= +⎣ ⎦f C C C1  (23.9) 

Here, y is taken to be 0 for amorphous and 5 for solid solution, respectively. 
The concerned coefficients (CA or CB), say CB can be expressed as 

 B B
B

B B A A

X
X X

=
+
V

C
V V

2 3

2 3 2 3
 (23.10) 

In order to estimate ΔH as per Eq. 23.4, ΔHE may be calculated as, 

 ( )A B
E A B B e A eX XΔ = Δ + ΔA in B B in AH f E f E  (23.11) 

where ΔEe
A in B is the size mismatch contribution to the enthalpy of solution of A in 

B per mol of A, which can be estimated as, 

 
( )A A A B
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A B A A

K
K

μ −
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E
V V

2

3 4
 (23.12) 

where K and μ are bulk and shear modulus, respectively. Thus, ΔG of the amor-
phous state is expressed as, 

 ( ) ( )a c a c
a C A A B BG H S G G− −Δ = Δ − Δ + Δ + ΔT X T X T  (23.13) 

Here ΔGA
a–c (T) is the difference in Gibbs energy between amorphous and crys-

talline phase of the pure element at room temperature. ΔGA
a–c (T) can be estimated 

from 

 ( ) ( )f ma c
A

m

H
G − Δ −

Δ =
T T

T
T

 (23.14) 
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where Tm is the melting point and ΔHf is enthalpy of fusion. ΔG of the crystalline 
state is expressed as  

 cryst T GγΔ = Δ − Δ − ΔG H S    (23.15) 

where the subscript γ to ΔG terms refers to interfacial contribution, which is ex-
pressed as,  

 m

c

Gγ
γ

Δ =
V

d

4
 (23.16) 

where dc represents average grain size (or minimum coherence length) and γ is the 
interfacial energy [11]. Thus, ΔG of a ternary system (ABC ) can be expressed as 

 
ABCΔ =

+ +

+ Δ + + Δ + + Δ
A B C

AB BC AC
A B B C A C

( ) ( ) ( )

1
2( )

( ) ( ) ( )[ ]

G
X X X

X X G X X G X X G
 (23.17) 

Here XA, XB and XC represent the atomic fraction of the components A, B, C, re-
spectively.  

23.3 Results and Discussion 

Al-Cu-Ti and Al-Cu-Nb are taken as two model systems to study the effect of 
grain size reduction on phase equilibrium solid state amorphization when sub-
jected to mechanical alloying as a large volume of relevant experimental data on 
phase/microstructure evolution in these systems are available from earlier studies 
reported by us [12–15]. Furthermore, interfacial energy data of the concerned 
components are available in the literature [11]. The present exercise involves 
prediction of the ΔG-composition curves for the three concerned Al-based binary 
alloys (Al-Cu, Al-Ti and Al-Nb), and subsequently, extending the same initially 
to pseudo-binary (Al,Cu)-Ti and (Al,Cu)-Nb alloys and finally to the Al-Cu-Ti 
and Al-Cu-Nb systems in the entire composition range as a function of grain size. 
Thus, the present approach is useful to consider both the effect of composition 
(binary to pseudo-binary to ternary) as well as crystallite/grain size on phase 
equilibrium in binary and ternary alloys. 

Gibbs energy change (ΔG) of the binary alloys between Al and Ti and Nb 
and Cu as a function solute content in amorphous and crystalline state is calcu-
lated using the Eq. 23.13 and Eq. 23.15, respectively. Results are summarized in 
Table 23.1 and compared with the experimentally observed composition range 
for amorphization [4]. The predicted composition range (in terms of atomic 
fraction of solute element) for complete amorphous phase field at different 
levels of average crystallite size (dc) for the respective binary alloys are also 
listed in Table 23.1. 
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Table 23.1 Comparison of the predicted (this study) and observed (from literature) ranges for 
solid state amorphization by mechanical alloying in Al-rich binary system [4]. 

Systems Grain size dc (nm) Composition range (at %)  
for complete amorphization  
(this study) 

Composition range (at %)  
for amorphization reported  
in the literature 

Al-Cu 01 µm 
20 
15 
10 
05 

– 
– 
49-56 Cu 
40-65 Cu 
Entire composition 

 

Al-Ti 01 µm 
50 
25 
10 
05 

42-52 Ti 
39-56 Ti 
35-60 Ti 
28-74 Ti 
Entire composition 

40-90 Ti [14] 
 

Al-Nb 01 µm 
50 
25 
10 
05 

– 
– 
– 
33-63 Nb 
Entire composition 

15-75 Nb [15] 

Figure 23.1 shows the variation of ΔG as a function of composition (XTi) for the 
Al-Ti system for both amorphous (curve 1) and crystalline solid solutions curve 
(2 to 6) having different values of dc and hence different levels of ΔGγ contribu-
tions. ΔG curves for amorphous and crystalline solid solution with coarse grain 
(dc ~ 1 µm) intersect at XTi = 41 and 53 at%, respectively. As dc decreases, ΔGγ and 
ΔG of crystalline solid solution increases raising the ΔG-XTi curve to more positive 
values and expanding the composition range of stability for single-phase amor-
phous solid solution. In fact, the smaller the dc, the wider the composition range 
for solid state amorphization.  

Fig. 23.1 Variation of ΔG as 
a function of Ti concentration 
(XTi) in Al-Ti system for 
amorphous (curve 1), and 
nanocrystalline solid solutions 
(curves 2 to 6 with dc = 1 µm, 
50 nm, 25 nm, 10 nm and 5 nm 
respectively). 
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Fig. 23.2 ΔG-XTi curves in Al-Ti system for amorphous (curve 1), and crystalline solid solu-
tion (curves 2 with dc = 1 µm). The common tangents demarcate various phase fields as a func-
tion of XTi.  

If common tangents between the concerned ΔG-curves are drawn around these 
two points of intersection, single-phase amorphous solid solution is predicted in 
the range 42 < XTi < 52 at%, and XTi < 38 at% and single phase crystalline alloys 
are predicted at XTi > 56 at%, respectively (Fig. 23.2). In other words, the pair of 

 

Fig. 23.3 Variation of ΔG as a function of Nb concentration (XNb) in Al-Nb system for amor-
phous (curve 1), and nanocrystalline solid solutions (curves 2 to 6 with dc = 1 µm, 50 nm, 25 nm, 
10 nm and 5 nm respectively). 
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tangential points from Al rich to Ti-rich end composition domains for pure crys-
talline (Al-rich), mixture of crystalline and amorphous, completely amorphous, 
again mixture of amorphous and crystalline and finally pure crystalline (Ti-rich) 
solid solutions, respectively. Indeed, the available experimental data confirm and 
validate the predicted composition range for solid state amorphization in the 
Al-Ti system [4]. The predicted amorphous phase field at dc = 10 nm of the Al-Ti 
crystalline solid solution is in good agreement with that observed by experimen-
tal study (Table 23.1) [4, 16]. It is apparent that reduction in grain size increases 
ΔG of the system such that curve 6 (for dc = 5 nm) is above curve 1 in the entire 
composition range with no mutual intersection. Thus, reduction in grain size 
below a critical level appears to introduce sufficient metastability so that the 
amorphous phase is more stable than the nanocrystalline solid solution.  

Figure 23.3 shows the similar type of ΔG-XNb curves for the of Al-Nb system. 
Unlike the Al-Ti system, ΔG-XNb curves for amorphous and coarse-grained crystal-
line solid solution (dc = 1 µm) do not intersect. With reduction in dc, ΔG-XNb curves 
of crystalline solid solution move upward and intersect the ΔG-XNb curve for amor-
phous phase at dc = 10 nm. It is calculated that intersection between the concerned 
curves first occur exactly at dc = 19 nm. At dc ≤ 10 nm the nature of the ΔG-XNb 
(Fig. 23.3) and ΔG-XTi (Fig. 23.1) curves and their respective intersections with that 
for amorphous solid solution appear very similar. Furthermore, the common tan-
gents between the concerned ΔG-XTi-curves are drawn around these two points of 
intersection in order to determine composition range for the occurrence of single-
phase amorphous and crystalline solid solutions as 33 < XTi < 63 at%, and 
XTi < 24 at% and XTi > 74 at%, respectively (Fig. 23.4). The composition ranges  
for solid state amorphization predicted in this study are comparable with that ob-

 

Fig. 23.4 ΔG-XNb curves in Al-Nb system for amorphous (curve 1), and crystalline solid solu-
tion (curves 5 with dc = 10 nm). The common tangents demarcate various phase fields as a func-
tion of XNb. 
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tained from experimental studies (Table 23.1). It is interesting to note that curve 6 
in Fig. 23.3 (a) moves above curve 1 at dc = 5 nm, just like the results in Fig. 23.1 for 
Al-Ti system indicating that amorphous state is more stable than crystalline solid 
solution at dc < 5 nm level. 

 

Fig. 23.5 Variation of ΔG as a function of Cu concentration (XCu) in Al-Cu system for amor-
phous (curve 1), and nanocrystalline solid solutions (curves 2 to 6 with dc = 1 µm, 20 nm, 15 nm, 
10 nm and 5 nm respectively). 

 

Fig. 23.6 ΔG-XCu curves in Al-Cu system for amorphous (curve 1), and crystalline solid solu-
tion (curves 5 with dc = 10 nm). The common tangents demarcate various phase fields as a func-
tion of XCu. 
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Figure 23.5 shows the results of similar studies on the effect of dc on crystal-
line to amorphous transition due to grain size reduction. Like Al-Nb (Fig. 23.3), 
ΔG-XCu curves for amorphous and crystalline solid solution with coarse grain 
size (dc = 1 µm) do not intersect. With the gradual reduction in dc, ΔG-XCu curves 
of crystalline solid solutions rise upwards and intersect the ΔG-XCu curve for 
amorphous phase at dc = 15 nm. The common tangents, drawn between the con-
cerned ΔG-curves around the two points of intersection, show the predicted 
phase fields as a function of XCu (Fig. 23.6). Here also, for dc = 5 nm, curve 6 is 
above curve 1 in the entire composition range suggesting that the amorphous 
state is more stable than the nanocrystalline solid solution at dc ≤ 5 nm. 

Figures 23.7 and 23.8 show the results of the effect of crystallite size on crys-
talline to amorphous transition due to crystallite size reduction for the pseudo-
binary system of Al65CuXTi35–X and Al65CuXNb35–X systems, respectively. In both 
the systems, ΔG-composition curves for the amorphous and crystalline solid 
solutions (coarse grain, dc = 1 µm) do not intersect until dc reduces below a criti-
cal level. As dc reduces, ΔG curves of crystalline solid solution goes upward and 
intersects the ΔG curve of amorphous phase at dc = 19 nm and 13 nm for 
Al65CuXTi35–X and Al65CuXNb35–X systems, respectively. At dc = 10 nm, the com-
mon tangent to the concerned ΔG-X curves predicts that the amorphous phase is 
more stable than the crystalline solid solution for Al65CuXTi35–X in the composi-
tion range of Cu = 6 to 20 at% (Fig. 23.7). Above 28 at% Cu, the crystalline 
phase seems to be more stable. This is also in good agreement with the earlier ex-
perimental results obtained by mechanical alloying [12, 13]. Like Al65CuXTi35–X 

 

Fig. 23.7 Variation of ΔG as a function of concentration of the second element Cu in 
Al65CuXTi35−X pseudo-binary alloy for amorphous (curve 1), and nanocrystalline solid solutions 
(curves 2 to 5 with dc = 1 µm, 19 nm, 10 nm and 7 nm, respectively). The common tangents be-
tween curves 1 and 3 (dc = 19 nm) and curves 1 and 4 (dc = 10 nm) define the probable composi-
tion ranges for pure amorphous or crystalline phase or their mixture.  
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pseudo-binary system, Al65CuXNb35–X pseudo-binary system shows a very similar 
trend of the experimental results of mechanical alloying of Al-Cu-Nb system 
[14, 15]. For dc = 7 nm amorphous curve is above curve 1 for both the pseudo-
binary systems, indicating that the amorphous phase is stabler than the nanocrys-
talline solid solution with identical composition. Unlike the binary systems, 
complete amorphization occurs at relatively higher crystalline size for these two 
pseudo-binary systems. 

Figures 23.9 and 23.10 show the favourable composition contour for amor-
phous phase transformation at different values of dc (crystalline solid solution) 
for Al-Cu-Ti and Al-Cu-Nb ternary systems, respectively. The predicted results 
show that formation of amorphous phase at some composition is possible even 
for coarse crystalline structure in Al-Cu-Ti system. This trend is not present in 
Al-Cu-Nb system. This is also in good agreement with the earlier predicted re-
sults (Fig. 23.1, Fig. 23.3 and Fig. 23.5) where Al-Ti binary system is found to 
be the most favourable system for solid-state amorphization among all three 
binary systems. Amorphous phase formation is predicted to starts at 37 nm for 
Al-Cu-Nb system. However with gradual decrease in crystalline size both the 
systems follow the similar trend of increasing composition zone of amorphous 
phase stability. 

 

Fig. 23.8 Variation of ΔG as a function of concentration of the second element Cu in 
Al65CuXNb35–X pseudo-binary alloy for amorphous (curve 1), and nanocrystalline solid solutions 
(curves 2 to 6 with dc = 1 µm, 20 nm, 13 nm, 10 nm and 7 nm, respectively). The common tan-
gents between curves 1 and 4 (dc = 13 nm) and curves 1 and 5 (dc = 10 nm) define the probable 
composition ranges for pure amorphous or crystalline phase or their mixture. 
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Fig. 23.9 Favourable composition (at%) zones in Al-Cu-Ti ternary alloy for amorphous phase 
formation with different dc values (contour 1 to 4 are for crystallite sizes of 1 µm, 50 nm, 25 nm, 
10 nm, respectively). 

 

Fig. 23.10 Favourable composition (at%) zones in Al-Cu-Nb ternary alloy for amorphous 
phase formation with different dc values (contour 1 to 4 are for crystallite sizes of 37 nm, 25 nm, 
20 nm, 10 nm, respectively). 
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23.4 Conclusion 

Enthalpy (ΔH) and Gibbs energy change (ΔG) as a function of composition and 
crystalline size of some binary, pseudo-binary and ternary alloys in crystalline and 
amorphous state have been calculated using modified Miedema approach. ΔG of 
crystalline solid solution increases with decreasing crystallite size and expands the 
composition range for solid state amorphization by mechanical alloying. The pre-
dicted results have been validated by suitable comparison with experimental data 
reported in the literature. Thus, the present analytical study predicts for the first 
time that complete amorphization of the binary, pseudo-binary and ternary 
Al-alloys considered in this investigation can be achieved below a critical crystal-
lite size (say 5–8 nm). 
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Chapter 24  
Investigation of Microstructure Development 
During α-γ-α Phase Transformation in Steel 
by Using High Temperature in situ EBSD 

I. Lischewski, D.M. Kirch, A. Ziemons, and G. Gottstein 

Abstract. A newly developed laser powered heating stage for commercial SEMs 
in combination with automated EBSD-data acquisition was used to investigate the 
α-γ-α phase transformation in steel. This novel experimental setup can be used to 
achieve more information about microstructure and orientation changes. First, the 
results on the α-γ-α phase transformation in a microalloyed steel are presented. 

Keywords: α-γ-α phase transformation, transformation texture, low carbon steel, 
orientation relationship, heating stage, in situ EBSD 

24.1 Introduction 

Most investigations into microstructure and texture evolution are limited to post-
mortem analysis. Due to this limitation there is a need for experimental setups 
permitting the in situ observation of microstructural changes of polycrystalline 
materials. Besides in situ deformation, the main focus lies on the in situ observa-
tion of temperature influenced processes like grain growth, recrystallization, re-
covery and phase transformations. An example is the α-γ phase transformation in 
low carbon steels [1–3]. The observation of this phase transformation by using the 
EBSD technique is limited to the low temperature regime since it is a reversible 
process and cooling down instantaneously leads to a back transformation to the 
low temperature phase.  

Due to this fact, a new laser powered heating stage was developed for commer-
cial SEMs with the capacity to heat specimens up to a temperature of 1000°C.  
By using a combination of a heating stage with the automated EBSD technique  
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we achieved a powerful tool for in situ observations of microstructural changes at 
elevated temperatures.  

24.2 Experimental Results 

A Jeol JSM-6100 SEM was used for the measurements. More detailed information 
about the experimental setup is given elsewhere [4].  

A ferritic hot band was cold rolled down to 80% thickness reduction in a re-
verse manner. After recrystallization annealing the center part of the sample was 
investigated subsequent to metallographic preparation. The sample was heated up, 
respectively cooled down in 1°C steps in the temperature range between 880°C 
and 920°C. The temperature was directly measured by a thermocouple placed 
inside the sample. The exact chemical composition of the investigated material is 
given in Table 24.1. All data were collected using beam controlled measurements 
and the commercial Channel 5 software by HKL technology. 

Figure 24.1 (a)–(b) shows acquired EBSD data maps of identical positions  
of the sample surface at two different temperatures between 897°C and 900°C for 
the α-γ phase transformation. The thick black lines mark the grain boundaries  
of misorientation angles larger than 10° and the light grey lines inside the fcc 
γ-phase indicate Σ3-twin boundaries. The light grey shaded area corresponds to the 
low temperature bcc α-phase and the dark grey shaded grains are the high tempera-
ture fcc γ-phase. The phase boundaries between the α- and γ-phase are colored in 
reference to the Kurdjumov-Sachs (K-S) orientation relationship [5]. Disorienta-
tions from K-S between 0° and 10° are marked with white lines, larger than 10° 
black lines.  

The α-γ phase transformation can be seen to start with nucleation and growth in 
the temperature range of 897°C (Fig. 24.1 (a)) (5,3% γ-phase). With increasing 
temperature, further growth of the already formed nuclei as well as the formation 
of new fcc γ-nuclei occur. Besides that, new γ-grains with twin-relationships to the 
already formed neighbouring fcc γ-grains appear. At 900°C already 50% of the 
area has been turned into γ-phase (Fig. 24.1 (b)). As expected from former ex situ 
experiments the nucleation sites are predominantly at grain boundaries and triple 
junctions (Fig. 24.1 (a)–(b)) [1, 2]. Further, it can be seen that the growth of the 

Table 24.1 Chemical composition in wt% of the investigated microalloyed ferritic low carbon 
steel.  

C Si Mn Al N Cr V Mo Ti Nb 

0.065 0.05 0.99 0.042 0.003 0.027 0.006 0.005 0.07 0.003 
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new γ-grains is mainly homogeneous and isotropic. Also a grain refinement can be 
observed (bcc 5.3 µm, fcc 3.1 µm).  

The K-S correspondence holds for the majority of the newly formed γ-grains in 
relation to mostly one neighbouring bcc mother grain.  

The reverse process, the γ-α-phase transformation is shown in Fig. 24.2 (a)–(d). 
The EBSD-maps reflect the microstructural evolution of the surface area between 
893°C and 890°C, respectively, after two complete transformation cycles. The 
marking of the lines and the colours of the grains are the same as in Fig. 24.1. 

In comparison to the forward transformation the back transformation of the 
newly formed α-phase occurs also by nucleation mainly at triple junctions and its 
growth. The γ-α phase transformation can be seen to start at the temperature of 
893°C (Fig. 24.2 (a)) (1.4% α-phase). With decreasing temperature further growth 
of the already formed nuclei as well as the formation of new α-bcc nuclei occur. 
But there are obvious differences to the α-γ phase transformation. The main dif-
ference is the inhomogeneous growth of the bcc grains. The white and light grey 
lines indicate a good K-S relationship between the two phases; at these K-S 
boundaries no further phase transformation was observed (see the marked lines). 
The marked bcc grains which show no significant growth during transformation 
are bordered by more K-S boundaries with less deviation from the perfect rela-
tionship. These bcc grains have a good K-S relationship with two or three of the 
surrounding fcc grains, and no further growth of such grains takes place. In con-
trast to the α-γ phase transformation no grain refinement occurred, rather during 
the γ-α phase transformation a grain coarsening (fcc 9.3 µm, bcc 24.2 µm) was 
observed. 

 

Fig. 24.1 (a)–(b) α- γ phase transformation from 897°C (5,3% fcc) to 900°C (49,4% fcc) during 
heating up. Thick black lines mark grain boundaries of misorientation angles larger 10°, light 
grey lines inside the fcc γ-phase indicate Σ3-twin boundaries, light grey shaded grains identify 
the bcc α-phase, dark grey shaded grains are the fcc γ-phase. Disorientation from K-S between 0° 
and 10° are marked with white lines, larger than 10° with black lines, the length of the black bar 
(bottom left corner) corresponds to 100 µm. 
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Fig. 24.2 (a)–(d) γ-α phase transformation from 893°C (1,4% bcc) to 890°C (71,8% bcc) dur-
ing cooling down. The marking of the lines and the colours of the grains are the same as in 
Fig. 24.1. Some grains without or less growth are marked with white circles. Some K-S phase 
boundaries are marked with white arrows. 

24.3 Discussion 

The results of the high temperature in situ EBSD measurements for the α-γ phase 
transformation demonstrate that the nucleation of the newly formed phase occurs 
mainly at triple junctions. Also, a good K-S correspondence in relation to mostly 
one neighbouring bcc mother grain was found for the majority of the newly 
formed γ-grains.  

During the γ-α phase transformation the nucleation occurs also mainly at triple 
junctions and large ferrite grains develop. In contrast to the α-γ phase transforma-
tion several ferrite grains exhibit a good K-S relationship not only to one but two 
or three of the surrounding austenite grains, and virtually no growth of such grains 
takes place. Therefore, the microstructure during the γ-α phase transformation 
consists of small bcc grains surrounded by K-S boundaries and large bcc grains 

 
 



24 Investigation of Microstructure Development During α-γ-α Phase Transformation 413 

with less K-S boundaries. Some of the small bcc grains develop an elongated 
shape during the γ-α phase transformation. This can be attributed to the fact that 
the phase transformation to ferrite is only feasible in a direction free of K-S 
boundaries (see grain A).  

24.4 Summary 

A new laser induced heating stage for commercial SEMs was used to acquire 
microstructural and crystallographic data by means of the EBSD-technique. The in 
situ investigations into the high temperature α-γ-α phase transformation in a mi-
croalloyed low carbon steel demonstrate the excellent performance of this laser 
powered heating stage and its potential for other high temperature applications. 
The following preliminary results were obtained: 

• Nucleation occurred mainly at triple junctions 
• The microstructure development during the γ-α phase transformation is inho-

mogeneous 
• The mobility of the transformation front depends on its proximity to a K-S 

relationship 
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Chapter 25  
A New Flow Function to Model 
Texture Evolution in Symmetric 
and Asymmetric Rolling 

Benoît Beausir and László S. Tόth 

Abstract. Using a new analytic flow function, an analysis of the deformation 
field in symmetrical and asymmetrical rolling has been carried out. The asymmetry 
concerns the differences in the angular speeds of the rolling cylinders. The flow 
function describes the trajectory of the material flow from which the velocity field 
and the velocity gradient is obtained by partial derivations. The new flow function 
takes also into account the “discontinuity” at the entry of the material into the die. 
By introducing a non-homogeneous velocity distribution at the end of the flow line, 
the shear component in the rolling plane and in the rolling direction that is charac-
teristic to the asymmetric rolling is naturally introduced into the deformation pro-
cess. The varying velocity gradient along selected flow lines is incorporated into 
the viscoplastic self-consistent polycrystal plasticity model to simulate the devel-
opment of the deformation texture. The effect of multiple passes as well as the 
asymmetries on the evolution of the deformation textures is studied for bcc iron. 

25.1 Introduction 

Several descriptions of the deformation by streamlines in symmetric rolling are 
proposed in the literature [D00, SAC07]. Most of the time they describe only the 
deformation zone with a discontinuity at the entry point. Concerning asymmetric 
rolling, the difference between the roll speeds induces a shear component in the 
rolling plane and in the rolling direction which is taken into account by simply 
adding an arbitrary chosen constant shear to get the appropriate texture evolution 
[JL07, LL01, LL07, ZVS03]. In this work, a new flow function is proposed; it is 
able to describe the discontinuity at the entry point of the plastic flow and a vary-
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ing shear component is naturally generated by introducing a non-uniform output 
velocity profile. The velocity gradient is obtained by partial derivation of the 
streamline function and implemented into a viscoplastic self-consistent polycrystal 
plasticity model to simulate the development of the deformation texture in the 
cases of symmetric and asymmetric rolling.  

25.2 Flow Modelling 

Figure 25.1 shows the geometrical parameters of the rolling process; the entry half 
thickness e , the half exit thickness s , the roll radius R , the angle θ

 

correspond-
ing to the contact zone between the sheet and the roll, the x-coordinate d  of the 
exit flow, the top and bottom roll angular velocities ω t

roll  and ωb
roll ( / )rad s , re-

spectively,

 

the top and bottom contact sheet velocities 0
tv  and 0

bv ,

 

respectively,

 
and the deviation part nv of the speed at the exit of the deformation zone in the 
centre of the sheet. The sz  parameter defines the position of the streamline at the 
end of the deformation zone. 

The proposed streamline is defined by:  
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By supposing a steady state flow, a kinematically acceptable velocity field can 
be defined as follows: 
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The function ( ),λ x z  is obtained from the velocity at the exit of the deforma-

tion zone ( =x d ): 0
=

=z x d
v and ( )( )1

, 1−

=
= +λ α

nn
x x d

v x z . Then by replacing 

( ),λ x z  into Eq. 25.2, the velocity field is fully expressed. The output velocity 
distribution (at =x d ) is supposed to be parabolic (see Fig. 25.1) and given by: 
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Here p  is a parameter that specifies the exact shape of the parabolic output ve-
locity field; it can be affected by the friction conditions. Note that 

=x x d
v  is a func-

tion of sz , thus, in order to derive the velocity gradient, the velocity field has to be 
fully expressed in terms of the x and z variables using the flow function before 
further derivation. For this purpose, we express sz  from the flow function as: 

.= α ζsz z  Then by replacing first sz  in 
=x x d

v , the velocity gradient is finally ex-
pressed by: 
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This varying velocity gradient can be incorporated into the viscoplastic self-
consistent polycrystal plasticity model to simulate the evolution of the deforma-
tion texture. 

25.3 Velocity Field, Velocity Gradient and Texture Results 

Variations of the velocity and the velocity gradient in the plastic deformation  
zone are first analyzed. The following combination of the parameters were chosen: 

2mm=e , 1mm=s , 80mm=R , 11.5 .ω −=t
roll rad s , 11.0 .ω −=b

roll rad s  and 0=p  
(that means a linear distribution of the velocity at the exit, 0=nv ). From Fig. 25.2 
it can be seen that the discontinuity is conveniently described by the streamline 
function at the entry point of the flow line. The zxL  component of the deformation 
shows large variations near the entry point, at 0=x . The xv  component of the 
velocity continuously increases along the flow line (a consequence of the incom-
pressibility condition). As the output velocity field is supposed to be linear, xzL  is 
independent of the flow lines position but varies along the x coordinate; at the exit 
point it can be about 4 times larger than xxL . 

Figure 25.3 presents the texture evolution results obtained for bcc iron for a re-
duction of 2 mm to 1 mm obtained in one or five passes in symmetric or asymmet-
ric rolling (the angular velocity ratio of the rolls is 1.5) on the upper flow line 
(near to the faster roll) using the self consistent viscoplastic polycrystal plasticity 
model [MCA87]. The pencil glide mode was approached by using the 
(110) 111< >  and (112) 111< >  slip system families with equal strengths. 2000 
randomly oriented grains represented the initial texture. The n exponent was 35. 
The power law of Asaro and Needleman [AN85] with a strain rate sensitivity of 
0.05 was employed for the slip process. 

As can be seen, the texture evolution in asymmetric rolling is very different 
from the symmetric rolled case. This is due to the shear component which can be 
about 4 times larger than the compression component. The texture in asymmetric 
rolling tends towards a shear type deformation texture of bcc metals, especially at 
increasing pass numbers. 
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Fig. 25.3 Simulated texture evolution in Fe for symmetric and asymmetric rolling on the upper 
surface. ND is in the middle and RD is pointing down in all figures. 

25.4 Conclusion 

A new flow line function is proposed to describe symmetric or asymmetric roll-
ing processes in multiple passes. The model predicts shear type textures in 
asymmetric rolling near to the surface region of the rolled plate. A comparative 
experimental study is needed to explore the performance of the present flow line 
approach. 
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Chapter 26  
Microstructure and Texture Evolution 
During the Accumulative Roll Bonding 
of Pure Ni 

P.P. Bhattacharjee, D. Terada, and N. Tsuji 

Abstract. Evolution of microstructure and texture was studied in severely plasti-
cally deformed (up to an equivalent strain of 6.4) high purity (99.99%) Ni sheets 
processed through Accumulative Roll Bonding (ARB). As received Ni plates 
(~ 10 mm in thickness) were cold rolled to ~ 80% reduction in thickness (~ 2 mm) and 
vacuum annealed at 600°C for one hour and these were used as the starting materials 
(average grain size ~ 25 µm) for the subsequent ARB processing. ND and TD plane 
normal sections of the ARB processed sheets were subjected to Electron Back Scatter 
Diffraction (EBSD) and Transmission Electron Microscope (TEM) studies. The 
ARB processed Ni sheets were found to be filled with ultrafine grains (average grain 
size ~ 400 nm) after 8 cycles of ARB. Extensive shear band formation was observed 
particularly in the high cycle ARBed materials. The deformation textures were found 
to be quite inhomogeneous at the low cycle regime of the ARB. However, the defor-
mation texture achieved remarkable homogeneity after 6 and 8 cycles of ARB and S 
({123} < 634 >) component of the deformation texture was found to be quite strong. 

26.1 Introduction 

Ultrafine grained (UFG) materials with average grain size smaller than 1 µm show 
outstanding mechanical properties such as high strength, toughness and often 
room temperature superplastic properties. Severe plastic deformation (SPD) is one 
of the most effective means of achieving such ultrafine grain sizes in a wide vari-
ety of materials.  
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Several different kinds of SPD processes such as equal channel angular press-
ing/extrusion (ECAP) [1, 2], high pressure torsion (HPT) [3] and accumulative roll 
bonding (ARB) [4] have been developed to produce ultrafine grained materials in 
bulk scale. Amongst these processes the ARB process is very attractive due to the 
fact that it is the only SPD process based upon rolling deformation i.e. an already 
established industrial fabrication process. 

A number of different material systems have so far been subjected to ARB 
processing such as pure Al, different Al alloys, pure Cu and interstitial free (IF) 
steels and the subject has recently been reviewed by Tsuji et al. [5].  

The current work investigates the microstructural and textural changes in pure 
Ni subjected to ARB processing. Pure Ni is one of the most studied materials for 
understanding the evolution of deformation structure and textures subjected to 
normal cold rolled condition. Additionally, Ni is a f.c.c. metal having intermediate 
stacking falult energy value between pure Al and pure Cu. Thus the results from 
Ni could be very helpful in understanding the mechanism of formation of ultrafine 
grains and characteristic deformation textures during ARB processing.  

26.2 Experimental 

26.2.1 ARB Process 

As received Ni plates (~ 160 mmL × 60 mmW × 10 mmT) of ~ 99.99% purity were 
first cold rolled to ~ 80% reduction in thickness (~ 2 mm in thickness). The cold 
rolled sheets were then annealed at 600°C for one hour in vacuum. These annealed 
sheets were used as the starting materials for the subsequent ARB process.  

In the first cycle of the ARB process an annealed sheet of pure Ni of thickness 
~ 2 mm was cold rolled in a single pass to ~ 1 mm in thickness corresponding to 50% 
reduction in thickness. This cold rolled sheet was then cut into halves, degreased with 
acetone and subjected to wire brushing to achieve suitable bonding surfaces. And 
then the two sheets were stacked and roll-bonded by ~ 50% reduction in thickness in 
a single pass at ambient temperature. A two-high rolling mill with well lubricated 
rolls and having a roll diameter of 310 mm was used for this work. The rolling speed 
was maintained constant at 17.5 m min–1. The rolled sheets coming out from the exit 
side were immediately quenched with cold water. The procedures described above 
were repeated for each cycle of the ARB. The ARB process was carried out at room 
temperature and up to 8 cycles corresponding to a true strain of 6.4. 

26.2.2 Microstructural Investigation 

The ARBed sheets were subjected to thorough Electron Back Scatter Diffraction 
(EBSD) and Transmission Electron Microscopy (TEM) studies to figure out the 
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microstructural and textural changes occurring during the ARB process. EBSD data 
were acquired from the rolling plane section as well as in the longitudinal section at 
various thickness locations to understand the through thickness microstructural and 
textural variation. Figure 26.1 depicts a schematic diagram of various locations 
from where the EBSD measurements were taken. The measurements were carried 
out in a fully computer controlled automated EBSD (TSL-OIM) attached with 
a field emission gun FEI scanning electron microscope (model:) operated at 15 kV. 
A constant working distance of 15 mm was used through out this work.  

26.3 Results and Discussion 

Figure 26.2 shows the image quality (IQ) map and the (111) pole figure of the 
starting material for the ARB process. The starting sheet of Ni had a fully recrys-
tallized microstructure. The average grain size determined from the EBSD scan at 
this condition was found to be ~ 25 µm. 

Figure 26.3 (a)–(e) show the image quality with overlaid grain boundaries for 
the 2 cycle ARB processed material measured at various thickness locations. The 
low (2° ≤ θmis ≤ 15°) and high angle (θmis ≥ 15°) boundaries have been depicted in 
red and blue lines in these maps, respectively. The fraction of high angle 
boundaries and the average misorientation angle are found to depend strongly on 
the thickness location as is shown in Fig. 26.4. Figure 26.4 also includes the 
results for the successive ARB cycles and will be referred in subsequent discus-
sions. The distribution of high angle boundaries and average misorientation an-
gles after two cycles of processing reveals in homogeneity through the thickness 
of the sheet. A large fraction of low angle boundaries are found to be present 
across all thickness locations in this condition. 

The (111) pole figures corresponding to the various thickness locations in the 
2-cycle ARB processed materials have been shown in Fig. 26.5(a)–(e). The vol-

Fig. 26.1 Schematic 
diagram of various thick-
ness locations from where 
EBSD measurements were 
taken. (1) and (2) as 
marked in the figure indi-
cates the two stacked 
sheets. 
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ume fractions of typical texture components in cold rolled fcc materials have 
been determined from the EBSD scan and those have been plotted against the 
thickness locations in the sheet as shown in Fig. 26.5 (f). It may be easily seen 
that there is pronounced through thickness texture variation in the 2-cycle ARB 
processed material resulting in very inhomogeneous deformation texture in this 
condition.  

The through thickness microstructural variation after 4 cycles of ARB process-
ing has been shown in Fig. 26.6 (a)–(e). The microstructural evolution in this 
condition is characterized by the clear presence of macroscopic shear bands. Dis-

Fig. 26.2 (a) Image quality 
map and (b) (111) pole figure 
of the starting material for the 
ARB process. 

 

Fig. 26.3 EBSD image quality maps with overlaid boundaries for the 2-cycle processed mate-
rias. The different thickness location corresponds to (a) surface (t/t0 = 0), (b) t/t0 = 0.125, (c) 
t/t0 = 0.375, (d) t/t0 = 0.625 and (e) t/t0 = 0.875.  
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tribution of high angle boundaries across the thickness of the sheet reveals inho-
mogenity but the fraction of HAGBs and average misorientation angle increases as 
compared to 2-cycle processed material (Fig. 26.4). 

The (111) pole figures corresponding to the various thickness locations in the 
4-cycle processed materials have been shown in Fig. 26.7 (a)–(e). Although, the 
plot of volume fractions of the texture components vs. thickness location 
(Fig. 26.7 (f)) in the 4-cycle ARB processed material reveals the presence of 
through thickness texture heterogeneity, a clear pattern evolves at this stage and the 
S-component ({123} < 634 >) of the deformation texture becomes quite strong. 

 

Fig. 26.4 Through thickness variation in (a) HAGB fraction and (b) average misorientation 
angles in pure Ni processed to different ARB cycles.  

 

Fig. 26.5 (111) pole figures of 2-cycle processed material at different thickness locations;  
(a) t/t0 = 0, (b) t/t0 = 0.125, (c) t/t0 = 0.375, (d) t/t0 = 0.625 and (e) t/t0 = 0.875; the volume fraction 
of rolling texture components at various thickness locations is shown in (f). 
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The IQ maps in Fig. 26.8 (a)–(e) show the microstructure evolution in 6-cycle 
processed material at various thickness locations. Intense shear band formation is 
observed across all thickness locations in this condition. The distribution of 
HAGBs and average misorientation angle (Fig. 26.4) shows that the variation in 
these two microstructural parameters has diminished dramatically as compared to 
the 4-cycles process material and a through thickness homogeneity has been es-
tablished. Although, the fraction of HAGBs and average misorientation at the 
rolling surface greatly differs with those at other thickness locations but this could 
be due to the two different observed planes. 

 

Fig. 26.6 EBSD image quality maps with overlaid grain boundaries for the 4-cycle processed 
material. The different thickness location corresponds to (a) surface (t/t0 = 0), (b) t/t0 = 0.125,  
(c) t/t0 = 0.375, (d) t/t0 = 0.625 and (e) t/t0 = 0.875. The color key for grain boundaries is same as 
in Fig. 26.3. 

 

Fig. 26.7 (111) pole figures of 4-cycle processed material at different thickness locations;  
(a) t/t0 = 0, (b) t/t0 = 0.125, (c) t/t0 = 0.375, (d) t/t0 = 0.625 and (e) t/t0 = 0.875. The volume fraction 
of rolling texture components at various thickness locations is shown in (f). 
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The (111) pole figures corresponding to the various thickness locations in the 
6-cycle processed material have been shown in Fig. 26.9 (a)–(e). The deformation 
texture is characterized by the presence of a large volume fraction of S-component 
which was also witnessed in the 4-cycle processed material. 

Microstructural evolution in 8-cycles processed material has been shown in 
Fig. 26.10 (a)–(e). The distribution of HAGB and average misorientation angle 
(Fig. 26.4) across different thickness location reveals that there is little through 
thickness variation which also indicates that the ultrafine microstructure at this 

 

Fig. 26.8 EBSD image quality maps with overlaid grain boundaries for the 6-cycles processed 
materials. The different thickness location corresponds to (a) surface (t/t0 = 0), (b) t/t0 = 0.125,  
(c) t/t0 = 0.375, (d) t/t0 = 0.625 and (e) t/t0 = 0.875. The color key for grain boundaries is same as 
in Fig. 26.3. 

 

Fig. 26.9 (111) pole figures of 6-cycle processed material at different thickness locations;  
(a) t/t0 = 0, (b) t/t0 = 0.125, (c) t/t0 = 0.375, (d) t/t0 = 0.625 and (e) t/t0 = 0.875. The volume fraction 
of rolling texture components at various thickness locations is shown in (f). 
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stage is quite homogenous. The average interval of HAGB along ND in this condi-
tion is found to be ~ 400 nm.  

Remarkable homogeneity in deformation textures is achieved in this condition 
as may be seen clearly from the (111) pole figures (Fig. 26.11 (a)–(e)) and the plot 
of volume fraction of texture component vs. thickness locations.  

The microstructure evolution during the ARB processing of pure Ni is such that 
a typical lamellar boundary structure evolves with increasing ARB cycles. The de-

 

Fig. 26.10 EBSD image quality with overlaid grain boundaries for the 8-cycles processed 
materials. The different thickness location corresponds to (a) surface (t/t0 = 0), (b) t/t0 = 0.125,  
(c) t/t0 = 0.375, (d) t/t0 = 0.625 and (e) t/t0 = 0.875. The color key for grain boundaries is same as 
in Fig. 26.3. 

 

Fig. 26.11 (111) pole figures of 8-cycle processed material at different thickness locations;  
(a) t/t0 = 0, (b) t/t0 = 0.125, (c) t/t0 = 0.375, (d) t/t0 = 0.625 and (e) t/t0 = 0.875. The volume fraction 
of rolling texture components at various thickness locations is shown in (f). 
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formation microstructure and texture remain quite inhomogeneous at low processing 
cycles. However, at high cycle regime both the deformation microstructure and tex-
ture becomes homogenous. It may be noted that, the fraction of high angle boundaries 
even after 8-cycles of ARB processing is quite low (~ 60%). The fraction of high 
angle boundaries was also found to be quite low after 6-cycle of ARB in OFHC-Cu 
[6]. Li et al. [6] has reported that low proportion of high angle boundary in OFHC-Cu 
could be due to room temperature recovery and recrystallization during ARB proc-
essing. The formation of new grains has been attributed to the accumulated strain, 
which drives recovery and recrystallization, the adiabatic heating caused by large 
deformation in a single pass and very high purity of the material. The new recrystal-
lized grains are deformed in next ARB cycles generating substructure consisting of 
low angle boundaries and thus increasing the low angle boundary fraction. In pure Ni, 
however, such recrystallized grains have not been identified in the microstructure 
even at high ARB cycles and this must be investigated further.  

26.4 Conclusions 

The microstructural and textural evolution in pure Ni during ARB processing is 
quite inhomogeneous at lower ARB cycles which results in the through thickness 
variation of relevant microstructural parameters and volume fraction of textural 
components. With increasing ARB cycles both microstructure and texture 
achieves remarkable homogeneity. The deformation behavior in the high cycle 
regime of the ARB process is characterized by appearance of large shear bands. 
Through thickness variation in HAGB fraction and average grain boundary 
misorientation indicate that the 8-cycle processed material possesses quite ho-
mogenous ultrafine grain structure having an average grain size of ~ 400 nm. The 
deformation texture of ARB processed material at high cycle regime is character-
ized by the presence of a strong S-component.  
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Chapter 27  
Microstructure of the Rust Formed 
on Si-Al Bearing Ultrafine-Grained 
Weathering Steel 

V. Raman and T. Nishimura 

Abstract. In the Ultra-steel project in NIMS, high-Si and Al type ultrafine-
grained (UFG) weathering steel was created by the multi-pass warm rolling 
method, and the corrosion resistance and microstructure of the rust were esti-
mated. The Si and Al-bearing UFG steels exhibited excellent corrosion resistance 
than carbon steel (SM). The EPMA and TEM analyses showed that Si and Al were 
mainly existing as nano-oxides in the inner rust layer formed on the UFG steels. 
The Al Kα X-ray spectrum of the test sample exhibited the peak at the same posi-
tion as that of Al2O3, which suggests that Al is present in the inner rust in Al3+ 
state. In the same way, Si was identified as Si2+ in the complex Iron oxides of 
inner rust using EPMA. 

The EIS (Electrochemical Impedance Spectroscopy) measurement was con-
ducted for the corrosion test samples to find that the corrosion resistance (Rt) of Si 
and Al-bearing UFG steel was much larger than that of SM. In the developed 
steel, the nano-complex oxides were made in the lower layer of iron rust, that 
increased Rt and suppressed the corrosion. Finally, it was found that High-Si and 
Al type UFG weathering steel showed excellent properties in strength, toughness 
and corrosion resistance. 

Keywords: Rust, Al, Si, wethering steel, ultrafine grain, EIS, EPMA 

27.1 Introduction 

Recently, it has become highly essential to use weathering steel to reduce the 
maintenance cost of infrastructure facilities. In addition, there are number of steel 
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structures being constructed in coastal areas, it is necessary to use high resistant 
steels against the corrosion caused by air-borne salt particles [1]. Thus, Ni-bearing 
weathering steels [2] that can be used in coastal environments have been proposed 
in Japan. However, Ni is a rare metal and hard to use for the recycle of steels. 
While, there have been many analyses of rust on the steels in mild environments 
[4–10], there are many problems that remain unclear regarding the basic mecha-
nisms of the rust formation [11] and the effect of alloy elements [12–14] in saline 
environments. Therefore, in order to obtain the corrosion guidance for weathering 
steels that can be used in coastal environment, the thermodynamic stability of 
various rusts (Fe-X system) were investigated using a binary-phase potential-pH 
diagram [15]. Finally, it was concluded that Al and Si had the possibility to form 
stable complex-oxides with Fe. Moreover, Si and Al do not prevent the recycle-
use of steels that will be necessary in the future to take into consideration of LCA 
(Life Cycle Assessment). However, there have been a few reports about the effect 
of Si or Al [16, 17] on the atmospheric corrosion of steels in saline environment. 
In this study, the process of rust formation and their electrochemical behavior 
were investigated on Si and Al-bearing steels in a wet/dry condition. Specially, the 
chemical state of Si and Al in the rust for the developed steel was examined using 
EPMA and TEM. Moreover, the electrochemical behavior of the rust was investi-
gated by the electrochemical impedance spectroscopy (EIS) method after corro-
sion test. Finally, the relation between the formation and electrochemical behavior 
during the formation of rust over Si and Al-bearing steel was discussed. 

27.2 Experiments 

Slabs of high Si and Al type low alloy steel were quenched from 1373 K and sub-
jected to the multi-pass warm caliber-rolling with accumulated area reduction of 
95% at a temperature between 773 K and 873 K. The grain size of steel rolled at 
873 K was about 1 μm, which was almost similar to that of Si-Mn carbon steel 

Fig. 27.1 Structure of UFG 
weathering steel. 
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(SM) rolled at the same temperature (Fig. 27.1). However, yield strength (YS) was 
130 MPa higher than that of SM by the solid-solution hardening of Si and Al. In 
general, high Si and Al steels shows worse toughness property than SM, however, 
samples showed very excellent one by the grain refinement. Thus, we are newly 
able to develop high corrosion resistant steels with high Si and Al using the re-
finement method. Corrosion resistance of sample was estimated by wet/dry accel-
erated corrosion test and the exposure test. After corrosion test, the iron rust was 
investigated by EPMA, TEM and EIS.  

27.3 Results and Discussions 

Corrosion-stress (YS) map was created in Fig. 27.2. Corrosion ratios of samples 
were estimated by assuming that the content of corrosion of SM was 100% in 
accelerated test. Corrosion ratios of samples were shown between that of 1%Ni 
and 3%Ni steel, which means that the developed steels are thought to be able be 
used in the coastal area of 0.2 mdd (mg/dm2/day). YS of samples were obtained 
between 700 and 1000 MPa according to the rolling temperature. There are few 
reports about weathering steels which have more strength than 600 Mpa in YS, 
thus the developed steel is very unique as structural steels. Corrosion ratios of 
samples were shown as a function of the rolling temperature in Fig. 27.3. Samples 
rolled at 550 to 600ºC showed high corrosion resistance. Corrosion ratio depended 
mainly on the chemical composition (content of Si and Al), and secondly on the 
ultrafine grained structure.  

Distributions of Si, Al and oxygen in the rust were shown in Fig. 27.4 using 
EPMA after 20 cycles of corrosion test. Al and Si were enriched at the same posi-
tion in the lower layer of the rust. Thus, they were thought to make a complex 
oxide with iron in the lower layer. The states of Si and Al in the rust were ana-
lyzed by EPMA. Si Kα X-ray analyses were performed on two standard reference 
samples, SiO2 and metallic Si as shown in Fig. 27.5. The Si Kα X-ray spectra of 
SiO2 and metallic Si have different peak positions, and that of the test sample were 
at a point in between these two peaks. This result suggests that Si is present in 

Fig. 27.2 Corrosion – yield stress (Mpa) map. 100 90 80 70
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inner rust layer as Si2+ state, and has an intermediate chemical bonding state dif-
ferent from that of SiO2. Similarly, Al Kα X-ray analyses were performed and are 
presented in Fig. 27.6. The Al Kα X-ray spectra of Al2O3 and metallic Al have 
different peak positions, and that of the test sample overlapped with Al2O3. This 
result suggests that Al is present in the inner rust as Al3+ state. 

In order to determine the structure of the inner rust, TEM analysis was con-
ducted. The inner rust layer was cut by FIB, and the rust containing Si and Al was 
selected by EDXS analysis. Figure 27.7 shows the TEM image of the rust. The 
result showed that the rust was made by the nano-scale oxides. From EPMA, Si 
was thought to be present as Si2+, and Al was Al3+ in the inner rust. Thus, Si and 
Al were involved in complex oxides which showed the nano-scale crystal structure 
in Fig. 27.6. We could understand that Ni increases the corrosion resistance of 
weathering steel by making the complex oxides with the iron in the inner layer. In 
the case of the developed steel, complex nano-scale oxides containing Si and Al 
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Fig. 27.3 Corrosion mechanism of developed steels. 

 

Fig. 27.4 Distribution of Si, Al, O in the rust of UFG Weathering steel by EPMA. 
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was made, and it would increase the corrosion resistance of the steels by prevent-
ing the Cl ions penetrating into the rust.  

Exposure test was conducted at coastal area in Japan for advanced weathering 
steels which contained high Si and Al. The corrosion resistance was estimated by EIS 
(Electrochemical Impedance Spectroscopy) after the exposure test. The impedance 
spectra of high Si and Al steel of test sample (100 × 50 × 3 mm) showed much higher 
value than those of conventional weathering steel (SMA) and carbon steel (SM) at 
wide frequency region in Fig. 27.8. From the previous research, it was investigated 
that the resistance at high frequency region was shown the rust resistance (R rust) and 
that of low frequency region was corrosion resistance (Rt). In the case of this work it 
was found that Rrust and Rt of developed steel were higher than those of SMA. Thus 

Fig. 27.5 Al K spectra from the rust 
by EPMA. 

Fig. 27.6 Si K spectra from the rust 
by EPMA. 
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high Si and Al steel was thought to have higher corrosion resistance than SMA. The 
main reason for this fact is considered that nano-scale complex oxide containing Si 
and Al is formed in inner rust, which suppresses the anodic reaction. As the formation 
of the rust proceeds, the value of Rrust and Rt of Si and Al-bearing steel show larger 
than those of SM, which depends on the fineness of the rust. Figure 27.9 shows the 
schematic diagram of the corrosion mechanism of the rust of Si and Al-bearing steel. 
In general, the rust has many micro-defects (pores) through which the chloride (Cl–) 
ions can penetrate to the base metal. However, the Si and Al-bearing steel makes 

 

Fig. 27.7 FIB-TEM results of inner rust of UFG weathering steel. 

 

Fig. 27.8 Impedance spectra of test samples after exposure test at coastal area in Japan. 



27 Microstructure of the Rust Formed on Si-Al 437 

nano-scale complex oxides containing Si and Al in inner rust at micro-defects, then 
increases the Rrust and Rt by the physical protection of the fine rust. Finally the Si and 
Al-bearing steel could suppress the corrosion in saline environment. 

27.4 Conclusions 

High-Si and Al type ultrafine-grained (UFG) weathering steel was created by the 
multi-pass warm rolling, and it was found that this steel showed excellent properties 
in strength, toughness and corrosion resistance. The main results were as follows, 

1. The corrosion tests confirmed that the Si and Al-bearing UFG steels exhibited 
excellent corrosion resistance than carbon steel (SM). 

2. The EPMA and TEM analyses showed that Si and Al were mainly existing in 
the inner rust layer formed on the Si and Al-bearing UFG steels. Si and Al were 
identified as Si2+ and Al3+ in the nano-scale complex iron oxides of inner rust. 

3. The EIS measurement was conducted for the corrosion test samples to find that 
the rust resistance (R rust) of Si and Al-bearing UFG steel was much larger than 
that of SM. In the developed steel, the nano-scale complex oxides were made in 
the lower layer of iron rust, and increased rust and suppressed the corrosion. 
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Chapter 28  
Microstructure Evolution 
in Three FCC Materials 
During Limited Dome 
Height Test 

S. Mishra, P. Pant, K. Narasimhan, and I. Samajdar 

Abstract. AA 1050 Aluminium, AISI 304L and AISI 316L austenitic stainless 
steel were deformed at different strain and strain path. Deformed microstructure in 
AISI 304L and AISI 316L austenitic stainless steel shows significant amount of 
deformation twin and Strain Induced Martensite (SIM). AA 1050 Aluminium 
shows grain interaction between neighbouring grains. In this study effort has been 
made to understand these microstructural developments. It has been found that 
biaxial strain path and high strain shows higher amount of deformation twins in 
AISI 316L stain less steel, strain induced martensite in AISI 304L stainless steel 
and grain interaction in AA 1050 Aluminium.  

Keywords: Deformation twin, Strain Induced Martensite, Stainless Steel, Grain 
Interaction, Strain Path, Microstructure, EBSD 

28.1 Introduction 

With increasing renovation in both materials and design, greater demands are being 
placed on the formability of sheet metals [1–2]. Sheet metal formability is repre-
sented as forming limit diagrams or FLD [3–4]. FLD can be generated by different 
experimental setup [2–4]. Or given the availability of good computational resources 
it can generated using FEM based simulation technique thus saving both material 
and time. This predicated FLD takes into account all material parameters which 
affect formability. These material parameters changes during deformation, which is 
in general, assumed to be constant (properties of undeformed sample) during FLD 
predication. In this study effort has been made to understand the microstructural 
development of AA1050 Al, AISI 304L SS and AISI 316L SS during deformation. 
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Stacking fault energy (SFE) of AA 1050 is approximately 200 mJ/m2, AISI 
316L austenitic stainless steel is 60 mJ/m2 and AISI 304L austenitic stainless steel 
is approximately 20 mJ/m2 [5]. Due to difference in stacking fault energy these 
material shows different microstructural features during deformation. Sheets were 
deformed at different strain and strain path by limiting dome height (LDH) [3] 
tests. The deformed structures were extensively studied to understand & outline 
structural developments associated with forming – especially the effects of strain 
and strain path on Strain induced martensite.  

28.2 Experimental Details 

Fully annealed sheets of Aluminium, 304L stainless steel and 316L Stainless steel 
sheets 1 mm in thickness were subjected to limiting dome height (LDH) [3–4] 
tests in a 200 ton double-action hydraulic press. From such estimates, the FLD was 
plotted as shown in Fig. 28.1. Three different strain and stain paths were selected 
for subsequent microstructural characterization. Strain paths were generalized as 
biaxial (BS), uniaxial (US) and plane strain (PS), while strains were classified as 
low (LS), intermediate (IS) and high (HS). The different strain and strain paths 
selected are outlined in Fig. 28.1. 

Bulk texture studies were done using a Panalytical MRD System for all the 
strains and strain paths [6]. EBSD samples were prepared using the standard elec-
tropolishing technique [6]. A TSL OIM (orientation imaging microscopy) or 
EBSD system on a FEI Quanta 200HV SEM (scanning electron microscope) was 
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Fig. 28.1 Experimental Forming limit diagram of Aluminium, 304L Stainless steel and 316L 
Stainless steel. 
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used. When misorientation between two neighboring point exceeded 2°, a grain 
boundary was assumed to be present. For identifying coincident site lattice (CSL) 
boundaries [6] standard Brandon’s criteria [7] was used. The EBSD data was also 
used for estimating the developments misorientation. Vibrating sample magne-
tometer (VSM – Lake shore, Model-7410) measurements (operated at 82 Mhz and 
at 3 tesla) were used to estimate the relative presence of martensite phase at differ-
ent strain/strain path in stainless steels.  

28.3 Results and Discussions 

As shown in Fig. 28.2, deformation did bring strong in-grain misorientation de-
velopments. The misorientation development observed at all the strain and strain 
path but at the grain interior low angle boundaries (1–15° misorientation) were 
observed only at or beyond intermediate strains. In-grain misorientation develop-
ment during plastic deformation is a complex but fascinating problem. Any 
misorientation development is expected to depend on the deforming grain as well 
as on its immediate neighbors. As shown in Fig. 28.3, near grain boundary regions 
often show large deviations from grain average orientation – possibly indicating 
regions with considerable influence or interactions with the neighboring grains. 
Complete accounting for the grain interactions through relatively simple micro-
structural or microtextural parameters was not successful so far. More rigorous 
deformation modelling appears to be in order. 

Figure 28.4 (a) and (b) shows the twin fraction with effective strain for differ-
ent strain paths for 304L SS and 316L SS. Undeformed 304L SS has more twin 
fraction (0.39) than 316LSS (0.28) due to its lower SFE. It can be seen from figure 
that twin fraction was decreased with increase in effective strain for 316L SS (see 
Fig. 28.4 (b)) for uniaxial and plane strain conditions but for biaxial strain path 
twin fraction was marginally increased with effective strain. For 304L SS twin 

 

Fig. 28.2 EBSD images of the near plane strain deformed material after (a) low (L), (b) inter-
mediate (I) and (c) high (H) strain as in Fig. 28.1. For few of the grains inverse pole figures are 
used to indicate orientation developments. 
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fraction was increasing with effective strain for biaxial and near plane strain but it 
is decreasing only for uniaxial strain path (see Fig. 28.4 (a)).  

304L SS and 316L SS are austenitic stainless steel. However, austenitic phase 
is not stable when it is subjected to deformation and it transforms to martensite 
[5]. In this study martensite fraction in deformed samples were measured by 
OIM, X-ray Diffraction and VSM techniques. It has been found that martensite 
percentage for 316L SS is very less (< 3%) which can not be measured either by 

Fig. 28.3 EBSD image of 4 
randomly selected nighboring 
grains subjected to the highest 
strain in biaxial strain path. 
The orientations correspond-
ing to the grains are indicated 
by inverse pole figures. 1–15° 
and above 15° grain bounda-
ries are drawn respectively as 
thin and thick lines. Regions 
of the respective grains with 
large deviations from average 
grain orientations are shaded 
in grey levels. It is to be noted 
that that all such large devia-
tions were restricted to near 
grain boundary regions. 
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OIM or X-ray diffraction techniques. But it is observed that in 316L SS forma-
tion of martensite is strain path dependent and it is more in biaxial strain path 
(measured by VSM technique). For 304L stainless steel formation of martensite 
is quite substantial, as shown in Table 28.1 measured by all three techniques, due 
to low stacking fault energy. 

28.4 Conclusions 

• Extent of martensite and twin fraction did strongly depend on the strain and 
strain path. Biaxial strain path, in general, was associated with higher percent 
of martensite.  

• In general, high deformed grains had more grain interaction. The role of strain 
and strain path on grain interaction has been observed, though grain interaction 
is more significant at higher strains. 
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Table 28.1 Strain induced martensite formation at different strain and strain path for 304L SS. 
The extent of martensite formation was measured from VSM estimated saturation magnetization 
(4πMs) values in emu/gm. 4πMs values were converted to % Martensite using a methodology 
described elsewhere [5]. 

Uniaxial strain Near plane strain Biaxial strain 

Effective  
strain, ε– 

4πMs % 
Martensite 

Effective 
strain, ε– 

4πMs % 
Martensite 

Effective 
strain, ε–
 

4πMs % 
Martensite 

0.22 06.5 06.915 0.23 13.6 10.76 0.29 14.3 19.226 
0.29 13.2 11.715 0.34 17.0 12.6 0.40 18.5 25.128 
0.46 25.0 17.365 0.50 30.0 26.14 0.58 35.0 25.311 
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Chapter 29  
The Facet Method for the Description 
of Yield Loci of Textured Materials 

Sampath Kumar Yerra, Albert Van Bael, and Paul Van Houtte 

Abstract. A new approach, the Facet method, to describe the yield loci of tex-
tured materials is proposed. It is based on an analytical expression of plastic po-
tentials in strain rate space of which the parameters are identified by fitting to the 
predictions of multilevel micromechanical models. The chief advantage of this 
new formulation is that it automatically ensures convexity of the anisotropic yield 
loci. Furthermore, the approach can be easily extended to formulate stress-space 
based plastic potentials. This is quite an efficient property especially for the im-
plementation in finite element codes that are used for simulation of industrial 
metal forming processes because it offers a significant reduction in computation 
time needed for yield checks compared to that of strain rate space based plastic 
potential expression. In our work, the Facet method is applied in combination with 
the Taylor-Bishop-Hill micromechanical model, with both strain rate as well as 
stress space formulations, to various model textures and industrial materials. In 
this paper, the equipotential surfaces and the corresponding yield loci will be pre-
sented for a sharp rotated-cube model texture and a moderately sharp industrial 
grade IF steel sheet texture. A brief quantitative assessment of the new method 
with respect to the original model data will be presented.  

Keywords: anisotropic material, yield criterion, convex loci, metal forming 
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29.1 Introduction 

Predominantly two systems of thought prevail in the field of plasticity to formu-
late anisotropic yield loci. In one system [1], the parameters of the yield locus 
expression are identified practically from the results of real-time mechanical tests. 
In the other system [2], the parameters are obtained based on the theory of dual 
plastic potentials using a multilevel modelling scheme, where the anisotropic re-
sponse of material is calculated by a micromechanical model, provided the crystal-
lographic texture of the material in the form of orientation distribution function is 
known. The important advantages of the theoretical approach are its capability to 
embody complex deformation modes (which are otherwise almost impossible to 
apply in the laboratory testing environment), its quick ability to acquire the mate-
rial response and its less work-intensive nature compared to the practical route.  

In the lines of the latter approach, Van Houtte and Van Bael [3] developed an 
analytical expression which makes use of average Taylor factors calculated by the 
multilevel model for several thousands of deformation modes. This is called the 
Quantic method hereafter. Despite its successful implementation in FE codes, the 
Quantic method, however, featured non-convexity for very sharp textured materi-
als in some vertices of the stress space leading to divergence of the FE solution. It 
needs an additional modification of the parameters to surpass this problem. The 
other drawback of Quantic method is that it was defined in strain rate space but 
not in stress space which makes it computationally intensive for determining the 
onset of yielding in both implicit and explicit FE simulations [4]. The novel ex-
pression proposed in this paper not only overcomes these limitations but also is 
well-suited for materials with stress differential effect [5]. 

29.2 The Facet Method 

In strain rate space, for a given macroscopic strain rate tensor D, the new expres-
sion for rate of plastic work per unit volume ( )ψ D  is defined as: 
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Dp are the components of strain rate tensor for incompressible materials with 
contracted index p = 1.5. Skp and λk are the parameters. The identification of pa-
rameters in Eq. 29.1 proceeds as follows. The multilevel model is applied on the 
known crystallographic texture for a set of K-directions in strain rate space, and 
the deviatoric stresses Sk are calculated for each of the imposed strain rate direc-
tions ak. The components of those deviatoric stress tensors are then treated as 
parameters Skp. They are kept fixed here on. The parameters λk are then obtained 
by fitting the rates of plastic work obtained by the multilevel model for the set of 
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K-directions in strain rate space. Details on the choice of these K-directions as 
well as the fitting procedure for λk are given in [5]. 

However, as mentioned earlier, the Facet method can be easily adopted in devia-
toric stress space. The plastic potential in stress space can be simply mirrored as: 
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In this case, the parameters are k'λ  and Dkp. The identification procedure of pa-
rameters is similar as above but this time using the solutions obtained with the 
plastic potential given by Eq. 29.1 for K deviatoric stress modes [6]. Once the 
parameters are identified, Eq. 29.2 enables to perform quick yield checks when 
implemented in FE simulations. The strength of the Facet method lies in the fact 
that it automatically ensures convex yield surfaces. Van Houtte et al. [5] used the 
mathematical theory of convexity [7] to show that Eqs. 29.1 and 29.2 always ren-
der a convex surface if the coefficients of those expressions, kλ or k'λ , are greater 
than or equal to zero. 

29.3 Results and Discussion 

The power of the new method is examined, both qualitatively and quantitatively, 
for two examples in this paper viz., one is ferrite single crystal with a strong ro-
tated-cube texture component, (001)[110], which is very commonly observed in 
BCC steels. It is a model texture with a Gaussian spread of 11° and a high texture 
(sharpness) index of 30.0. The second example is an industrial grade IF steel sheet 
with texture sharpness index of 4.84. The crystallographic texture of this sample 
was calculated from the measured XRD pole figures according to the standard 
procedure [8]. The new Facet method with n = 6 is then applied on their discretised 
orientation distribution function using 5000 crystals. The multilevel model consid-
ered here is conventional Taylor-Bishop-Hill theory with 24 slip systems: {110} 
and {112} slip planes and < 111 > slip directions. In our study, a set of 402 direc-
tions which are nearly equidistant in nature were chosen. 

Figure 29.1 below shows a section of the equipotential surfaces in the π-plane 
section: all strain rates are zero except D11, D22 and D33 while maintaining the con-
stancy of volume. The figure shows the projections of these axes on the π-plane 
section. It can be seen that the Facet curve (thick line) passes almost right through 
all the original model data (superimposed points), except those at the vertices for 
very sharp texture in Fig. 29.1 (a). However in both examples, the Facet method 
(thick line) and the previous method (thin line) almost overlap on each other.  

The yield locus sections calculated using the Facet method and the Quantic 
method are shown in Fig. 29.2. It is clear that both the strain rate and stress space 
based Facet potentials produced nearly similar surface to that of the Quantic 
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method for as low as 402 directions as opposed to 35,000 directions of the latter, 
except in case of Fig. 29.2 (b) (very sharp texture) where the stress space based 
Facet formulation is not able to reproduce the curvature at the vertices. For assess-
ing the method quantitatively, the relative difference of Taylor factors and yield 
stresses between those calculated by Facet method and the original multilevel 
model is computed for all chosen 402 directions, see Table 29.1. It is evident that 
the reproducibility of Taylor factor and yield stress length by Facet method, bar-
ring the case of stress space based potential for very sharp texture, is within 
a maximum error of 3.5% which is comparable with that of the Quantic method – 
thus indicating its efficiency over the previous method. 

From Figs. 29.1 (a) and 29.2 (b), and Table 29.1 it follows that for very sharp 
textures, the 6th order analytical expression (n = 6) does not allow to reproduce 
the high curvature. A higher order (n = 8 or higher) would indeed allow for 
smaller radii of curvature; however, this should be done with care, as the use of 
higher values of n may require a parameter identification using a larger set of 
directions with a higher angular resolution. Nonetheless, it can be seen that the 
Facet curves are always perfectly convex in all figures – thus paving the way to 
its implementation in FE codes. 

Table 29.1 Taylor factors and yield stresses obtained by Facet method 

Facet method in strain rate space  Facet method in stress space  Maximum Relative 
Differences Rotated cube IF Steel Rotated cube IF Steel 

Taylor factor 2.31% 3.27% 12% 3.51% 
Yield stress  3.65% 3.24% 07% 3.49% 

 

Fig. 29.1 Equipotential surfaces in π-plane section. (a) Rotated-cube model texture (b) Indus-
trial grade IF steel. Thin lines correspond to the surface calculated using the Quantic method [3] 
and thick lines correspond to the surface calculated by the Facet method in strain rate space, 
Eq. 29.1 after 4 iterations. Superimposed points are obtained from the average Taylor factors 
computed directly by the multilevel model. 
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Fig. 29.2 Yield locus in π-plane section (a, b) Rotated-cube model texture (c, d) Industrial 
grade IF steel. Thin lines correspond to the surface calculated using the Quantic method [3] and 
thick lines correspond to the surface calculated by the Facet method after 4 iterations: in (a, c) 
according to strain rate space formulation, Eq. 29.1 and in (b, d) according to stress space formu-
lation, Eq. 29.2. 
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Chapter 30  
The Hall-Petch Relationship in Interstitial-Free 
Steel Processed by Equal Channel Angular 
Extrusion 

Azdiar A. Gazder, Christopher H.J. Davies, and Elena V. Pereloma 

Abstract. The Hall-Petch relationship was studied in interstitial-free steel sub-
jected to Φ = 90° Equal Channel Angular Extrusion for up to N = 8 passes via 
route BC processing. The composite equation indicates that although low-angle 
grain boundaries provide the maximum strengthening up to N = 8 passes, the 
contribution from high-angle boundaries also increases with greater pass number. 
Alternatively, the evolution of boundary misorientation in as-ECAE microstruc-
tures and its effect on mechanical properties up to N = 3 passes is also under-
stood by using a misorientation scaling factor within the original Hall-Petch 
equation. 

30.1 Introduction 

It is accepted that mechanical strength in pure polycrystalline metals is attributed 
to grain refinement as described by the Hall-Petch (H-P) equation [1, 2]. Accurate 
understanding of mechanical behaviour requires delineation between “grains” in 
the undeformed state or “subgrains”, “cell-block boundaries” (comprising parallel 
microbands and/or lamellar boundaries also defined as geometrically necessary 
boundaries, GNBs) and “cell boundaries” (incidental dislocation boundaries, IDBs 
for mixed tilt and twist walls) in as-deformed substructures. To account for the 
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linear additive contributions of GNBs and IDBs in deformation substructures, 
Hughes et al. [3] suggested a composite H-P equation: 

 V HP
LAGBs HAGBs

GNBIDB

S k

b d
M Gb 1 15 1 15

0 0

15 62.8

1.5 θ
σ σ σ σ σ α °− ° °− °

°− °
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 (30.1) 

where, 0σ  is the friction stress and has been defined as either: (i) the internal re-
sistance to the motion of a dislocation through the crystal lattice [4] or, (ii) the 
flow stress of an undeformed single crystal oriented for multiple slip or, (iii) the 
approximate yield stress of a coarse, untextured polycrystal [5]. In the present 
study 0σ  is regarded as the grain size independent term and includes strengthen-
ing contributions from solutes and particles but not dislocations. M  is the average 
Taylor factor from texture data [6], α is a constant (= 0.24), G is the shear 
modulus (in MPa), b  is the Burgers vector (= 2.48 × 10–10 m) and VS is the bound-
ary area per unit volume of IDBs ( °− °d1 152π ). HPk  is the strain hardening pa-
rameter (or grain size dependent term) related to the additional resistance to dislo-
cation motion caused by the dislocation source density at grain boundaries [5, 7] 
and °− °d15 62.8  is the effective diameter of high-angle GNBs. Thus as deformation 
proceeds, low-angled grain boundaries (LAGBs) gradually transform into high-
angled boundaries (HAGBs) and are rendered indistinguishable from original 
grain boundaries [5]. In this respect, the second term uses the misorientation 
( °− °1 15θ ) of LAGBs while the last term accounts for HAGB strengthening. 

In contrast a simplified stress dependence in relation to the smallest observable 
microstructural feature (in this case, the subgrain size ( °− °d1 15 )) has also been sug-
gested for deformation substructures [8]. Since a grain boundary is modelled as an 
array of dislocations in the lattice, the spacing between dislocations is inversely 
proportional to the boundary misorientation [9]. Previous reports also indicated no 
misorientation effects on the flow stress when the average misorientation is above 
a critical saturation angle (usually 15°) [10].  

Accordingly, Li et al. [8] suggested that a scaling factor can be utilised in the 
H-P equation such that:  

 

( )
°− °

°
′= + AVGk

d0.2 0
1 15

15θ
σ σ

  

 °− °

′
= + k

d
0.2 0

1 15

σ σ
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where, 0.2σ  is the 0.2% proof stress and AVGθ  is the average misorientation for the 
entire range.  

In the present study, the efficacy of both methodologies is compared using in-
terstitial-free (IF) steel subjected to Equal Channel Angular Extrusion (ECAE) for 
up to N = 8 passes via route BC processing. Mechanical data is obtained via uniax-

 when  ≤ °AVG 15θ   or,  

 when  > °AVG 15θ  
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ial tensile testing and correlated to microstructural information calculated from 
Electron Back-Scattered Diffraction (EBSD) mapping. 

30.2 Experimental Procedure 

Commercially available hot-rolled Ti IF-steel plate from BlueScope Steel Limited 
was machined into 20 × 20 × 80 mm3 billets and annealed at 1023 K for one hour. 
Optical microscopy returned an average grain size of 140 ± 10 μm for N = 0 pass 
condition. Thereafter room temperature ECAE via route BC for up to N = 8 passes 
was undertaken on a Φ = 90°, Ψ = 0° sharp cornered die-set. 

Room temperature uniaxial tensile testing was undertaken using a screw-driven 
Instron 4505 at 0.5 mm min–1 crosshead speed and a 10 mm extensometer on round 
samples of ø4 mm diameter. The 0.1% and 0.2% proof stress ( 0.1σ and 0.2σ ) and 
ultimate tensile strength ( UTSσ ) were calculated using a purpose-written 
MATLAB® subroutine. 

EBSD was performed on a LEO-1530 FEG–SEM fitted with a Nordlys-II™ de-
tector operating at 20 kV, × 15 k magnification and 80 nm step size on samples cut 
perpendicular to the extrusion direction from the centre of the stable billet length. 
Post-processing was undertaken using VMAP and HKL – Channel 5™ software 
packages. In order to reduce the effects of noise, the average misorientation ( AVGθ ) 
was calculated using the > 1° lower cut-off criterion. The equivalent circle diame-
ter (ECD, denoted as ECDd ), effective average ( AVGd ), subgrain ( °− °d1 15 ) and grain 
( °− °d15 62.8 ) diameters were calculated using the misorientation definition of the vari-
ous boundary types [11].  

30.3 Results and Discussion 

A brief summary of mechanical property – deformation substructure evolution is as 
follows. Beyond N ≥ 4 passes, the AVGθ -value exceeds 15° (Table 30.1) and the Δ 0.2σ  
between passes reduces (Fig. 30.1 (a)). As the percentage fraction of HAGBs in-
creases with pass number, further substructure refinement also occurs as the effective 
grain size ( °− °d15 62.8 ) rapidly approaches the subgrain diameter (Fig. 30.1 (b)). 

Table 30.1 Change in the average misorientation ( AVGθ ) and HAGB area fraction after multiple 
passes. 

  N = 1 N = 2 N = 3 N = 4 N = 5 N = 6 N = 7 N = 8 

AVGθ  (°) 6.2 ± 1.3 07.4 ± 1.6 10.4 ± 3.9 16.6 ± 0.5 20.8 ± 1.2 24.5 ± 1.2 25.3 ± 0.6 24.5 ± 0.9 
HAGBs (%) 5.9 ± 4.5 10.2 ± 4.8 19.2 ± 9.1 37.8 ± 1.1 48.4 ± 6.1 57.1 ± 3.4 56.7 ± 1.6 53.7 ± 2.7 
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During application of Eq. 30.1, optimised values of 0σ  = 99.33 MPa and 

HPk  = 0.09, 0.16 and 0.25 MPa ⋅ m0.5 for the 0.1σ , 0.2σ  and UTSσ  ranges were calcu-
lated by minimising the sum of the squared difference between the experimental 
and predicted data. The latter values are small but agree with published IF-steel data 
[12]. As seen in Fig. 30.2 (a), the unstable LAGBs behave as loose dislocations and 
provide the maximum strengthening via entanglement for up to N = 8 passes. The 
approximately constant subgrain strength with increasing pass number can be at-
tributed to misorientation increase and subgrain refinement within the LAGB class 
interval remaining low ( °− °Δ = °1 15 1.5θ ). Such behaviour results in a similitude rela-
tionship ( °− °d b1 15( . )θ constant) for the IDBs between N = 1 to 8 passes [3].  

For any given pass the increase in HPk -values from 0.1σ  through to UTSσ  is 
evidence of work hardening. The averaged strengthening effect of HAGBs 
(= HPk Gb( )) was 5.2 ± 0.6, 9.1 ± 1.1 and 14.6 ± 1.7 × 310 m–0.5 for 0.1σ  through to 

UTSσ  and is of the same order as nanocrystalline Al, Ni and Cu compacted pow-
ders [5]. Beyond ≥ 4 passes, increasing area fractions comprise similarly sized 
high-angled grains and low-angled subgrains. The refinement of the former also 
produces the slightly enhanced HAGB strengthening effect between passes.  

Alternatively the H-P relationship can also be derived using °− °d1 15  and ac-
counting for AVGθ  effects via scaling for up to N = 3 passes (Fig. 30.2 (b)). Opti-
mised values of 0σ  = 99.33 MPa and ′k  = 0.57 MPa ⋅ m0.5 (or 564.49 MPa ⋅ μm0.5) 
are used and agree with published data [13, 14]. The Eq. 30.2 best-fit line is also 
compared to cold-rolled IF-steel [8], and re-iterates that at least up to N = 3 passes, 

 

Fig. 30.1 (a) Experimental and Eq. 30.1 predicted 0.1% proof, ( 0.1σ ), 0.2% proof ( 0.2σ ) and 

ultimate tensile ( UTSσ ) stresses and, (b) A magnified view of the close correlation between the 

EBSD-returned effective diameters °− °d1 15  and °− °d15 62.8 . 
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strengthening is dictated by subgrain structures. This agrees with previous conclu-
sions [15] that low-angled subgrain size controls mechanical behaviour when it is 
significantly smaller than the grain size. 

Thus at low to medium strains and in agreement with Eq. 30.1, the resistance 
of LAGBs is proportional to the square root of misorientation [12]. But Eq. 30.2 
also suggests that for N ≥ 4 passes the strengthening mechanism shifts to HAGBs 
as it reverts to the original H-P formulation via removal of the scaling factor. The 
latter negates subgrain contributions entirely and treats all boundaries as HAGBs. 
In contrast, EBSD data indicates that even up to N = 8 passes LAGBs still consti-
tute a significant area fraction (Table 30.1). Thus Eq. 30.2 simply fits mechanical 
data by increasing the H-P slope during the initial deformation stages when sub-
structures enclose low misorientation angles [5]. Correspondingly ′k can only be 
considered an ‘approximation’ as boundary character is not considered over all 
passes [16]. 

30.4 Conclusions 

The H-P relationship estimated using the composite equation accounts for 
a ‘mixed’ LAGB + HAGB deformation substructure. Both Eqs. (30.1 and 30.2) are 
reasonable for up to N = 3 passes when the deformation substructure comprises 
predominantly LAGBs and its mechanical properties correspond to the subgrain 

 
Fig. 30.2 (a) The strengthening contributions from LAGBs and HAGBs after multiple passes 
predicted by Eq. 30.1 and, (b) The relationship between the experimental 0.2% proof stress ( 0.2σ ) 

and the EBSD-returned average subgrain diameter ( °− °d1 15 ) according to Eq. 30.2. The terms ‘y’ 

and ‘x’ in the equation of best-fit denote the 0.2σ  and °− °d1 151 , respectively.  
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size. Beyond N ≥ 4 passes the increases in strength can be attributed to the sub-
grain and grain diameters. The analyses underline the importance of the misorien-
tation angle as the single-most significant parameter with which to correlate mi-
crostructural observations and mechanical property information. 
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Chapter 31  
Evolution of Crystallographic Texture 
During Equal Channel Angular Extrusion 
(ECAE) of (α+β) Brass 

Satyaveer Singh D., Ayan Bhowmik, Somjeet Biswas, Satyam Suwas 
and K. Chattopadhyay 

Dedicated to Prof. Ranjit Kumar Ray for his invaluable 
teaching and guidance to the scientific community working 

on texture of materials 

Abstract. Equal channel angular extrusion is now a well know process to gener-
ate ultra-fine grain microstructure in bulk materials. Since the material undergoes 
a large deformation, the process is also associated with evolution of characteristic 
texture. Most of the studies carried out on this subject aim at studying single phase 
materials. However, such a study is very relevant for two-phase materials owing to 
the possible enhancement of super-plastic properties. In the present work, a thor-
ough investigation of evolution of microstructure and texture has been carried out 
to elucidate the deformation mechanisms and subsequent texture evolution in 
a model two-phase material, namely (α + β) brass. A detailed analysis of texture 
evolution in both α and β (B2) phases will be presented. 

31.1 Introduction 

Over the last few years, with the rising expectation of enhanced materials perform-
ance, there has been a growing demand for ultra-fine grain sized material which 
results in higher strength without deteriorating the ductility of the material. 
Amongst the several types of severe plastic deformations, equal channel angular 
extrusion (ECAE) is regarded as a promising technique to develop ultra-fine grain-
ed microstructures in bulk samples. As defined by Segal [1, 2], under ideal condi-
tions, the deformation in ECAE can be approximated by simple shear (SS) occur-
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ring on the die intersection plane. While the magnitude of strain imparted to the 
billet in a single extrusion passage depends on the die angle (Φ); billet re-insertion 
after varying the magnitude of rotation around its longitudinal axis (or ‘route’2) 
between successive passes allows for a sequence of strain path changes to be intro-
duced in the bulk material. Consequently, in multipass ECAE, the evolution of 
crystallographic texture and the resultant anisotropy in end physical and mechani-
cal properties are influenced by the various strain path changes instigated by the 
prescribed processing route. On the characteristics of ECAE textures, a large num-
ber of studies have shown that they are comparable with those developed in fixed-
end torsion, as both processes are characterized by simple shear (SS) deformation 
[3–12]. This observation has been found to hold good for all types of crystal struc-
tures viz. fcc [3–10], bcc [11, 12] and hcp [20] crystal structure. An adequate num-
ber of papers have been published on texture that evolves in fcc pure copper during 
equal channel angular extrusion [6, 9, 13–15]. Most of these studies are limited to 
single phase materials. However, many useful engineering alloys have two-phase 
structure. It is therefore desirable to study the microstructure and texture evolution 
during ECAE processing of two-phase materials. The alloy Cu-40 Zn consists of 
two phases, α (fcc) and β (B2) and is an important engineering alloy. In the current 
work, the step-wise evolution of texture in a Cu-40Zn alloy through four passes of 
Equal Channel Angular Extrusion following route A. The α-phase has fcc crystal 
structure based on copper lattice and β-phase has an ordered B2 (CsCl-type) struc-
ture with zinc atom occupying the body center position or vice versa. The texture 
have been measured individually in the two phases, α and β after extrusion. 

31.2 Experimental Procedures 

The experiments were conducted using a commercially available 60Cu-40Zn 
alloy. The initial billet was a bar with cross-section 10 mm × 10 mm and length 
100 mm. The initial grain size was 3 μm. The die used for the experiments was 
similar to the one designed by Mathieu et al. [16] with sharp inner and outer cor-
ners with Φ = 90°. Before extruding the samples, they were annealed at a tem-
perature of about 400°C. The extrusions were carried out at a temperature of 

Fig. 31.1 Schematic representation 
of cross section of the ECAE die. 
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300 ± 10°C using a constant cross- head speed of 1 mms–1 on a hydraulic press. 
Route A of ECAE was followed where the billet after every pass was fed in for 
the next pass without any rotation about its longitudinal axis. 

The corresponding von Mises equivalent strain per pass is 1.15 [17]. For micro-
structural and texture characterization, the specimens were sectioned as shown in 
Fig. 31.1. The observations were made on the TD-plane, the surface of which was 
electropolished. After electropolishing, the samples were subjected to microstruc-
tural investigation using Electron Back Scatter Diffraction. These experiments 
were carried out using a field emission gun scanning electron microscope. The 
texture analysis was done using TSL software. 

31.3 Results and Discussions 

The inverse pole figure maps for the overall microstructure, and individually the 
α-phase and β-phase are shown in Fig. 31.3, for the starting material and after four 
passes. After four passes, there is a uniform distribution of fine equiaxed grains. 

Although, the distribution of the grain size is fairly uniform for the B2 ordered 
β-phase with the average grain size being more than that in the α-phase. This can 
be attributed to the higher hardness of β-phase. In Fig. 31.2, the variation in the 
grain size with number of ECAE passes has been plotted. It can be seen that the 

 

Fig. 31.2 Variation of grain size with ECAE passes. 
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reduction in grain size is not as expected during a severe plastic deformation pro-
cess as ECAE. The grain size reduced from ~ 3.5 μm in the starting material to 
~ 1 μm after four passes. A similar level of grain refinement was reported by Nei-
shi et al. [18] in two phase brass processed by ECAE.  

The grain boundary character distribution shows a gradual increase in the high 
angle grain boundaries at the expense of low angle ones, as depicted in Fig. 31.4, an 
observation that is quite as expected given the fact that with increasing number of 
ECAE passes the density of dislocations evolve from within the grains and move 
towards the low-angle sub-grain boundaries increasing the misorientation angle and 
hence resulting in the formation of high-angle boundaries. However, this does not 
accurately reflect the GBCD as the grain and phase boundaries do not get distin-
guished. Therefore, the measured data was filtered to separate the α and β grains 
although Neishi et al. [18] reported α and β phases separated by high angle grain 
boundaries. A similar trend in the fraction of low and high angle boundaries is seen 
in the α-phase. Moreover, in the grain boundary character distribution the fraction 
of special CSL boundaries increases in the overall microstructure with passes, most 
of which is contributed by the α-phase by generation of twins and hence Σ3 bounda-
ries in profusion. The amount of CSL boundaries in the β-phase is negligible.  

 

Fig. 31.3 The IPF maps for (a) starting material, (b) 4th pass. 
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Fig. 31.4 The distribution of low-angle grain boundaries (LAGB), high-angle grain boundaries 
(HAGB) and coincident site lattice (CSL) boundaries as a function of passes for (a) α-phase, and 
(b) β-phase. 

Separate pole figures obtained for the two phases α and β are given in Figs. 31.5 
and 31.6. The common feature of all the pole figures is that they are all found to 
resemble very closely to negative simple shear as produced during torsion test ex-
cept that ECAE textures are rotated about the TD axis by an angle which is half the 
inter-channel die-angle, which in this case is 45°. Comparing the experimentally 
obtained pole figure for the α-phase with the simulated key figure [19] reveals the 
clear presence of the A1E, A2E, CE and BE after the first pass. Both {111}θ and 
< 110 >θ fibres are found to be present in the pole figures. Table 31.1 documents the 
miller indices for the ideal orientation of fcc metal. There occur subtle shifts in the 
texture components from the ideal position with increasing number of passes. It is 
evident, that the intensity of the components also decreases with passes which may 
be due to the randomization of grain orientation as a result of grain fragmentation in 
the softer α-phase. Texture of the B2 phase was analyzed with the simulated pole 
figure of Li et al. [12]. For the ordered B2 phase the components that were identified 
from the pole figures are D1θ, D2θ and Jθ along the {110}θ and < 111 >θ fibres, again 
with certain shifts from the ideal bcc orientation. Table 31.2 depicts the position  
of the ideal ECAE texture components for bcc material. In Fig. 31.6, gradual evo-
lution of the shear type texture can be seen from the 1st pass to the 4th pass sample.  

Table 31.1 Ideal orientation components for copper [19]. 

Miller indices Notation 

ND ED TD 

A2E [6 25-25] [25-3 3] [011] 
A1E [25 3-3] [6 25-25] [011] 
CE [100-71 71] [-100-71 71] [011] 
BE [-73-27 100] [73-100 27] [111] 
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Fig. 31.5 Experimental (111) pole figures of the fcc α-phase obtained for the (a) starting mate-
rial, (b) 1st, (c) 4th pass samples. 

Table 31.2 Ideal orientation components for IF steel [12]. 

Miller indices Notation 

ND ED TD 

D1θ [118] [4-41] [1-10] 
D2θ [44-1] [118] [-110] 
Jθ [15 4 11] [7 26 11] [111] 
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Fig. 31.6 Experimental (110) pole figures of the ordered B2 β-phase obtained for the (a) start-
ing material, (b) 1st, (c) 4th pass samples. 

The shift from the ideal position may be accounted for various reasons such as the 
discontinuous nature of shear during the ECAE process, variation in the composi-
tion of the experimental material with the one for which the key pole figures are 
plotted, viz. pure fcc copper and Interstitial Free (IF) steel having a bcc crystal 
structure. Comparing the pole figures of both the phases, it can be concluded that in 
either cases the crystallographic slip plane and the slip directions tend to align 
themselves to the macroscopic shear plane and direction respectively. 
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31.4 Conclusions 

Two-phase (α + β) brass was processed by Equal Channel Angular Extrusion and 
an average grain size of the order of 1 μm was achieved. The crystallographic 
texture of α and β phase measured individually indicate characteristic shear tex-
ture formation. Texture weakens after ECAE in the α-phase while it strengthens 
with number of passes in the β-phase. 
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Chapter 32  
Grain Growth in ECAE Processed 
Pure Magnesium 

Somjeet Biswas, Satyaveer Singh D. and Satyam Suwas 

Dedicated to Prof. Ranjit Kumar Ray for his invaluable 
teaching and guidance to the scientific community working 

on texture of materials 

Abstract. Grain growth kinetics was studied for commercially pure magnesium 
subjected to equal channel angular extrusion (ECAE). The specimens were ECAE 
processed upto 4 passes at 523 K following all the three important routes, namely A, 
Bc and C. Texture and microstructures of the samples were studied using Electron 
Back Scattered Diffraction (EBSD) technique in a Field Emission Gun – Scanning 
Electron Microscope (FEG-SEM). It was observed that the grain size significantly 
reduces after ECAE. ECAE process produces a slightly rotated B and C2 fiber. 
Static annealing leads to normal grain growth with unimodal distribution of grains 
through out the temperature range. Average activation energy for grain growth in 
the temperature range studied is found to be less than the activation energy for lat-
tice diffusion and grain boundary diffusion of magnesium. No significant change in 
texture during isochronal annealing for 1 hour i.e., the predominant deformation 
texture remains same. 

Keywords: Magnesium, ECAE, EBSD, DRX, Texture 

32.1 Introduction 

Magnesium and its alloys are important materials to be used in automobile, aero-
space and electronics industries, due to superior specific stiffness and strength [1]. 
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However, poor formability and limited ductility at room temperature are obstacles 
for its industrial use. Hexagonal crystal structure and therefore limited operating 
slip systems are the major hurdle. For wide spread application strength and ductil-
ity needs to be improved. The ECAE process is very effective in enhancing the 
workability and strength of Mg alloys by grain refinement [2–4] and suitable crys-
tallographic texture [5–8]. The present study has been carried out to understand 
changes that can take place during subsequent annealing after ECAE of commer-
cially pure magnesium. Efforts were made to characterize the texture evolution 
during deformation. Mechanical properties of magnesium alloys are improved by 
ECAE by producing smaller grain sizes and optimum texture [9–11]. 

32.2 Experimental Methods 

Hot forged pure magnesium of 99.92% purity was processed by ECAE following 
the routes A, Bc and C in a 90° die upto 4 passes at 523 K. The route A involves 
no rotation around the billet axis, in BC the sample is rotated by 90° in one direc-
tion (clockwise or anti-clockwise) between each pass, and in route C the sample is 
rotated by 180° between the passes [12]. The stability of grain structure at elevated 
temperatures was investigated by isochronal annealing for 1 hr in the range of 
373 K–773 K in argon atmosphere for all the samples. Optical microscope was 
used to see the microstructure of the ECAE processed and the annealed samples. 
The samples were prepared by metallographic method followed by etching with 
a mixture of 100 ml Ethanol, 10 ml acetic acid, 6 ml picric acid and 20 ml distilled 
water. Grain size was measured and analyzed using Sigma scan pro software. The 
grain size was calculated using linear intercept method using Sigma Scan-pro 
software, where the average grain size is: 

 d = 1.74 L (32.1) 

where, d is the average grain size and L is the linear intercept grain size measure-
ment [13] that are obtained by optical microscope. Activation energy for grain 
growth was calculated. Texture analyses were carried out by electron back scatter 
diffraction (EBSD) using scanning electron microscope (SEM). Measurements 
were done on the TD plane keeping account of the reference system i.e., ED, ND 
and TD to be same for all the samples. 

32.3 Results and Discussions 

Figure 32.1 shows the respective linear intercept grain size variation with tempera-
ture, the curves are parabolic in nature. The optical microstructures of pure Mg for 
ECAE route Bc 4 passes and annealed are shown in Fig. 32.2. 
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Fig. 32.1 Average grain size against annealing temperature for annealing time of 1 hr for the 
samples ECAE`d by A, BC and C route. 

 
Fig. 32.2 Optical micrographs of (a) Mg ECAP BC 4 pass, (b) annealed at 473 K, (c) annealed 
at 573 K, (d) annealed at 673 K and (e) annealed at 773 K. 
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32.3.1 Grain Growth Statistics 

Microstructural observations of the ECAE processed samples by both optical 
microscope and SEM based EBSD shows equiaxed grains with serrated grain 
boundaries. EBSD analysis also shows a large fraction (~ 50%) of low angle grain 
boundaries. It can be said that although dynamic recrystallization (DRX) has taken 
place, large amount of cold work still persisted in the ECAE processed samples. It 
can be said that deformation at 523 K favours dynamic recrystallization. Further 
deformation of dynamically recrystallized grains and DRX leads to the formation 
of equiaxed grains with high concentration of low angle grain boundaries. The 
microstructure consists of grain with average size ~ 14 μm. No significant grain 
growth was observed when the material is annealed at 473 K for 1 hr. On anneal-
ing at 573 K, the grain size increases to ~ 30 μm, and after annealing at 673 K, new 
bigger polygonal grains of ~ 54 μm size observed. Further annealing at 773 K the 
grain size increases tremendously to ~ 130 μm. Jäger et al. [14] have observed that 
for AZ31 magnesium alloy static recrystallization occurs at above 423 K. 

32.3.2 Activation Energy 

In order to investigate the grain growth mechanisms, it is necessary to determine 
the activation energy for grain growth. Grain growth behavior in the investigated 
temperature range was assumed to follow the general equation: 

 − = −n n
o o gL L K t Q RTexp( / )  

where L is the linear intercept grain size at a given annealing time, Lo is the initial 
linear intercept grain size, Ko is a constant, t is the annealing time, Qg is the activa-
tion energy for grain growth, R is the molar gas constant and T is the temperature. 
Assuming parabolic relationship for grain growth, n = 2. Based on the above equa-
tion, Qg can be obtained by plotting (L2 − L2o) against (1/T) in a semi-logarithmic 
scale for the same annealing time. Such a plot has been obtained for all the pass 
ECAE processed samples, annealed at different temperature as shown in Fig. 32.3. 

From Fig. 32.3 the measured average activation energy (Qg) values for the 
grain growth in the ECAE processed by route A, Bc and C up to 4 passes for the 
temperature range of 473 K to 773 K are 58.3, 75.9 and 55.8 kJ/mole, respectively. 
The activation energy is much lower than that of lattice self diffusion (QL) 
(= 135 kJ/mole) [15] and that for grain boundary diffusion (Qgb) in pure magne-
sium (= 92 kJ/mole) [16]. The average value of Qg for route A and C 4 passes 
(57 kJ/mole) corresponds to ~ 0.45 QL. The average value of Qg for route BC 4 pass 
sample is ~ 75.9 kJ/mole, which corresponds to ~ 0.55 QL, which is always lower 
than that of grain boundary diffusion (Qgb). Kim [17] suggested that if activation 
energy for grain growth (Qg) is less than lattice self diffusion (QL) and grain 
boundary diffusion (Qgb), grain growth occurs in the unrecrystallized condition. 
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Thus it was observed that after 4 passes ECAE and annealing Qg for A is 
58.3 KJ/mole, Bc is 75.9 KJ/mole and C is 55.8 KJ/mole, which are less than the 
Qgb and QL. Therefore, the grain growth occurs in the unrecrystallized condition. 

From the above observation it can be said that as the initial samples which were 
ECAE processed at higher deformation temperature of 523 K, though about 150 K 
higher than the minimum recrystallization temperature of magnesium, contains 
equiaxed grains with serrated grain boundaries. The structure is not strain free; 
therefore, the activation energy required for grain growth is less than that for lat-
tice and grain boundary diffusion. The grains grow at the expense of the accumu-
lated strain energy apart from the heat supplied. 

32.3.3 Texture Analysis 

Figure 32.4 shows the IPF maps of samples processed by ECAE Route A up to 
4 passes and annealed at 373 K and 773 K. It can be seen from the figure that grain 
color for the as ECAE processed and the annealed samples are same, owing to the 
fact that there is no alteration in the orientation of the grains. Figure 32.5 shows the 
< 0002 >, < 1010 > and < 1120 > pole figures for the same sample. ECAE process 
produces < 0002 > texture fiber which is with B and C2 component most prominent, 
a detailed analysis of texture evolution of magnesium during ECAE is given by 
Beausir et al. [18]. It can be attributed that DRX occurred during ECAE at 523 K 
will not alter the ECAE texture of magnesium. It was found that, the deformation 
texture was not only retained after annealing, but strength of the basal fiber also 
increases from 8 MRD to 27 MRD from the as ECAE processed to post annealing at 
773 K. The same trend was also observed for the Bc and C route. The misorientation 
angle distribution (Fig. 32.6) shows that the fraction of low angle grain boundaries 

 

Fig. 32.3 Semilog plot of (L2–L2o) vs. (1/T). 
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Fig. 32.4 IPF Map of (a) ECAE Route A 4 pass, (b) annealed at 473 K and (c) annealed at 773 K. 

 

Fig. 32.5 Pole figures of (a) ECAE Route A 4 pass, (b) annealed at 473 K and (c) annealed at 773 K. 

 

Fig. 32.6 Misorientation angle distribution of (a) ECAE Route A 4 pass, (b)annealed at 473 K 
and (c) annealed at 773 K. 

was decreased with the annealing temperature. Texture evolution during annealing of 
Magnesium AZ-31 and AZ-61 alloy was studied by Ruano et al. [19, 20], it was con-
cluded that normal grain growth takes place upon moderate annealing without chang-
ing the initial deformation texture. The deformation texture of the as received mater- 
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ials are basal and prismatic (< 1010 > and < 1120 >) fiber texture component. Moder-
ate annealing increases the basal texture intensity. Abnormal grain occurs if exten-
sive annealing is carried out for many hours. In such case < 1010 > and < 1120 > 
planes parallel to the sheet planes are observed and bimodal distribution of grains 
formed. Gottstein et al. [21, 22] have shown that recrystallization texture is identical 
to the deformation texture of the sample, though sometimes there is a growth prefer-
ence for 30° rotation along {0002} axis from < 1120 > to < 1010 >. If annealed more 
than 673 K some more components developed although predominant texture do not 
change. Wagner et al. [23] also reported a similar observation on titanium, where the 
texture evolution was sluggish during static recrystallization with respect to deforma-
tion texture. From the above observation, it can be concluded that annealing of the 
ECAE processed samples in the range 473–773 K for 1 hr., does not lead to abnormal 
grain growth. Figure 32.7 shows the grain size distribution of the ECAE processed 

 

Fig. 32.7 Grain size distribution of (a) Mg ECAP BC 4 pass, (b) annealed at 473 K, (c) annealed 
at 573 K, (d) annealed at 673 K and (e) annealed at 773 K. 
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as well as annealed samples for ECAE route A. Samples processed by all the routes 
results in singular peak, which shows the occurrence of primary recrystallization 
and normal grain growth. Texture evolution during isochronal annealing in the 
range of 473–773 K for 1 hr., shows that the predominant deformation texture re-
mains the same, and recrystallization does not alter the deformation texture, rather 
it strengthens it. 

32.4 Conclusions 

Commercially pure magnesium was ECAE processed upto 4 pass by route A, Bc 
and C at 523 K and annealed in the range of 473 K–773 K. Grain size calculations, 
activation energies and texture evolution during grain growth were studied. The 
main conclusions of the studies are as follows: 

1. ECAE processed samples have equiaxed grains with serrated grain boundaries 
and singular peak grain size distribution. Low angle grain boundaries (LAGBs) 
are observed at high fraction. Even if some dynamic recrystallization during 
ECAE and static recrystallization in the intermediate passes has occurred, then 
also there was lots of strain energy accumulated in the grains. It was also ob-
served that dynamic recrystallization does not alter the deformation texture, this 
can be observed from the < 0002 > pole figure, which shows B and C2 (shear 
texture) fiber. 

2. Static annealing between 473–773 K for 1 hour shows normal grain growth with 
the activation energy for A, Bc and C almost constant throughout and less than 
the activation energy for lattice (QL) and grain boundary diffusion (Qgb) for 
pure magnesium. Grain growth takes place in the unrecrystallized condition in 
all the cases. A lower Qg also represents the presence of high fraction of stored 
energy in the initial material. 

3. It was observed that deformation texture of the ECAE processed samples does 
not get altered up on static annealing, rather it strengthens it up to a temperature 
of 773 K for 1 hr i.e., the predominant deformation texture remains same. Grain 
size distribution for all the annealed samples at different temperature shows 
a singular peak, which shows that only primary recrystallization has taken 
place. Decrease in the low angle grain boundary shows that the amount of 
strain energy decreased with the annealing. 
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Chapter 33  
Solidification Microstructure and Texture 
in Grain-Refined Titanium Alloys 

Segolene de Waziers, Shibayan Roy, Satyam Suwas, S. Tamirisakandala, 
R. Srinivasan, and D.B. Miracle 

Abstract. In the present study, solidification microstructure and texture evolu-
tion in grain-refined Ti-6Al-4V and γ-TiAl alloys via trace boron addition are 
compared with their baseline counterparts. Boron addition resulted in dramatic 
grain refinement by almost an order of magnitude. The texture developed in these 
alloys is also markedly different from the baseline alloys. 

33.1 Introduction 

Since the introduction of titanium and titanium alloys in the early 1950s, these 
materials have become backbone materials for the aerospace, energy, and chemi-
cal industries. They are very useful light materials and exhibit high specific 
strength and fracture toughness combined with good corrosion resistance at tem-
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peratures up to 550–800 K [1]. The most widely used titanium alloy is the 
Ti-6Al-4V (α + β) alloy which is most commonly used in the annealed condition 
[1]. Microstructure and texture evolution in this alloy was studied in great details 
by many researchers. Kobryn et al. [2] have found that metal-mold-cast Ti-6Al-4V 
tends to have equiaxed prior β grain morphology, while direct-laser-fabricated 
Ti-6Al-4V usually has a columnar morphology. The alpha-phase texture in direct-
laser-fabricated Ti-6Al-4V was found to be fairly weak (i.e. maximum IPF inten-
sity of ~ 1.6 times random). In another study, Kalinyuk et al. [3] showed that the 
microstructure of two electron beam melted Ti-6Al-4V ingots at all locations are 
identical and characterized by coarse beta grains decorated by a layer of grain-
boundary α. The texture of both the ingots is found to be completely random sug-
gesting the possibility that the orientation distribution is not affected by anisotropy 
in grain growth during solidification.  

TiAl-based materials are pursued mainly because of their high thrust-to-weight 
ratio of high-performance aircraft engines. The microstructure of these alloys can 
be controlled by heat treatment. The optimum desirable properties in this class of 
alloys could be achieved only with (α2 + γ) microstructure, which corresponds to 
the composition Ti-48Al. When an alloy, Ti-48Al, is cooled from the α-phase field 
(T ~ 1400°C) the final microstructure is lamellar. On the other hand, if the alloy is 
cooled from two phase field (α2 + γ), a microstructure with lamellar grains and γ 
grains is expected [4]. 

The primary problem in wrought processing of titanium and its alloys is the 
coarse grain size (often in the millimeter range) after solidification due to its 
poor thermal conductivity. Extensive deformation processing above and below 
the β-transus is a standard industrial practice for refining the coarse as-cast mi-
crostructure. This process, popularly known as ‘ingot breakdown’ increases  
the production cost of the finished titanium products, which limits their exten- 
sive use. 

Zhu et al. [5] observed that small amount (~ 0.086 to 0.14 mass%) of boron 
addition induces a significant refinement of as-cast structure and improvement of 
mechanical properties such as tensile ductility, strength and hardness for cast CP 
Titanium and Ti-0.5Si alloys. Similar observations are reported by other re-
searchers [6–8] for (α + β) alloys like Ti-6Al-4V. On the other hand, the use of 
boron as a grain refiner is quite common in (α2 + γ) titanium aluminides. Boron 
addition can strongly influence the microstructure of these alloys. Wherein large 
amounts of boron (generally more than 0.5 at%) results in grain refinement in the 
cast material, small amounts (less than 0.2 at%) refines the lamellar structure in 
the grain [9, 10]. The texture evolution of as cast boron modified titanium alloys 
(both Ti-6Al-4V and titanium aluminides) are, however, still lacking, which is 
the prima facie of the present work.  
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33.2 Experimental 

The materials used in this present study are,  

1. Ti-6Al-4V and Ti-6Al-4V-0.1B, (hereafter referred to as Ti64 and Ti64-B, re-
spectively). The cast ingot dimensions were 70 mm diameter × 500 mm length.  

2. Ti-48Al-2V and Ti-48Al-2V-0.2B (in wt%) (hereafter referred to as Ti482  
and Ti482-B, respectively). The samples are “plane parallel” with 
8 mm × 8 mm × 12 mm dimension. 

For both the materials, boron was added in the elemental form that com-
pletely dissolved in the liquid melt. For the Ti64 and Ti64-B, as shown in 
Fig. 33.1 (a), a thin strip of 35 mm length × 7 mm width × 5 mm thickness was 
cut from the periphery to the center of the as-cast ingot. The thin strip was 
divided into six equal pieces. For Ti482 and Ti482-B, the samples were paral-
lelepipeds of 8 mm × 8 mm × 12 mm (see Fig. 33.1 (b)). 

The microstructure and texture of the samples were characterized using scanning 
electron microscopy[1]1. The samples were first metallographically polished up  
to 2500 grit sized silicon carbide paper and finally electro-polished using Struers® 
Lectropol-52. The samples were etched with a custom made etchant containing  
5% HF, 10% HNO3 and rest water for 30 seconds. 

For the Ti64 and Ti64-B, each of the pieces from the original thin strip was 
subjected to microstructural characterization using a Field Emission Gun Scanning 
Electron Microscope3 with Electron Backscattered Diffraction (EBSD) attach-
ment. From each of the samples, an area of 1 mm × 4 mm was scanned with a step 
size of 5 µm. For Ti482 and Ti482-B, from the parallelepipeds samples, an area of 
1.5 mm × 1.5 mm was scanned with a step size of 2 µm. All the samples were pre-
pared in the same way as described above. The accelerating voltage used was 
20 kV and minimum boundary misorientation was taken to be 2°. Texture analysis 
(pole figures, inverse pole figures, IPF maps etc.) was done using OIM™ Analysis 
Software4. 

33.3 Results and Discussions 

Figure 33.2 (a) shows the microstructure of the as-cast starting material Ti64-B. The 
microstructure is homogenous and uniform from the periphery towards the center  
of the ingot in terms of all length scales. This observation is quite consistent with  
the earlier reports [9, 10] and can be attributed to the faster solidification rate which 

                                                
1 QUANTA 200, FEI, The Netherlands 
2 Struers A/S, Germany 
3 FEG-SEM, Sirion XL-40, FEI, The Netherlands 
4 TSL Crystallography, AMETEK Inc., USA 
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Fig. 33.1 Experimental procedure showing (a) a bar is cut from the as-cast ingot and (b) the bar 
is divided into six equal pieces for texture measurement. This method is applied for both Ti64 
and Ti64-B. 
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ensures the formation of equiaxed beta grains instead of columnar grains [11]. Hex-
agonal TiB whisker cross-sections can be seen at the grain boundary (see 
Fig. 33.2 (a) inset) forming a ‘necklace’ structure.  

Microstructure of the alloy Ti482, with and without boron, shows lamellar 
structure resulting from a cooling of the alloy from ~ 1400°C, (in the single α 
phase) [12]. The grain size is ~ 120 μm without boron addition and ~ 52 μm with 
boron. The boride particles, which are identified as TiB2 in this case, are randomly 
distributed within the microstructure, and do not present any obvious preference 
for grain interior or boundary region. 

 

Fig. 33.2 Microstructure of the as-cast (a) Ti64-B, and (b) Ti482-B samples. 
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Fig. 33.3 (0001) pole figures of α-phase for as-cast Ti64-B vis-à-vis as-cast Ti64. Both types of 
pole figures are expressed in terms of similar intensity levels. 

Large area scan for EBSD has been carried out in order to get statistically sig-
nificant data. When brought to the same level of m.r.i. (maximum random inten-
sity), the pole figure for Ti64-B reveals less number of contour lines than that of 
Ti64. Also, the total number of intensity maxima is more for Ti64-B indicating 
that this material does not have sharp texture consisting of a few well defined 
components. Texture rather consists of many clusters of orientations; therefore 
overall sharpness of texture is less in the case of Ti64-B. This randomness in the 
solidification texture of the as-cast material can be attributed to the basic grain 
refinement mechanism by boron addition in titanium alloys. As mentioned earlier, 
boron addition increases β nucleation and suppresses its growth. This process, not 
only reduces the prior β grain size, but also increases the number of α colonies in 
a given sampling area as compared to Ti64. Since, from a single β orientation, 
12 different α orientations can be generated in accordance with the Burger’s orien-
tation relationship [13], the refinement in the prior β grain size may lead to the 
randomization in the α phase texture unless a variant selection process takes place 
during the solidification through the transformation temperature. 
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Fig. 33.4 (001) Pole figures of γ phase and (0001) pole figures of α2 phase of Ti-48Al-2V and 
Ti-48Al-2V-0.2B. 

In order to study texture of the alloys Ti482 and Ti482-B, the (001) pole figure 
for the γ phase and the (0001) pole figure for the α2 phase are calculated (see 
Fig. 33.4). The pole figures have plotted with the same intensity level for both the 
phases. For the γ phase as well as for the α2 phase, the maxima intensity for the 
alloy Ti482-B is much larger than the Ti482 alloy. Thus the texture of the both 
phases increases with addition of boron. Further investigation is underway to ex-
plore the reasons for the differences in the response of boron addition to both 
types of alloys.  

33.4 Conclusion 

The solidification microstructure and texture of titanium alloy and titanium alu-
minide with and without boron addition was studied. It is concluded that  

i) Addition of boron refines the microstructure as well as modifies/weakens the 
texture of the solidified ingot for Ti64 and Ti64-B alloys. 

ii) Microstructure of Ti482 and Ti482-B showed lamellar structure. The alloy with 
boron shows TiB2 flakes either at the grain boundaries or inside the grain. In-
tensity of texture of titanium aluminide increases with the addition of boron. 
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Chapter 34  
Effect of Intercritical Heat Treatment 
on the Abrasive Wear Behaviour 
of Plain Carbon Dual Phase Steel 

M.K. Manoj, V. Pancholi, and S.K. Nath 

Abstract. Dual phase (DP) steels have been prepared from low carbon steel 
(0.14% C) at intercritical temperature 740°C and time is varied from 1 minute to 
30 minutes followed by water quenching. These steels have been characterized by 
optical microscopy, FE-SEM, hardness measurements, tensile properties and elec-
tron backscattered diffraction (EBSD) studies. Tensile properties of a typical dual 
phase steel are found to be 805 MPa ultimate tensile strength with 18% total elon-
gation. Martensite volume fraction of D P steel (determined by EBSD technique) 
prepared at 740°C for 6 minutes is found to be 10.2% and the grain size of ferrite 
and martensite found to be 14.39 micron and 1.05 microns respectively. Abrasive 
wear resistance of dual phase steels has been determined by pin on drum wear 
testing machine. DP steels have been found to be 25% more wear resistant than 
that of normalized steel. Short intercritical heating time followed by water quench-
ing gives higher wear resistance by virtue of smaller and well dispersed martensite 
island in the matrix of ferrite. 

Keywords: DP steel, Abrasive wear, Martensite 

34.1 Introduction 

The properties which make dual phase (DP) steels most popular and versatile 
includes high strength to weight ratio, absence of yield point phenomena, high 
uniform and total elongation, good formability and weldability. Currently these 
steels are most commonly used in automobile and structural applications, where 
they have replaced more conventional HSLA steels. DP steels combine high 
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strength of conventional HSLA steels with formability approaching that of plain 
carbon steel and therefore have emerged as a potential alternative. 

The microstructure of dual phase steel primarily consists of ferrite and marten-
site. Ferrite is soft and tough whereas martensite is hard. Wear resistance of 
a material depends on hardness of material as well as toughness to absorb energy. 
Dual phase steel fulfills these requirements as martensite provides hardness and 
ferrite provides soft and tough matrix. Martensite islands also reduce the real con-
tact area which further improves wear resistance of the material.  

Dry sliding wear of DP steel have been studied systematically by researchers 
[1–8]. Very few literatures are available on the abrasive wear behavior of DP 
steels. The contributions of Modi et al. are significant in this direction [9–10]. 
However, it is observed in this work that sample does not move always on fresh 
emery paper as compared to present work where sample always moves on fresh 
emery paper on the drum. 

In the present work a detailed investigation on dual phase steels has been un-
dertaken using plain low carbon steel. Intercritical heat treatment has been carried 
out at 740°C and heating time is varied from 1 minute to 30 minutes. Abrasive 
wear resistance of DP steels having varying martensite volume fraction is studied 
using pin on drum. 

34.2 Experimental 

DP Steels have been prepared from low carbon steel. Samples in the form of tensile 
specimens of gauge length 20 mm have been prepared which are used for intercriti-
cal heat treatment. The chemical composition of the steel is given in Table 34.1. 
Intercritical heat treatments have been done at 740°C for 1, 3, 6, 9, 15 & 

 

Fig. 34.1 A schematic diagram of pin-on-drum abrasive wear tester. 
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30 minutes followed by water quenching (WQ). DP steels have been characterized 
by optical microscopy, FE-SEM, hardness measurements, tensile properties and 
EBSD studies. Abrasive wear test of these DP steels have been carried out by using 
pin-on-drum abrasive wear tester (Fig. 34.1). After the tensile test, the broken sam-
ple from the grip region has been used as pin sample for abrasive wear test. The test 
has been performed at 1.2 Kg normal load and rotation of the drum is kept at 2 rpm 
(Dia of drum – 0.5 m). Emery paper used has abrasive particles of grit size 220. 

34.3 Results and Discussion 

Chemical analysis of low carbon steel used for preparation of DP steels has been 
done by emission spectroscopy and is shown in Table 34.1. Vickers hardness of 
DP steels has been determined at 30 kg load. Five readings have been taken for 
each samples and average have been reported. Figure 34.2 show (a) optical micro-
graph and (b) SEM picture of DP steels prepared at 740°C, 3 min, WQ.  

EBSD technique has been used to determine distribution and volume fraction of 
martensite phase. The step size of 0.2 micron has been selected for EBSD studies. 
Figure 34.3 shows step wise determination of grain size and volume fraction of 
different phases in DP steel prepared at 740°C for 6 minutes followed by WQ. 
There are two peaks in image quality chart (Fig. 34.3 (a)). The first peak which has 
lower image quality (< 545), represents martensite phase where as the second peak 
having higher image quality (> 545) represents ferrite phase. Average grain size  
of ferrite (Fig. 34.3 (b)) and martensite (Fig. 34.3 (c)) found to be 14.39 micron and 

Table 34.1 Chemical composition of as received steel in wt%. 

C Mn Si S P 
0.14 0.56 0.04 0.014 0.034 

 

Fig. 34.2 (a) Optical microstructure and (b) SEM picture of DP steel prepared at 740°C, 3 min, 
WQ. F-Ferrite, M-Martensite. 
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Fig. 34.3 EBSD study of DP steel prepared at 740°C, 6 min, WQ (a) Image quality chart  
(b) Grain size distribution of ferrite (c) Grain size distribution of martensite (d) Image quality 
map showing distribution of martensite phase (e) Inverse pole figure map of ferrite phase. CI – 
Confidex Index, IQ – Image Quality, GS – Grain Size. 

 

Fig. 34.4 Tensile properties (a) and hardness (b) of DP steels prepared at 740°C for different 
intercritical heating time. 
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Fig. 34.5 Abrasive wear of DP Steels intercritically heated at 740°C for different intercritical time. 

1.05 microns respectively. Distribution of martensite phase is shown in Fig. 34.3 (d), 
and inverse pole figure map of ferrite grains are shown in Fig. 34. 3 (e). DP steels 
prepared at 740°C for different austenitisation time show martensite volume frac-
tion varying from 8 to 15%. 

Figure 34.4 (a) shows tensile properties of DP steels prepared at 740°C for dif-
ferent intercritical heating time. The figure shows that at intercritical heating tem-
perature 740°C, variations in UTS is less. Figure 34.4 (b) shows variation of hard-
ness with increasing intercritical heating time. Hardness of normalized steel is 
found to be 147 HV where as hardness of DP steels varied from 243 to 262 HV. This 
variation in hardness is due to variation in the volume fraction of martensite in DP 
steel. At 740°C intercritical temperature variation of intercritical heating time for 
1, 3, 6, 9, 15 & 30 minutes form varying amounts of austenite which on water 
quenching transforms to martensite. 

Abrasive wear test of DP steels have been carried out by using pin-on-drum abra-
sive wear tester. The variation of weight loss with increasing number of rotation of 
abrasive drum is found to be linear (Fig. 34.5). It is observed DP steel prepared at 
740°C for 3 minute of intercritical heating time shows lowest wear and normalized 
steel shows maximum wear. DP steels prepared from 1, 6, 9 and 15 minute of inter-
critical heating time show wear resistance close to DP steel prepared from 3 minute of 
intercritical heating time. Smaller and well dispersed martensite islands in the matrix 
of ferrite shows relatively higher wear resistance property than interconnected mar-
tensite islands in ferrite matrix. It is also observed that DP steels have considerably 
higher wear resistance than that of normalized steel of same chemical composition. 

34.4 Conclusion 

Plain carbon DP steels have been successfully prepared by intercrical heat treat-
ment followed by water quenching. DP steels prepared at 740°C for different aus-
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tenitisation time show martensite volume fraction varying from 8 to 15% as de-
termined by EBSD technique. UTS of DP steels have been found to be nearly two 
times more than that of normalized steel with little decrease in ductility. Abrasive 
wear resistance of DP steels has been found to be approximately 25% more than 
that of normalized steel. DP steels with well dispersed martensite islands in the 
matrix of ferrite show better mechanical and tribological properties than DP steels 
with interconnected martensite islands. 
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